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ABSTRACT

"Single phase pure motals ané alloys deformed at high
temp§§ature3 show large variations in the form of their gtrain-
time éurves and in the st;ess dependence of the strain rate; At
present, it is not possible to bredigt theoretically the mechani-
cal responseé of a givgn alloy.

 This thesis is concerned with th?iQQformation of pure
coppar, copper-5 wt.% tin and iron-3}% wt.® silicon at temperatures
above half the melting point. Mechanical experiments involving
both constant load and constant strain rate tests have established
that these phree materials exhibit a spectruﬁ of behavibur és wide
as any previously reported. Detailed micrdstructural examination
has revealed corresponding variations in dislocation arrangements
and in th@“extént of‘graiﬁ boundary distortion in crept specimens.

It is argued that the form of the priﬁary creep curve
and strain trangients following a qhapga.in étr&ss, obtained in
a given metal, is closely related to the’mobility of mobile dis-
locations, rather than to an intefnal'resistanca ariéing from the
‘éubstructure; To egplain the obseryed.mechanical responses, a
%3&@1 has been proposed;which provides saﬁ; semi-quantitative
prcdlction” of material behaviour.' Both tﬁe mcchanical and micro-
structural results quggeat that the recovery theories of creep, |
in which har&ening and recovery are consxdmrcd e oeparately de-

finable parumetars, do not*d@al realistiq&lly with tha cr&ap

prongae.m”' '
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CHAPTER "1

INTRODUCTION

>

The mechanical behaviour of solids at elevated
temperatures is controlled primarily by thermally acti- .
vated processes. As a result the strength of metals
decreases withgincreasing temperature. . An important R
characteristic of high-~temperature strength is that it must

always be considered with respect to some time scale.

. Under constant stress conditions, déformation at low

temperatures relative to the melting point is essentially
independent of time, involving only a very limited tran-
sient strain. At elevated temperaturégj_; metal subjected
to a constant ténsile stress will undergo a time dependent
change in length. fhis progressive deformation at constant
stress is called creep. The differences in magnitude of

creep ai hiéh and low temperatures are & reflection of

"the fac@lity with which thermally activated processes can

proceed.

Over fhe years a vast array of mechanical data has
been collected describing the strain-time behaviour of _
many materials at elevated temparatures. This'has led to
conziderable advances in thglundegstanding of creep mech-
anisms. Sufficient progress has been made that several of

the deformation mechanicms have been identified, and equa-

4



tions developed, either theoretically or from an empirical ‘
evaluation of the data, to describe the étrain rate under
steady~state conditions, where the rate of exténsion is
independent of time.
' This information cén be used in the construction of
a deformation mechanizm map in which the normalised stress
/G, is plotted as a function of the homologous tempera-
ture T/T + at constant grain size, where qapp is the applied
stress, G is the shear medulus, T is the absolute temperature,
and T is the melting point of the material. Such maps are
constructed by using the best available constitutive equﬁtion
to describe each of the known mechanisms, =o that the maps
are then divided into fields of stress/temperature space
within which a single mechanism dominates the deformation
behaviour. An example of such a map is shown in Figure 1-1,
indicating*six independent ways in which a polycrystal can
be deformed, three of which are creep mechanisms.
These maps have a considerable potential as an
aid in the design and interpretation of experiments and for
ease in handling data used in thz design of engineering
componants such as turblne blades. The deformation map
concept can be extéhded by the use of contour displays to
show th2 ¢ffect of changing variables such as gr&in size
or tha spacing of obstaclesg to aislocation wotion, but
frequantly this woula deman@ a much batter understandzng of
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creep than is presently available in order to generate more
precise constitutive equations. .

In the regime of interest in this thesis, that of
dislocation creep, the models describing the mechanisms tend
to be somewhat idealised derivatives of a basic matter trans-
port process, such as dislocation climb. In their simplest
forms, they bear little‘relation to ﬁBF microstructural
features actually encountered in crept specimens. In
addition, the models are freguently uﬁ;ealistically construc~-
ted so as to provide a theoretical agreement with the experi-
mental value of the stress dependence of the steady state
strain rate. Being derived from a description of the steady
state, the simple models usually lack the more detailed
description needed to obtain a strain-time relationship
and thus cannot be used to predict primary or transient
creep responses, that is, those immediately following a

a

sﬁdgén change in stress. Yet it is these features which
provide the most valuable informatién on material behaviourt
Discrimination between models thus becomes §ery difficult,
as is evidenced by the still continuing controversy over. the
importance of jéé dragging screw dislocations relative to
climbing edge dialacatxons. |

In recent years, incrcasing attention has been paid

\

to the problem of deciding the extent to which creep is
dependent on tha‘diglécation substructure. Improving tech-.

}
ke . {




nigues of microstructura} observation have permitted ex- |
tensive examination of the internal structure resulting from
crecp deformation. The detailed dislocation structure
becomes important because the dislocatibnzs are not uniformly
distributed after deformation, but are arranged in roughly §
planar groups or cell walls. Unfortunately, the sfructural ‘
obzervations are frequently not capable of indicating the
5§erating dislocation mechanism, particularly in the steady
state, where there are no changes in macroscopic variables
to which the substructure can be related.

There is, thus a need for models relating the creep
proceéss to structural hardening, analogous to the work
hardening theories applicable to low temperature deforma-
tion, which were developed over a decade ago. Such models
would seek to provideipredictiona of the sub—grgin size,
at least in the steady state, and also descriptiong of the
structural changes accompanying a creep transient. The
extent to which the machanical response arises from str&?f'
tural effects should also ba capable of assessment. ~

Comronly matallic solid colutions are divided into
two categories in regard to créép'behaviour. Those desig-
nated as class I materials exhibit a powcr law depﬂndence
of craap“xate wnﬂre<§he stress ﬂcgendcnce is about 3, and
choxt t;ansientg. Class II alloys eahibit a 5 powar

dcpondence gnd oxtensive transients, both of which are algo




shown by pure metals. It has becen argued that sub-grain
formation is a feature of class II material .only. However,
~the increasing store of experimental data has'baen accom~-
panied by reve;ations of more variable bchaviour, andlihere
are hybrid alloys which show a mixed class I-class II
character.
Thiz thesis is concerned with an assessmant of
the relationship bétween substructure and mechanical be-
haviour during high temperature deformation. 1In line with
the foregoing comments, this study has been perform=d on
several materials having basically dissimilar creep pro-
perties. It includes the mechanical measurement of both
primary and transient crecp responses as well as of those
characteristic of steady state deformation. A theoretical
description of these transient responses has been §3fluded
to provide insight into the role of the substructure.

" Each of the materials studied has also basen sub-
jected to microstructural examination. Apart from the
meacuremant of substructural paramateis, an attempt is made
to assess the degrez of homogeneity within the substructure.
Tﬁis is an important feature since the grain boundary
deformation, slip bands and quormation bands, which are

often found in crept specimenz, might lead to inhomogeneities

'in th> pubstructure. Thug, it i5 of intcrest to know the

. ciztent to vhich the substructure roflects the instantancous

e o s B I g YO —
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deformation rather than the strain history. An attempt
has been made to model the behaviour of sub-boundaries
during steady state creep so as to provide a prediction of
the sub-grain size. The models have of necessity been
restricted to views of uniform microstructural activity,
that iz without reference to grain boundary movements or
deformation bands. Since the creep rates of metals are
believed to be semsitive to the substructural changes that
take place, the formagion of a realistic creep theory must
at least consider, and if possible predict, the significant
substructural features in order to arrive at an appropriate

description of high-temperature creep.




CHAPTER 2

GENERAL DESCRIPTION OF HIGH

TEMPERATURE CREEP BEHAVIOUR

2-1. Introduction

The following chapter briefly reviewzs the current
experimental findings concerning the basic aspects of high
temperature deformation. The regime of interest deals with
relatively coarse grained single phase materials at temper-
atures between 0.4 and 0.6 Tm fhere Tm is the melting
point, and strain rates belfw lo‘l/min.

A certain emphasis has been placed on the descrip-
tion of dislocation substructure and creecp transients as
well as on g?ose features_which provide indications of
differences in bechaviour between pure metals and certain
of their allqys. These aspects will be of primary interest
in thz experimental work described later om.

Garofalo k1965), Sherby and Burke (1967), Muk-~
herjee et al (1969) and Lagneborg (1972) have all published
detailed reviews, but with differing emphasis on substruc-

tural effects.

’

Any dascription of high temperature deformation

must necegsarily touch upon the concapis of -theymally

. ‘QV




activated flow ana internal stress. Appendix A provides

a brief summary of their underlying thzory.

2-2. Creep Curves

The strain-time plots obtained from isothermal
constant stress uniaxial tensile tests on annealed single
phase materials can be described in terms of a three-stage
curve. Stages II and III are regions of constant and
accelerating strain rate, respectively, though the duration
of each stage varies considerably fro=m one material to
another. Two fundamentally different types of stage I
behaviour are encountered and these are depicted schemat-
ically in Figures 2-1(a) and 2-1(b). Pure metals and a large
number of solid solutions have primary negions\over relatively
large strains and of decreasing strain rate (Figure 2-l(a)).
This is designated "normal" primary creep. Another group
of solid soiutions showsaareiatively'sgall primary strain
within which the creep rate may be increasing‘or dgcreasing
(Figure 2-1(b)). ’

‘ Increasing amounts of prior cold work may cause
a gradual chéﬂge in the shape of the stege I from one of

"o ~ ©  to one of increasing creep rate, al-
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generally the same as in the annealed metal. Recrystalliza-
tion or phase changes occurring during deformation may also
cavge distortions in the shape of the strain-time curve.

The third stage of creep is associated with the
onset of localised necking aﬁd the format%gn of cavities,
particularly at grain boundaries, leading to tensile
fracture. It is apparent that the extent of stage IIIX
will depend critically on the microstructural stability
of the material. 1In addition, if testing is performed under
constant load conditions rather than constant stress, the
increasing stress during straining tends to promote longer
stage III straing at the expense of stage II. The terms
secondary creep, steady state creep and stationary creep

-
all refer to stage II. A/
o

2-3., Empirical Strain-Time Creep Laws

Various relationships have been used to describe
crecp bechaviour during stages I and II. At intermediate
and high temperatﬁres (above 0.4ATm), the most satisfactory

one is of the form:

Y e it (2-1)

-3
= + -
[ €y * E (1 e 5

t
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where €o is the instantaneous strain on loa ‘ng,,et is
the limiting transient creep strain, and e, s the secon-
dary creep rate, a is a constant (see Figure 1(a)).

This type of relation appears to give good fits to
experimental data for a variety of pure metals and alloys
showing "normal” primary behaviour (Garofalo, 1965).

The instantaneous strain, e€_, increases approximately

o
parabolically with applied stress, implying a preponderance
of work hardening during this élastic extension similar
to that found in low temperature deformation.

There appear to have been no attempts to fit a re-
lation such as {2-1) to the types of curve shown in
Figure 1l(b) other than by considering only th7t part of

primary creep during which the strain rate is decreasing.

2-4. Stress and Temperature Dependence of Creep Rate

Steady state creep rates that are measurable in a
laboratory experiment (that is, greater than about lo-slmin)
are found at stress levels greater fhan about 10'5 G,.where
‘G is the average shear modulus, and at temperatures greater
than about Tm/B where Tm is the melting temperature. This
stress and temperature dependence arises predéminantly

isa * r ‘ wvated process.
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Thus local thermal activation provides added energy, beyond
that provided mechanically, to overcome barriers to the
transport processes giving rise to creep deformation.
The stress both helps to overcome these barriers and also
gives direction to the resultant flow.

Fairly coarse grained pure metals and solid solu-

5

tions stressed between J.O”3 G and 10°° G at intermediate

temperatures usually obey a power law relation:
é =B oo : (2-2)

where és is the secondary creep rate, and Gapp is the
applied stress, B is a temperature dependent constant
related to the self diffusion coefficient. On the basis
of the value of the constant n, i£ is found that such ma~
terials can be roughly classified into two groups. Pure
metals and the so-called class II sofid golutions have n
values ranging from 4 to 7, while another group of solid-
solutions {(class I) have n values ranging from 3 to 4
(Sherby and Burke, 1967). For the purpose of this thesis,
class II materials are taken to include pure metals. '
At stresses greater than about 10"3 G the creep

rate increases faster with increasing stress than pre-

dicted by equation (2-2). 2n expression of the form:
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. . n -
gy = A (sinh (a oapp) ) (2-3)

has been advanced (Garofalo, 1965) to provide a unified ex-
pression of the power law at lower stresses and of the expo~-
nential law at high stresses, such that"a change in mechanism
does not have to be invoked.

Cannon and Sherby (1970) have proposed a criterion for
class I and II behaviour in terms of the size difference be-
tween solute and solvent, ané.the solvent elastic modulus.
Class I alléys have high size differences and relatively low
moduli. The correlation appears to be good (see Figure 2~2)
but at present is largely empirical. »

Thermally activated processes show a rate depen-
dence on temperature predominantly through the Arrhenius fac~

tor, and the general expression for the creep rate is of the

form (Garofalo, 1965):

. ~AF1(T,S)
E=2ZX, 2, {(v,?,8) o, (T,8) exp ————— (2-4)
1“1 i -
ith mechanism. If

Here AFi is the activation energy for the
several mechanisms operate simultaneously but independently,
the fas;est one will reguire the lgwast activation energy and
control. If t?ey operate dependently, the slowest one, re-~
guiring the largest activation energy, will contxrol. The
function z; may depend on temperature T, the fréquency of
the flow unit v, and on the stxuctuxe term S which itself
includes the number, dist:ibution and length of dislocations,
the grain size, and other geomestrical details. The stress

function is also temperature and structure dependent.

i
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5. Fe-Si
v+ 6. Cu-aAl ‘ . /

Figure 2-2. Grouping of alloys according to
volume size factor and elastic
modulus. (After Cannon and
Sherby, 1970).
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Zi may also include an entropy term but in practice this is

usually neglected.

Since the precise forms of the functions 24 and CH
are not known, experimantal procedures are generally de-
vised to maintain them constant (i.e., by abrupt changes in
temperature to give before and after creep rates at constant
structure) so as to determine the apparent activation energy.
A lknear plot of ln ¢ against % implies a single rate
controlling process and the slope gives the activation
enerqgy.

| The apparent activation energy for crecp in single
phase material has generally been shown to be in good
agreement witﬁ that for self diffusion, and this correlation
is improved if the temperature dependence of the elastic
modulus contained in the pre-exponential term is alldwed
for. Lack of detailed diffusion data for most alloys has
generally restriéted these comparisons to pure metals, but
those alloy systems for which it has been done have also

/
yielded good agreement. /

Dorn and his co-workers (Mukherjee, Bird and Dorn,
1968) have combined the stress and temperature dependencies
of creep rate into a semi-ecmpirical expresaion for the -

steady state creep rate, viz.: .

¢ »

B KT o,
5 =p (-SERyD (2-5)
R G .

! ~

e e
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where D is the self diffusion coefficient, b the burgers

vector, G the shear modulus, o the applied stress, T

app
the temperature, and k Boltzmann's constant. This is a

form of equation (2-4) at constant structure. It is

argued that using this expressién, materials can be grouped
into such crystallographic categories as FCC pure metals
and FCC class II solid@ solutions, BCC pure metals, class I
alloys, etc., for which a common A and n value will predict

creep rate values within at worst an order of magnitude of

experimental rates, and frequently much closer.

2-5. Grain Boundary Contributions to Creep

For grain sizes above.a critical value (typically
about 0.05 mm) there appears to be no appreéiable grain size

effect on the secédndary creep rate. In particular, the

N

creep rates for single crystals are reasonably close to those

—» fOr polycrystals of the same material over the same stress
*;ange. The experimental evidence is, however, inconclusive
and there is little information regarding the grain size
effect in alloys.

Grain bpundary sliding and migration are prominent
N features of polycxfstalline materials aqforming ig creep.

Eoth reflect the ¢ctails of plastic £loww in the grains
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themselves and the continuity requirements of the aggregate,
and through~the‘associated development of grain boundary
serggtions and voids, have an important effect on créep
ductility.

- Except at small grain sizes, grain boundary flo&
appears to contribute an approximately constant fraction of
the total strain during both primary and secondary creep.
This impliesg that the boundaries do not have a controlling
influence on the deformation and that the sliding and migra-
tion processes are controlled by the deformation within the
grains. The ratio egb/e‘_iotal at cgnstant stress is found to
be largely independent of temperature, but it increases as
. the stress is decreased; The activation energy obtained
from grain boundary sliding experimants agrees with those
for self diffusion, which again suggests a close relation-
ship between the deformation of the grain boundaries and of
the interior of the grains.(Stevens, 196&).

Fregquently, the boundary flow is found Fp be
initially localised closa to the boundary but sﬁbsequently
to take place over a boundary zone in the neighbourhood of
which finzr suhgraina ‘may be found than elsewhere. The
displacwmsuts are ganerally non-uniform along the boundary
and extensive sliding and migratign may repult-in the forma-
ticn of serxrations in th2 boundary due'go the interaction of
migrating boundaries with subgrain wallp. In copper above a
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grain size of 0.1 mm, grain boundary processes contribute
about 15% of the total strain above 0.5 Tm (Shexby and
Burke, 1967). Similar valuesg have been reported for alumi-
nium and aluminium-magnesium alloys (which generally show

class I behaviour).

2-6. Subatructural Changes During Creep

The energy of a crystal containing randomly distribu-
ted dislocations is lowered when they are removed or when they
rearrange themselves into planar groupings of more or less
regularly spaced individual dislocations, particularly when
these are free of long range internal stresses. The forma-
tion of tilt and twist boundaries during annecaling of a
crystal deformed at low temperature is a manifestation of

‘ this fact. The annealed crystal consists of blocks of
“”"‘”“\wgsgizﬁvely stress free material separated from each other by
. ; 8 undg;ics and which are slightly»misérienteé from one
another., ' ' . ‘ ‘
Deformation at very 16w temperatuxes~(i.e., at_7?°K
in iron (Keh, et al, 1963)) proﬂﬁcas a’ random distributiqd\of
dislocatiéns.r P\ the dcformatian tcapcrature is lncreased,
dislacatxen mobility increases thr@ugh the increasing case
oi.such ﬁhcrmally activatﬁa processes as dislocation inte;—

LTl I —"

et ot g
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section, cross-slip, interactions between dislocations and
péint defects, and climb. As a result, those dislocations
which survive the annihilation proceggés occurring within the
crystal, tend increasingly to arrange themselves in sub-
boundaxies:'and the overall dislocation distribution becomes
increasingly inhomogeneous. Correspondingly the disloca-
tions within the sub-boundaries themselves tend to become

more regular as the testing temperature increases. Such an

arrangement is known as a cell structure or sub-grain struc-

ture. .

It has long been recognised that the change from
primary to secondary(grecp implies tha developmant of a
steady state among those substructural parameters which
influence the macroscopic flow.  As a result, a considerable
effort has been made in recent years to determine precisely
which microstructural features do reach an equilibrium, and
how these features relate to the externally measured macro-
scopic variables.

Among ‘the impoftant substrhctural'paramaters are
conzidered to be the tendcncy to subgrain formation and the
nature and distributxen of dialocations within the subgrain

"malls apd in tha cell intorior. In addition, the. relation-

shxpa betaﬂen strezs, gtrain and twmmerature ‘on tha one hand,
and ths dialocation d.nsity, uubgrain diomnter aud misorien=

tation aczass th aub~boaaﬁaxims ¢n thg other, are frequent;y

~°,
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determined. _ : i
The tendency to form subgrains has frequently beeé
related to the existence of "normal"” (i.e., that typical of
pure metals) primary creep, involving large strains, and
materials showing pfimary behaviour involving only small |
strains, or showing "inverse" primary creep, particularly |
class I alloys, were thought not to be subgrain formers.
Pure metal bechaviour seems to confirm this criterion, but
there seems to be a spectrum of alloy behaviour in which
gsom2 alloys showing inverted primary creep strains and
low stress exponents do in fact form subgrains (Fuchs and
Ilschner, 1969) while a few cases also exist where a fairly
large primary creep and/or high stress exponents do no?
coincide with early subgr%in formation (Evans and Wilshire,
1970). Thié diversity of behaviqur may be linked to varia-
gions.in stacking fault energy kwhich may also influence the
~ subgrain size) but it could-also be taken to implthhat~the
" characterisations of class I and clasg II materials do not
necessarily relate to differences in the rate controlling
dislocation mechanism. ‘
The current view of sungain formation (Bird,
Mukharjee and born, 1969) iz that during the initial period
ofcrapia étraining a*répia incfeasé(in dislocation density
occurs to give a rough - cellular diétrfintion gimilar to that

obtaincd in stage IIT deformaticn at.Jowar temperatures. This
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structure then undergoes rapid but gradual rearrangement
(either by disintegration of the ceil walls or by localised
movements) so that a subgrain structure is evolving quite
early on in the primary stage. The sub-boundaries become
increasingly well defined and the subgrain diameter smaller
(being typically between 2 and 25 migrons) as deformation
proceeds. After its initial increase, the dislocation
density not associated with sub-boundaries (often consid@¥é£
to be a measure of the mobile dislocation density) decreases
gradually so that the overgll dislocation distribution
becomes increasingly inhomogeneous as straining proceeds.
Experimental evidence also indicates that in the steady

state (secondary crecp) the-subgrain siza»sub-boundary
structure and dislocation density within subgrains all reach
constant values, though the structure is quite fossibly
dynamic in the sense that continuous rear;angement,is occurring.
Eviéenée concerning the misorientations ﬁéross the sub-
boundaries seems increasingly to indicgte that they are usually
less than 1° in maénitude, and slowly increase during stage
11 creep (Orlova et al, 1972). However, miﬁbrientation has
frequently been considered to be anothor unchanging variable
during secondary cresp (tlukharjec ot al, 1969), There

appear to be no ayétematic variations of misprientation

with either temperature or stress.
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The subgrain size and dislocation density within
subgrains are strong functions of stress, but at constant
stress, are insensitive to temperature. There is evidence
to suggest that the same relationships hold whether the
stress variation results from a variation in strain rate or
from a wide variation in temperature, which implies that these
substructural parameters are not/directly related to the
mode of dislocation motion, at least in pure metals (Staker
and Holt, 1972).

The ave;age subgrain diameter reached during secon- -

dary creep is found to be inversely proportional to the

applied stress, and the empirical relation:

L2 (-5 (2-6)
b %app
where L is the subgrain size, b the burgers vector, and G
the shear modulus, has been found to provide predictions of
subgrain size within a factor of four of all experimental
data. fThis equation probably overestimates the subgrain
size since much of the data on whic§ it is based was obtained
by etch-pitting which generally gives higher values than
does transmission electron microscopy.
?islocation density within pubgrains is given by:

L
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where n is determined to be between 1.5 and 2. Both
equations (2-6) and (2-7) are described in detail by
Bird et al (1969). 2Equation (2-7) corresponds quite well

to the relation:
o=aGb o? (2-8)

which is frequently made use of at lower temperatures and

which arises principally from dimensional considerations.

"Equation (2-7) is also obeyed in non-subgrain forming mater-

ials where experimental studies indicate both increases and
decreases in density may be possible during primary creep
(Lagneborg, 1969a; Evans and Williams, 1972). Dislocation

6 to 1010 per.cmz.

densities generally fall in the range 10
In regard to the actual structure of the dislocation
gub-boundaries, the most detailed work has been carried out
in single crystals of molybdenum (Clauver et al, 1970) and
copper (Gupta and Strutt, 1967; Hasegawa et al, 1970; Orlova
and Cadek, 1970). Inevitably polycrystal studies are less
detailed because of the more complex deformaéion and the
uncertainty in crystallographic orientations in thin foils.
A common feature of the FCC single cxysta% observa-
tions is the'formatioﬁ of c§arse slip bands parallel to the
(111) primary slip plane in crystals oriented for glide on

a single slip system. After extensive straining deforma-~
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tion bands of fine subgrains lying in the (101) plane (per-
pendicular to’the primary slip direction) are fregquently
revealed by etch pitting (Gupta and Strutt, 1967) or thermal
etching (Orlova and Cadek, 1970). Clauer et al reported
fine subgrains within pronounced =slip bands, and estimated
that about half the total tensile creep strain in molybdenum
resulted from slip on a highly stressed system within these
coarse bands, a comparable amount resulting from fine slip
on an alternative system. Both coarse and fine slip bands
and deformation bands have been found after creep of both
single and polycrystalline aluminiuﬁ {(Garofalo, 1965).
There is no ﬁuantitativé data on the partitioning of strain
between coarse and fine slip, the extent to which the initial
deformation modes persist during primary and éecondary creep,
or on the shape changes accompanying creep in single crystals.
The formation of subgrains with characteristically "tidy”
appearance at high temperature is often considered to result
from easy non-planar slip (Challenger and Moteff, 1973).
Thus, the process of subgrain construction is generally
described without reference to slip lines and deformation
bands, concentrating on homogenecus flow and fine slig,

‘ Fwithin tha bands of fine subgrains, Gupta and Strutt
(1967) found rough cellular arrangements of etch pits which-
coarsenad with strain vhile developing into well-defined

subgrains. These were equiaxed in som2 areas and elsewhere
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elongated along the primary slip directiop. The subgrains
within deformation bands remain finer than elsewhere. Hase-
gawa et al (1970) also found colonies of so-called "low
angle" sub-boundaries of a few microns diameter, within
"high angle" boundaries of several hundred microns separa-
tion, but.the corresponding misorientations were not given.
. Etch pit studies in copper also indicate isolated long
sub-bouﬁdaries tens of gicrons apart encompassing smal¥
subgrains, and a similar duplex structure has been obsgerved ‘
in LiF single crystals (Reppich, 1971).
N Studies of crept polycrystals have reported more

@ uniform eqdiaxed subgrains. The material used in creep
studies ié fairly coarse grained and will generally have a
pronounced recrystallisation texture, so that similar slip
modes to those in single crystals should operate in many

i . grains. Non-uniformity of substructure is found from grain

to grain or between grain interiors and regions near the

—

~_Q\ﬁg?undaries. Barrett et al (1966) found bands of subgrains

in some grains in etch pitted silicon steel and equiaxed

subgrains in others which were finex adjacent to the grain
boundary. In many cases such variations in substructure
are not detected because insufficient foil area is surveyed.

*

However, whilgt Orlova et al (1971) detected elongated as

.

well aé equiaxed subgrains in iron, Karashima et al (1971),
‘1. a higher test temperature,
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did not report such variations in their HVEM study.

There arxe relatively few detailed analyses of the
types of dislocations making up the sub-~boundaries or of the
misorientations across them. Burgers vector determinations on
dislocations within sub-~boundaries and/or trace analyses have
been carried out on FCC material by Orlova and Cadek (1970)
and Hasegawa et al (1970{,on copper, by Myshlyaev et al (1973)
on aluminium, and by Challenger and Moteff (1973) on stainless
steel. The most detailed work, however, is that of Clauer
et al (1970) on molybdenum. '

In the FCC systems, the sﬁb~boundaries form'ﬁy the
intersection of dislocations belonging to the highly stressed
slip systems on intersecting (111) planes, primary dislocation
activity predominating. The most commoqu observed boundaries
are pure tilt walls lying in thé’(in) plane (normal to.both
the primary slip direction and the primary slip plane) which
is also parallel to the deformation bands. In addition,
predominantly twist boundaries ére found lying in‘the (111)
‘primary plane (Orlova’and Cadek, 1970) .

Little hformation has bﬁan obtained on dislocations
within subgrains. Those obgervers advocating a jogged-screw
model for creep (Bésegawa et al, 1970) have reported evidence
for jogs on dislocations within subgrains, but their visual
identification is beyond the resolution of the electron
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\

An added complication to the assessment of the role
of substructure in creep is thé possibility of sub~boundary
migration and coalescence. Li (1966) has outlined the basic
kinetics of coalescence, and there are isolated bits of evi-
dence arising from studies oéZEieep in pure aluminium which
suggest that these processes may make a significant contribu-
tion to the total strain (Exell and Warrington (1972) sug-
gested up to 258). It is particularly difficult to establish
experimental methods of separating out such contributions
because of the essentially static nature of the observations
(usually measurements of surface tilts resultidg from sub-
boundary movement) of what is clearly a dynamic process.
However, the fact that subgrains are in many cases thought to
remain more or léss equiaxed during large strain increments
suggests that the motion of dislocations associated with sub-
boundaries. either individually or in groups, must be occurring,_

and correspondingly contribute to the strain.

2-7. Transient Behaviour

The use of £he word transient in this thesis is
restricted to the hiséory dépendent effects observed after a
specimen deforming in aléteady state regime is subjected to
a sudden change in stress or strain rate.’ Several such ob-

¢ . .

5
W
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servations have been reported on crept specimens, usually
involving a stress reduction, but few systematic studies have
been made involving both increases and decreases in stress

at high temperature (Sherby et al, 1956; Raymond and Dorn,
1964) .. The initial response to a change in stress or strain
rate may reflect a complex superimposition of elastic and
anelastic effects, as well as continued forward straining.
After a short time, however, the strain rate or stress re-
sponse bhecomes characteristic of tbe deformation process.

Class I and class II materials are found to give
different étrain transients fQllowing a reduction in stress
during creep. Figure 2-3 shows the responses Sf pure alﬁminium
(clagss II) and aluminium - 2.1 at:§ magnesium (class I).

In class II materials there is aﬂfabrupt drop in creep rate to
a valye below that typical of the steady state gt the

lower stress followed by a region of increasing strain rate.
In class I material the strain rate decreases during the
transient towards the new steady state value.

The conventional explanation of these observations
is that the subgrains in the class II material provide a source
of strength zo that at the lower stress the creep rate is
retarded until the substructure has coarsened to the scale
appropria?e to the new stress. Appére@tly the mobile dgnsityﬁ
- within subgrains either does not control the strain rate,’or

A . 31 the supply bf such dislocations.
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Metallographic observations of subgrain coarsening during the
transient appears to support this kind of interpretation
(Barrett et al, 1970).

Raymond an& Dorn (1964) made a detailed study of
partial unloading and reloading transients in éure aluminium.
By measuring the initial creep rate after various values of
load drops from a given steady state condition (that is from an
ostensibly constant structure) they were able to show that the
creep rate is a stronger function of stress at constant stru?-
ture than under conditions where the substructure was allowed
to equilibrate,to the applied stress (Figure 2-4).

( In a class I material, the trassient observations
imply that subgrains eighér do not form, or do pot provide the
resistance to flow 6un% in class II materials. The creep
‘rate is thus proportional to the dislocation density, which,
after a stress drop, decreases during the strain transient,

as does the strain rate.

In addition to stress change tests, strain rate ®thange
tests have ococasionally been used to study high temperature
heformation processes.‘ Transient stress and strain rate
responges have also been used to determine the level of
internal stress during cresp. Owing to the mores detailed
theo:eticallapproach required in discuésing"these techniques,
they will be considered further in Appendix A.
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in o app

Figure 2~4, - Schematic diagram of the initial creep rates
. (points b-e) resulting fron’ gtress drops Ac
during secondary creep. The full line shows
the stress dependence of the steady state
creep-fate. (After Bird, Mukherjee and Dorn,

- 1969). . . o
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CHAPTER 3

\ CREEP THEORIES

3-1. Introduction

There are two fundamentally different ways of
looking at creep deformation caused by dislocation motion.
The first view is that the strgin rate is controlled by the
mobility of gliding dislocations which in turn is sensitive
to the digtribution of logal obstacles to flow. Thus,
dislocations glide in a viscous manner an§ there is little
or no resultant substructural hardening. The other considers
the initial glide event to lead to some structural change,
such as a pile-up or the refinecment of a dislocation net-
work. This change provokes a recovery response to off-get
the structural ﬁardening, whf&h usually involves diélocation
© climb and annihilation. Generally, in this type of approach
the creep rate is controlled by the rate. of recovery.

Such is the diversity of possible machanisms that,
given these two views, it is possible to devise numarous
models to describe creep 6eformation. Eoﬁever, bacause
of the lack of clearly critical feoatures, that is, those
| indigenous to the grocess rather than indirect consequences,

discriminatien ‘botwoen theoxies buBGI“B vcry difficult.
| is compoundca by thﬂ fact that rany of the
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models were derived to describe only the steady state
regime through a balance between either glide and climb

or hardenﬁ%g and recovery.

K
As\ ﬁr9sult, the basic mathematical relationship

used for the purpose of comparison with experiment has been
the stress dependence of the secondary creep rate. The

strain rate is commonly written:

= pbv | . (3-1)
where p is the mobile dislocation density, b is the burgers
vector and v is the mean dislocation velocity. Since the

dislocation density inevitably obeys a quadratic stress

.dependence, then any applied stress dependence greater than

2 must come from the éialbcation velocity. In practice,
it is-thec;etically very difficult to justify a velocity-
stiess dependence much greater than unity. NIn addition,
th2 ranée of exponents measured experimentally even for
a single class of material suggests that this parametér
hag little fundamental significance.
There are three hajor models for the rate controlling

machanism governing dislocation agtivity during high tempera-

tuxe creop. Two of them, thefdislocatidn climb model (Wéert-

man, 1957a, 1968) and the jogged screv dislocatlon rxodel
the = our of clags IX
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type materials. The other, the viscous drag model (Weert-
man, 1957b) is concerned with materials in which disloca-
tions experience a strong solute drag and which is ty@ically

a class I alloy.
All three models describe a steady state dislocation

‘motion, the former two predicting a value of 4.5, the latter

a value of 3, for the stress exponent of the strain rate.
While the viscous drag theory provides a plausible explana-
tion of class I solid solution behaviour, the climb and
jogged-screw models employ somewhat artificial descriptions
of dislocation .velocity and density respectively, to arrive
at a sufficiently high stress exponent. In accordance with
experimental results, all the modelé predict a temperature
dependence of the creep rate primarily through the relevant
diffusion coefficient,

None of the models make any assertions about either
primary creep or sub~grain formation, or about the form of
cieep transients resulting from stress changes. The only
3ubstru§tura1 features predicted bg the models, namely
dislocation pile-ups (for th2 climb model) and jogged screw

dislocations, have either not bcen observed or are at the

- 1limit of resolution of the electron microscops. On the

other ﬁand, the viccous glide modal cannot be used to pre- '
dict waich alloys will chow class I beshaviour.

<
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In the following sections, various more macroscopic
approaches to the creep problem are outlined. Those models

most pertggzzt to the data derived during this investiga-

tion are described in more detail in Chapter 6.

3-2. The Basic Recovery Creep Model

”

Steady state creep is regarded as a situation in
which strain hardening and thermal softening (recovery) are

in balance, Orowan (1946) originally defined a coefficient

of work hardﬁ?;ng:

30
h = ( e )rgo ' (3-2)
from the slope of a stress-strain curve in the absence of
recovery, and a rate of recovery:

r=s - ( a )h=0 (3"3)
from the decrease in yield stress with time when a work
hardencd specimen is annealed. More recently, h and r
have been detormined frem the strain Ae and the time At

required to establish a new stcady state after a small
or : Ao from an already eatablzahed
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secondary creep (Figure 3-1). "h" can also be found from

the same specimen deformed at room temperature to the same

temperature-adjusted stress level (Mitra and McLean, 1967).
During the steady state the flow stress remains

constant, hence:

|
dc=(§%)dt+(§%)de=o (3-4)

i.e.,

(7}
i

(the Bailey-Orowan equation)

Experimental tests of equation (3-5) have qpnfirmed this
relation, but the values for h and r tend to be high. For
example, Mitra and McLean obtained values for ﬁ up to 1.5 G
for nickel and aluminium. The hardening msasuremsnt must
have been performed ciose to the elastic-plastic region,
where the machine effects are largest and the potential error
greatest. Furthermore, the recovery rate is measured in the
complicated transient region where the substructural changes
cannot be expected to be the same as those resulting from
simple recovery. The balance'betwaen hardening and recovery’
implies a dynamic balancé'between the accumulation and. attri-

tion of dislocations and an independent measure of r may be

(3-5)
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* and h.
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unrelated to this interaction.

The Orowan theory makes no assertions about the
stress and temperature dependencies of the strain rate, or
of the substructural aspects of steady state creep. Numerous
moxe detailed models have been proposed and these are dis-
cussed below, being crudely classified as Network Growth and
Glide~Recovery models. Gittus (1971) has also formulated
a non-structural recovery model which is described in Chapter
6. It should be noted that Weertman's climb model falls
within the recovery framework, and that the viscoué glide,
and jogged-screw dislocation mechanisms do not preclude a

&
balance between hardening and recovery.

3-3. “Network Growth Models (McLean, 1966, 1968)

The substructure is assumed to be a three-dimensional
dislocation nétwork located within subgrains from which
gegments can be freed by thermal activation, move a certain
distance and then be held up again, thereby hardening the
material by refining the network. Recovery tends to reduce
the total density by coarsening the network in a manner
analogous té grain growth (the dislocations climbing or
dragging jogs) so as to permit further release of gliding

in




.

balance.
The recovery rate can be calculated from the rate
of increase of mesh size, using an aﬂalysis originally due
to Friedel (1964). Based on the change in line energy of
the network, the recovery rate is found {o be proyortional
to p3/2 (and thus to 03 ). McLean (1968) took the hardening

app
¥ate to be proportional to 1/02p . a higher dependence than

P
is commonly found at room temperature, and the model thus
gives a powef‘hf 4-5 for the stress dependence of strain
rate according to equation (3-~5).

Since the model is not mechanistic enough to permit
the creep rate to be evaluated by equation (3~1), an indirect
approach is made, by viewing the hardening and recovery>
processes as causing a net change in’internal strea€. This
is reflected in the height of the energy barrier to be
overcome by the dislocation, that is in the activation energy.

- The creép rate can be expresseé as:

«‘

¢= ¢, exp - bA (he-rt) | (3-6)

kT

where h and r are now partiz differentials of the internal

stress and are functions of time during primary creep. €,
L \

.is the creep rate at t = 0, and A-is the activation area. .

In principal, h and r can be expressed in terms of some

Y
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structural parameter (usually the dislocation density) the
time dependence of which can also be estimated, and the
equation solved to yield a strain~time relationship. An
approach of this type, due to Lagneborg (1969b) is discussed
in Chapter 6.

A major weakness of the network growth model, as
with most other theories, is that it does not QFa& realis-
tically with the mobile dislocation density, the ;ntirg
éensity being used to derive the recovery and hardening
terms. In.practice only a small fraction of the links in
the network will be potentially mobile at any given instant,
and this fraction will change %iggn;ime during primary g
creep, as the network changes scale.

Lagneborg (1973) has recently attempted to define
this mobile density in terms of a distribution of link
lengths:in the network. The elastic interactions between
dislocations at junctions in the network is considered to
give rise to an athermal barrier expresséh in terms of the

- st¥ess on the dislocation required to ove%come it;o

!

\
|
|

1¢ Q82
¥

= aGb
.

where G is the shear modulus, and & is the link length

between junctions. Thus, only those link lengths over a

-

[ -
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certain size can break free and become mobile. For example,
if Uapp/é 1s 1073, and taking ¢ = 1, b = 2.5 x 10°° cm,
£ = 0.2 microns. If the network were imagined to be in the

form of a three~dimensional square array, this would give a

2

dislocation density of about lolo/cm which would be a lower

bound, since most of the network w&%ld be finer than this.
Equation (2-8) would predict a density of about the same
magnitude at this stress, since it was derived from consider-
ation of similar elastic interactions.

The problem is now one of describing the distribution
of link lengths in the network‘at any time t, by considering
the net effect okaardening (the xelease of links and their
gliding to other parts of the network) and recovery (the
coarsening of the network by both the ah¥inkage and expansion
of the mesh). The creep rate can then be defined directly
in terms of the rate of change of the distribution, from
the rate of release of links in the network (the gliding
of free links being assumed to be rapid and to provide the
creep strain). S

This approach is attractive since it obviously is
a much more realistic view of mobileﬂdaﬁaity and of the
dynamics of the nEtwdikﬂ At present, it suffers from an
inabilitg to predict a true steadyﬂétate, and from a‘degree
of imprecisioﬁ in the distribution function arisin§ from

o 4 _ oo
of - on . Y3ig to describe the link
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release rate. The mobile dislocation density obtained from
this analysis is still larée, being about 40% of the total
in the steady state, but the model does provide a reasonable
strain-time fit to experimental data.

A major weakness of the network growth theof& is
that the type of substructure envisaged does not resemble
that observed in practice and in particular that the
theory ignores subgrain formgtion. Generally, those dis-
locatiods located within subgrains Iack the regularity of
distribution implied by the model. To sustain the network
view of the substructure, increasingly reference is made
to materials which are non-subgrain forming (primarily iron-
chromium-nickel alloys) and consequently maintain a much
‘more homogeneous dislocation distribution throughout creep,
thus approximating to the network structure. v

Not only are thece materials not typical, but in
regard to the key experimenﬁal substruétural 6bservation,
that of the dependence of dislocation density on strain,
contfadictory regults have been reported. Lagneborg (1969a)
obgserved an increasing dislocation:density during primary r
creep while Evans and Williams (1971) found‘a'decfeasing
density (as is also found in 8u§grain forming material).
Consequentl&,\two recovery views of primary creep have been
developed.. iagneborg (1969b) considered primary creep -to
reflect the initialbdo?inéﬁbe of the haréening process




causing a progressive refinement of the network and thus
a gradual increase in recovery rate as the dislocation
density increases. Evans and Williams (1971) on the other
hand, asserted that the‘hardening rate, after an initial
rapid increase, remains essentially constant while the
recovery rate decreases as the network coarsens during the
rest 6f the primary strain. “

It could be argued that these obviously conflicting
views are a genuiné expression of divergent material be-
haviour (even -though they relate tolcontraéﬁctory experi-
mental observations of similar material). However, both
approacﬁes have enabled strain-time predictions of the
same form of primary creép to be made and both have suggested
that the generalised empirical creep equatioﬁ'(2~l) is an P
expression of their recovéry model. Until the experimental
situation is clarified, the idea of network growth does
not provide a clear indication of either primary creep or

the role of substructure.

»

3-4. Glide Re&oyary Models - /"

_ Cottrell and Aytekin (1950) approached the creep

process from a éobperative‘view;ofygliaa and recovery
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intimately connected, and Qubsequently many . phenomenological
models along these 1ines have been develoﬁed. It is assumed
that the driving force for dislocation glide is the mean
effective stress, Cafg? defined as the difference bet&een
the applied stress and the mean internal stress, Oint*

The effective stress component is assumed to result from
short range obstgcles to dislocation motion, e.g., Peierls
stress, impurity atoms and forest dislocations. Thermal
agitation assists in moving dislocations past these
obstacles. The internal stress component is assumed to
resﬁlt from long range obstacles, e.g., dislocation

tangles and cell walls, which cannot be surmounted by means
of thermal fluctuations. .

During primary creep the internal stress continually
increases due to dislocation interactions and strain hard-
éning. This diminishes the rate of dislocation glide since
the mean effective stress is decreasing. On the other
hand, the increase in internal stress will favour recovery,
since the elastic interactions between dislocations is the
. driving force gg; dislocation annihilation and rearrange-
"mentt According to this description, the steady state is
achieveé when the mean internal stress equiliﬁrates“at a

value which allows tﬁe glide process to exactly compensate

by strain hardening. for the reduction of internal stress due
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to recovery.

oo s

Gibbs‘(1971) has proposed a unified glide-recovery

model to explain the breakdown of the strain rate-stress ,
power law, and the obsérvation of a decline in the average
internal stress/applied‘étress ratio with increasing strain
rate. He considers the important glide event to be the motion
of screw dislocations, jogs on which make a local obstacle
type resistance to flow. At the same time, the long range
internal stress develops as a consequence of glide and a
climb controlled r;covery counteracts this, as in conventi;nal
lfecovery modeis. Sinc;\Iﬁe jog density increases as the
strain raée increases, the local (thermally activatable)
contribution to the flow str%ss increases, so that aintlaapp
declines. '

« The atqain raée for this process resembles that
for the jogged-screw model except that the mobile disloca-
. tion density is made subject to a mobilisation-annihilation

conditién, viz.:

9 » apy - BpPv (3-8)
dt L \ :
ﬁiﬁh an inereaging moﬂgie dis;ccatéon density in primary
creep. Anaiytical,solutiod of this eqﬁéticn requires an
assumption that v and theﬂjoglapaéipg are~const$n; during

1 'nary;creéé (fhat is that #he joé.spacing equilibrates
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very early on). A correspondiég gsolution for the interhal
stress can be obtained from the knowledge of the immobilised
dislocation density (using an appropriate recovery expression
for the rate of annihilation of immobilised dislocations).
These solutions yield a steady state creep rate expression

¢

similar to equation (2-5), provided that Oint ® oapp, and

a decreasing Gint/oapp ratio with increasing strain rate.
There are twe serious objections to this model.
Firstly, it lacks a clear description of the changes in
mobile density and/or velocity during primary creep,’since
the concept of an increasing p with a constant v.cannot be
rationalised with a decreaging creep r?te. Secondly, the
divergence of the gtrain rate :from the power lawﬂstress
relation at high stress is derived from an exponegtial

effective stress dependence of the jogged-screw velocity.

Nichols (1971) maintains that such an expression is incor-

rect, and that the jog velocity reaches a limiting value at
. ' 0 ' .
high stresses, so that the deviation from the power law

would be iﬁ the opposite direction. The model does, how-

,~eﬁ3§, provide at least a qualitative explanation of why the

%erCtive stress increases faster with increasing strain
rate than does the internal stress. The departure from
tﬁe pbwer'law towards an‘exponential.stxess relationship
hgs'usually been associated witp.annexcasguof vacancies

dislocation intersection processes resulting
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in enhanced climb rates (Sherby and Burke, 1967).

N/

3-5. Mobility Models

Li (1968), Balasubramanian and Li (1970) have
interpreted the stress dependence ofhhigh temperature creep
in terms of the dislocation mobility implied by the stress
deéendence of the‘act}vation area. He has argued that the
"structure theories" of creep, i.e., those which require
variations in microstructure\with stress to explain the
observed stress dependence of creep raté, describe a funda-
mental rate mechanism which is considered linear with stress,
the non-lineArity arising from microstruqtural variations.
Rowever, the non~linearity is observed under conditions in i
which the stress or strain rate is sudden y changed, i.e.,
at c;nstant microstructure. He has fufther argued that this
non-}inear stress dependence arises fr e dislocation |
velocity, which is known to be non-linear at low tempera-
tures.

Hence, for a metal deforming in steady state, Li‘
moael predicts that an instantanoous increase in strain
rate results in an acceleration of tha mobile dislocations?
witho;t"chénging the m&»ﬂé dislocation density. The

s an ‘  :ase in effective stress

-



to a new value corresponding to the new steady state d;s-
location velocity.

In its simplest form, the theory thus assumes no
structural changes, and an instantaneous flow stress re-
sponse to a stiain rate change. The internal stress thus

remains constant as a proportionately greéter fraction of

[

the applied stress at the lower strain rate. The "mobility"
theory is not mechanistic except in that it requires dis-
location motion and a jogged-screw mechanism coul@ provide
the required activation area-stress relationship.

Although the acéivation rate analysis supports a
non~-linear velocity-strain rate, experimental evi-
dence from measurements of the internad stress and trans-
mission electron microscopy indicates that, at least for
pure metals, a simple mobility argument is no more valid
than a purely structural one., Transient responses to stress
changes, the increase fg internal stress with increasing
strain rate, and the corresponding decrease in subgrain
size and apparent mobile dislocatior density all indicate
some structural influence. Anythihg whiéh increases (say)
the mobile dislocation density will increqse the rate of
dislocation interaction! causing a gradual increase in
internal stress through refinement of the substructure.

Unfortunately, there(is little concrete evidence on

e T of either mobile dislocation density or dis-
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location velocity on stress. The direct methods of measuring

velocities, by observing individual dislocation movements,

are extremely difficult to use at elevated temperatures

due to the high dislocation mobility and densities operative

and their consequently complex interaction. Likewise,

mobile densities are not easily determined from total

densities and are based on very subjective techniques, though

there is some agreement that mobile density is a function of

effective stress (Solomon and Nix, 1970).

A phenomenological view of creep which attempts to

bring together the mobility and structural concepts has been

proposed by Mecking and Lucke (1970). They assumed that

dislocations move very fast, so that if in a small time, §t,

a density 6p becomes mobile and travels by a spurt-like

motion a mean free path L, then in the same §t interval the

dislocations are both originated and the 8train ¢ is

achieved. Thus: -

ée

H

bL §ép
and ‘

.

= bL p

MNe

The velocity does not enter eguation (3~9) and provided it
is large enough, does not affect the strain rate, which

(3~9)

(3-10)

»
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depends solely on ¢ (assuming L is independent of gtress).
If the mobilisation and immobilisation of dislocations in
a small time interval is a function of the total mobile
dislocation content, then equation (3-10) can also be used
in situations of lower dislocation velocity sucﬁ as steady
state creep.

This model leads to some interesting qualitative
predictions of the form of transients which result from a
sudden change in strain rate. Assuming that immediately
after%Sha change the mobile dislocation density is unchanged,
the lniﬁial response is a larger velocity and correspondingly
a higher effective stress. Then, however, a higher produc-
tion rate p is established and.consequently a higher mobile
dislocation density. The Mecking and Lucke material thus
shows transients like those in Figure (3-2), where the velocity
and effectave stress begin to decline from their instantaneous
yvalues, until after a time tL the stationary values corres-
ponding to the new strain rate are reachéd.

Mecking and Lucke did not point out that the pre-
cise shape of the applied stress~time curve (the one obtained
from a strain rate change test) will, however, depend on the
velocity-effective stress dependence. If the stress depen-
dence is high, there will be a large change in effective
stress for a given velocity (i.e., strain rate) change.

‘ new ° - . of effective stress may be greater than that
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Figure 3-2. Schematic representation of the responses to a
strain rate change.
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corresponding to the steady state at that strain rate, the
transients resembling those of Figure (3-2) with quite
possibly a peak in the applied stress level similar to that
in the effective stress curve.

If the effective stress dependence of the velocity
is low, the jump in effective stress will be small after
a strain rate chénge. Thus, the applied stress transient,
due to a build up in internal stress, may follow the shape
of the mobile density curve in Figure (3-2), rather than

the effective stress curve.

3-6. Summary and Statement of Objectives

It is apparent from the foregoing sections that
creep. deformation is a complex process which cannot be
adequately described solely in terms of the macroscopic
variables. Apart from the problem of identifying a rate
controlling mechanism and the relat}ve iméortance of glide
and recovery, the deformation has been shown to be subject
to variations in the mobile dislocation density, dislocation
mobility, and substructural arrangements.

. A The chief problem with current creep theories is
that they were invariably derived from the consideration

of a ' fcular dislocation mechanism with a view to ex-
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plaining the known dependence of the creep rate on the macro-

scopic variables, stress, activation energy, and témperature.
In view of the complexity of the problem, it is ?Zt sur-
prising that these theories were e%ther assembled without
reference to substructure and/or assumed that the creep

rate was controlled either,by dislocation mobility or

nobile ‘dislocation Eeﬂsity. None of the theories can
conform to or dgscribe in sufficient detail the creep and
substructura; behaviours.

Tpe precise role of sub-boundaries in creep is
still not clearly understood. An extreme wiew might be
that in the steady state they simply reflect thq result of
an equilibrium number of mobile dislocations of given
burgers vectors moving at cerfain veloéitiea and.possessing
a certain capability for local rea{rangement by climb and
cross slip. In this view, the, rate controlling process
‘ypuld involve dislocation motion within sub-grains and the
substructure would not be intimately conneéted with this
process. An alterﬁative view would be that the rate limiting
process involves dislocations within or adja;ent to
sub-boundaries. fn

The development of sub-graiﬁg is undoubtedly
closeiy related to the relative importance of dislocation
mobility and mobile dislocation density! and the work

in ' " chapters is primarily an attempt
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to rﬁlatﬁ variations in:creep behaviour to differences in
these parameters.

Since direct measurement of velocity and mobile
density are impossible to make at high temperatures, it is
recognized that information must be obtained indirectly
from the study of both the basic creep behaviour and
transient responses on the one hand, and the details of the
dislocation arrangements on the other.

~ The experimental work has been carriedfout on a
puré metal and on an alloy of the same metal which shows
class I behaviour. It was anticipated that these materials
would display the largest possible differences in high
temperature deformation characteristics. An additional
alloy has 'been studied which‘possesses characteristics
of both class I and class II materials to prowvide indi-
cations of intermediate behaviour. '

In each case, the shape of the strain-time creep
curves and the dependence of strain rate on applied stress
have been used to provide a basis for classification.

In addition, high/temperature tensile tests have been pex-
formed to comgare;the constant strain rate response with

" that at constant stress. To investigate the relagive
importance oftéﬁa;gggzéon mobility and structural changes
during creep iﬁ the different materials, a study of stress

‘rate change~trénsients was made. Where possible,

¥
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a numerical comparison with an appropriate model hés been
used to pfbvide additional support for ghe conclusions drawn.
A detailed study of the dislocation arrangéments
in each alloy resulting from stage II creep has also been
attempted, using transmission electron microscopy and etch
pitting, These observations have been related to the
inferences drawn from the mechanical Fests concerning the
role of gubstructure. Particular attention has been paid
to the presence of strain inhomogeneities and their
effect (if any) on the substructure. The kinet;gs of
sub-grain boundary motion have been modelled in an attempt
to describe the creep~procéss in a "structural" material.
If the transients and dislocation substructures °
are consistent in relation to, for example, mobility, then
a more complete view of creep becomes possible. The dif-
ferences in behaviour will still require models within which
the functional dependencies of the critical parameters are
either aifférent or have to be artificially cpnstﬁgined in
order to make the problem tr&établé, but the choice of such

imodels would then be based on a clearer view of the creep

process.
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CHAPTER 4

EXPERIMENTAL PROCEDURES

4~1, Choice of Materials

Pure copper wasg selected for study on the grounds
that it is an f.c.c. metal with a moderate melting point,
and that its creep behaviour, both mechanical and micro-
structural, is well documented as being typical of pure
mefals (Orlova and Cadek, 1970; Pahutova et al, 1971).

Several alloys of copper have been found to exhibit
class 1I behaviour, notably copper-aluminum (Evans and
Wilshire, 1970) and copper-nickel (Jones and Sellars,
1970) . However, no copper alloy showing ail the features
of class I behaviour has been reported. Jones and Sellars
(1970) found that copper-gold shows a low n value and
inverted transienﬁs, but a normal primary creep.

Nickel-tin was found to have a low stress exponent
with a correspondingly “strong solute strengthening effect,
but no information was given on éhe other features (Davies
and Dennison, 1961).  The atomic size difference in this
system puts it well into the class I region according to

the classification of Cannon and Sherby (1970) (see Figure

2-2). Since the size differencs in copper-tin is similar to
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nickel-tin and the phase diagramé;are similar at,corresponding
fractions of the melting point of the solvent, it was

decided to examine the alloy Cu~5 wt% Sn (which was avail-
able in this laboratory). At this concentration the solu- |
bility limit is exceeded at about 275% (compared with about
625°C for Ni-5 wts Sn). In both systems the second phase

is reportedly extremely difficult to precipitate out

(Hansen, 1958). ‘Preliminary mechanical tests tended to
¢onf1rm class I ﬁehaviour in the copper~tin alloy.

Included in the study was silicon steel (also
commonly called silicon iron). The commercial grade used
has a nominai silicon content of 3 1/4 wt%. Tpis alloy
has been the subject of a number of creep studies wﬁ;ch,
in general, dindicated class II properties in regard to sub-
grain formation and stress exponents (So;omon and ﬁix,

1970; Barrett et al, 1966). The primary and transient
responses appear to be variable, perhaps due to differences
in material preparation (Barrett et al, i970; Pahutova

et al, 1972). 1In particular, Lytton et al (1965) found_
that heavily textured silicon steel showed almost no pr;-
mary creep and no 3u59rain~formation. According to the
Canngn)ahd Sherby clgséificaﬁion, this alloy lies well
Qithin the class II regioﬁ.  It thus appears that silicon |
éteel can bea prepared so as to show characteristics of

- - of ’ -, ~
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4-2. Analysis and Specimen Preparation

4-2-1. Pure Copper Polycrystals

A
The OFHC copper (nominal purity 99.995 wt%) was ;

donated by M and T Metal Co. Ltd. of Hamilton, in the form |

of 50 mm diameter rod. Table 4~1 shows the detailed analysis

of this material. The rod was sectioned longitudinally,

cold rolled 30% ang machined into round threaded tensile

specimens of dimensions shown in Figure 4-1(a). After

chemically polishing to remove machine damage, the specimens

were annealed in vacuum for 2 hours at 800°C and furnace ¥

cooled. The final grain size was about 0.2 mm.

4-2-2. Copper Single Crystals

Three crystals were used for electron microscopy
examination from a batch originally grown ﬁy Watt (1967),
and the details concerning their preparation are given in
his thesis. The specimens were cy;indrica}, with a gauge
length 6 mm in diameter and 18'mm long, the head diameter
being 12.5 mm. Prior to testing they were annealed in '
vacuum at 800°C, and chemically polished in a solution of
equal parts of nitric, acetic and Qhoséhorid acids. Laue

back reflection X~ray photographs were then,taken to deter-



TABLE 4-1

CHEMICAL ANALYSIS (WT%)

a) Copper

Cu.- 99.95
Ni 0.006
Sn- 0.01
Fe 0.015
Zn 0.001
b) Copper-Tin
Cu 95.22
Ni 0.044
sn 4.18
Fe 0.021
Zn 0.028
c) Silicon Steel
Fe 96.32
Cc 0.038
S 0.022
si 3.33
¥Mn 0.041
“ Mo 0.008
Cr 0.010
Ni 0.022
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Figure 4-1. Test-piece dimensions.
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mine their orientation, which proved to be that of Watt's
series D10 as sﬁbwn in Figure 4-2. The Schmid factors for
the prominent slip systems in these crystals are shown

in Table 4~2 using the notation of Steeds (1966),

4-2-3. Copper-Tin

The nominally copper ~ 5 wt% tin was supplied in
the form of cold rolled sheet 1.6 mm thick. The analysis
is shown in Table 4-1.  Flat tensile specimens of dimen-
sions shown in Figure 4-1(b) were machined longitudinally
from the sheet, polished mechanically to a 5 micron finish
and annealed in vacuum for 2 hours at 800°C, and furnace
cooled. fThe final grain size was about 0.1 mm and metal-
lographic examination after etching in 50% nitric acid
solution did not reveal any second phase or grain boundary
segregation. The dendity of annealing twins was signifi-
cantly greater than in pure copper, indicatin§ a lowering

of stacking fault energy as a result of alloying.

4-2~4. Silicon Steel

This was supplied by Dofasco in Hamilton in the form
of "electrical steel” shest 2 mm thick in the "hot band* hot
" 8 material is used in AISI-M grades
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Figurée 4-2. Orientatioﬁ of the
copper single crystals.
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NOTATION OF PROMINENT SLIP SYSTEMS

TABLE 4-2

IN THE COPPER SINGLE CRYSTALS

System

Primary Slip Plane

(111) [101]
(111) [oI1]
(111) [110]

Conjugate Plane
(111) [o11]
(I11) [1o1] -
(I11) [T10]

Critical Plane

(I11) [101]
(I11) [110]
(111) [011]

Cross Plane

(111) [101]
(111) [110]
(111) [c\n]

Schmid Factor

0.402
0.101
0.299

0.351
0.111
0.241

0.270
0.066
0.198

0.043
0.004
0,047
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for transformer cores, and has a nominal chemigtry of
3 1/4 wt? Si with low carbon manganese and sulphur. The
actual analysis is given in Table 4-1. The steel is
normally cold rolled in two stages to about 0.33 mm with

intermediate annealing and then given agZinal anneal above

(TN 2
L]

1100°c. The distribution of inclusions is controlled such
that grain growth is retarded at lower temperatures, and
the final anneal results in secondary recrystallization to
produce a coarse grained product with a "cube on edge”
( (110) [001] orientation ) texture.

Flat tensile specimens of the same dimensions as
‘for copper-tin were cut longitudinélly from the as-supplied
sheet. An initial anneal confirmed that this material
will not be recrystallised at 900°c. After an anneal at
1100°¢C in vacuum the initially "pancake" shaped grains were
replaced by disc shaped grains, more or less equiaxed in
the plane of the original sheet and with an aspect ratio of
about 2:1. Metallographic examination after etching in a
mixture of 2 parts hydrofluoric acid, 1 part nitric acid,
3 parts methanol and 4 parts glycol shbwed an average grain
size in the plane of the sheet of 0.25 mm. Qualitatively,
tﬁis structure is similar to that found by Lytton et al
(1966) but they used a higher .annealing temperature and
got much coarser grains. Curved grain boundaries with

locatéd in them were observed in
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etched specimens indicating secondary recrystallization.

4-3. Creep Testing Procedure

-

The creep tests were performed using a Satec CE
model constant load creep tester, a lever operated dead
weight machine equipped with a 2 kilowatt kanthal wound
furnace. Furnace control was achieved by means of a z;nel'
control variac, a d.c. rheostat and a capacitrol controller
and included an automatic preheat system, using a platinum-
rhodium thermocouple located in tha furnace wall. The
vertically mounted furnace was cap:;le of adjustment so as

to accurately locate the specimen ig the hot zone.

\

Specimen temperature was moni£8§§d~iﬁﬁépendently
of the furnace controller by attaching three chromel-alumel
thermogoﬁples at the ends and middle of.the spacim%n gauge
length. The temperatures were read on a portable potentio-~
meter or multi-channel chart recorder, depending on the
length of the test, to an accuracy of 1°c. Under steady
state cogditiona of temperature, the maximum tolerated
temperature gradient was 2S¢ along the specimen gauge
length, and from test to test the temperature was allowed
to stabilise within + 2°C of that desired. The rig could
be E (sed. thermally within a féw hours of reaching
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test temperature,

The strain was measured using a creep extensometer
equipped with an LVDT capable of a total travel of either
2.5 mm or 6.3 mm, and a micrometer head permitting zero
adjustment or suppression as desiréd. The exténsometer
head was capable of modification to allow a;tachment to
either flat or round specimens. The LVDT outpﬁt was moni-
tored by a demodulator incorporating built-in fange and
zero adjustments and was fed to a single pen chart recorder
displaying an extension-time curve. Several such recorders
were used so that wide ranges of strain magnification and
chart speed were obtainable. Full scale deflections were
used corresponding to elongations between 0.125 and 1.5
mm, with a maximum measurable displacement of about 2.5
microns. Chart speed was varied between 1.50 mm per hour
and 100 mm per minute.

The machine lever arm setting was factéry pre-
calibrated. A rough check of the load ratio was made by
substituting an 18 kgm spring balance for the specimen.

The specified load lever arm ratio was found to be true
within the accuracy of the balance reading (that is, within
2% of the smallest load, 19 kgm, applied to any specimen).

The specimens were conﬁecteé to the load train by

means of rectangular stainless steel grips, those for

round specimens bearing a threaded hole, those for flat
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¥
specimens having parallel plates. The grips were loosely
4

threaded into the hot grip assembly of the machine.

The tests were done at 550°C (copper and copper-tin)
and 600°C (silicon steel) corresponding to about 0.6 Tm and
0.5 Tm respectively. Specimen cross-sections were measured
with_a micrometer. Th;-;auge leﬂgths, before and after
each test, were estimated from the parallel length between
the specimen shoulders using a Bausch and Lomb optical
comparator, all measurements being to within + 25 microns.
The extensometer head was attached to the specimen shoulders
and the strains calculated from the parallel length.

The first series of expe:lments was performed to
characterise each material in terms of the overall creep
Pehaviour, i.e., the shape of the creep curve, and the
stress dependence of the stationary creep rate. The range
of applied stresses was chosen to give minimum creep rates
ranging from roughly lo—s/min to 10—1/min for each material.
-.The strain maghifications andWCQart Fpéeds werg also selec~
ted 80 as to provide comparable sensifivity in the measure-.
mentgaf the strain ratés. Fer these tests,‘tpe load was

applied using the motor driven weight car provided with the

maéhine.

In ordgr to establish the nature of the trapsient
strain response of ‘specimens subjected to a rapid change in
stress, an édditional series of experiments was carried

. €
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out in which a specimen was crept to stage II and then
subjected to a rapid increase or decrease in load so as

to increase or decrease the strain rate during the steady
state by one or two orders of magnitude between lo-z/min
and 10~4/min. In this case, the load adjustment was made
by using the appfﬁpriate weight suspended above the weight
pan from a moveable arm by means of a thick piece of rubber
which extended about 15 centimeters elastically under

the weight. The arm could be raised or lowered hydraulically
éllowing the extra load to be addéd or removed withig/a

few seconds whilst minimising the impact, which can give
rise to erroneous transient responses. Earlier attempts

to perform rapid load changes using liquid additions were
unsuccessful because the load change could not be made
rapidly enough. ‘ .

Both up and down load changes were done so that the

effect of both a sudden increase and decrease in the |
effective stress on the specimen could be studied. The
tests were designgd to complement a series of strain-rate

\ change tesﬁs performed on the Instron machine. Large load
changes were employed inlofder to remove aﬂ& ambiguity in
the initial transient response to a load drop arising from

' the magnitude of the applied stregs with :especf t6 the,
initial internal stress. In these testﬁ, the’apblieﬁ stress
on part{ally unloading should be well belbﬁ ghe internal

Y
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stress which would be found during a "dip" test (Appendix

A)o

4-4. Tensile Testing Procedure

The high temperature tensile tests were carried
out using a table model Instron machine at constant cross-
head spaed. The range of speeds used was chosen to give
the same range of strain rates in the steaéy state as in
the constant load tests (assuming that all the crosshead
movement is translated into plastic étrain in the specimen).
The chart drive system produced a load-time curve with a
minimum load span of 4.5 kgms full scale and zero sup-
pression as desired, and a 1 second span response of the
pen with a range of chart speeds from 125 mm/min to 5 mm/
min.

The specimen (inserted in the same gripping unit
used in the creep tests) was Jocated inside a 3 zone kan-
thal wound split furyace. When desired, rapid'éooling
could be achieved by opening the furnace about a verticél

hinge at the rear. The power supplied to each zéne was

: independently adjusgable by means of variable transfbxmers,

g0 as to maintain aiconstant tcmperatuxe hot zone of suffi-

cient length, and th¢<height of the furnace was adjuatable to

. ~ !
S o N i
S !

———
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accommodate the different types of specimens. Three chromel-
alumel thermocouples were attached to the specimen at the ‘
middle and ends of the gauge length and monitored using a
switch box and portable potentiometer. The power supply

to the central zone of the furnace was regulated by means

of an on-~off controller using the centrally located thermo-
couple.

Ingide the furnace the specimen was sur;ougded by
a cylindrical Inconei tube which was open at the top end
(so as to admit the thermocouples) and which protruded about
five centimeters above the top §f the furnace, and which was
sealed to the bottom crosshead. This allowed tests to be
carried out in a stream of dry deoxidised argon when
desired.

'Theﬁzntire straining rig wag'surrounded by a wooden
container to minimise temperature fluctuations énd the load
cell and lower crosshead were water-cooled. In addition,
the main ﬁoltage squly was routed through a constant
voltage transformer to minimise fluctuations and the water
was supplied from a constaﬁt'head device, During a test,

once the system was stabilised after the preheat period,

no measurable temperature variation was tolerated, though

the temperature was allowed to stabilise within + 2°C of

the desired value, with a maximum gradient along the specimen
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The thermal stabillty of the rig was monitored
prior to starting the test by using the chart recorder to
follow fluctuations in load about a small applied value.
The system was considered stable enough to allow the test
to begin when the maximum load fluctuation was + 200 grams
or less, this representing less than 0.3 percent of the

lowest yield load observed and is of the order of the

L]

accuracy of the load cell. Frequently, the fluctuation

was below + 100 grams, although up to 24 hours might be
needed to achieve stabilisation. At this étage, a typical
load-time curve showed an approximately 50 gram fluctuation
with a period of about 30 seconds superimposed on a more
irregular variation of about 100 grams within 10 minutes.
Neither of these fluctuations could be directly related to
the on~off action of the controller which changed approxi-
mately every ten seconds.

. The bulk of the experiments were carried out using
a CT type load cell which has a maximum load capacity of
90 kgm. Some high strain rate tests were also done using
a D type cell, maximum load 450 kgm. The CT cell, .being
used'ovet a'lohgef seémeno of its range, oxhibited better
stability chéracteriatics than did ﬁhe D cell, and this was

particularly imnortant in thece zelatively long time tests.

- c « ‘ent is non a paxticula:ly
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gsame deflection for an equivalent fraction of their load
ranges) so that in a region of rapidly changing load, a
considerable fraction of the crosshead movement may Eé taken
up in the machine. This must be taken into account when
considering the actual strain rate heing imposed on the
specimen. !

| To illustrate these effects load-crosshead extension
curves were calculated for the elastic straining of one of
the round copper specimens at room temperature. In Figure
4-3 the resul&s are shown for an infinitely hard machine
and for-the cases where ﬁhe D and CT cells are used. The

6 kgm/cmz, andr\

specimen modulus was taken to be 1.32 x 10
the deflections for the load cells and their couplings are

those quoted by the manufacturer (which turned out to be

~slightly larger than the actual values).

The effect.of the load cell on the plastic strain

rate in the specimen is iilustrated in Figure 4-4.

| Initially, the basic load-time curve was obtained
from each material at the same temperatures and over the
same range of strain rates as were used in the creep tests.
Subsequently, strain rate change tests were performed on
specimens undergoing steédy statg deformation to provide
a compérison with upward stféss changé data from creep

“ ‘«, strain rates.

3



(a)
aol- | SPECIMEN

LOAD
(Kg)

0 1 1 1 1 1

]
0o 10 20 30 40 &0 €0
CROSSHEAD MOVEMENT (MICRONS)
Figure 4-3. Effect of machine stiffness on the elastic

load extension curve for copper at room
temperature. :

LOAD
\
TIME
3 - —€ROSSHEAD
SPECIMEN ‘ SPEED
(" STRAN v
5’ . RATE SOFT MACHINE
TIME

Figure 4-4". Sghe.matic diagram of the variation of strain '
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The Instron is equipped with two gear boxes with a
basic 10:1 ratio, and modifications were made to permit up
to four decade reducers to be incorporated im both boxes,
so that several orders of magnitude variations in crosshead
speed could be accommodated in each gear system. Strain
rate change tests could then be carried out at low strain
rates simply by depressing a button to activate the second
gear box. The response was very rapid, taking at most fwo
seconds to establish the new crosshead speed (which is
indicated by a new region of linear loading in a strain rate
increase test). Due to the mechanical nature of tﬁe geay
system a small pip in load of up to + 100 grams was occa-
sionally observed at the moment of change, which was of one

or two orders of magnitude in speed.

4-5-1. Copper Single Crystals

4 .
The three single crystals described in Section 4-2-2
were deforégd at $50°C in the Ingtron under conditions
identical to those for the polycrystals except that in this
case split Hounsfield type grips were used to hold the*
specinens. Jhey were extended 1, 11 and 39 pe%cenx total

N
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strain at 2 x 10”°/min and rapidly cooled to retain the creep
structures for examination. After surface examination,

1 mm slices were spark cut parallel to the (1l11l) primary'slip
plane and either the (101) plane which is perpendicular to
both the primary slip plane and primary slip direction,

or the (121) plane which is perpendicular to the primary

slip plane and contains the primary slip direction. Spark
machining damage was removed by chemical polishing and the
orientation was checked by the back reflection Laue method.
The Laue method was reproducible to about + 3% and the slices
were found to be within + 6° of the required section. The
slices were then chemically polished to about 70 microns
using the nitric~dbetic;phosphoric solution, and finally
eleétropolisheq in a methanol-nitric’ acid solution at -25%,
using the éwi;dow" technique. The foils were examined in
e;ther the Siemens Elmiskop 1 or the Phillips EM 300 at

100 kv. .

L ’ R

4-5-2.' Copper Polycrystals

- -

- Specimens were strained in the creep machine to
stage II at stresses giving strain rates of 2 x lo°4/min
! . Fa

and 2 x lo'z/min and then rapidly cooled by raising the

furnace above.the specimen. After éhecking the elongation

\ =)
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then spark machined perpendicular to the tensile axis.

The surfaces of the discs were ground flat on a 600 grade
emery paper and one or two slices mechanically polished

to a 1 micron finish and etched for a few seconds in a

50% nitric acid solution and examined under the

optical microscope. Those destined for electron microscope

examination were chemically polished to about 200 microns

- thickness, located in a standard PTFE holder and thinned

to perforation in a double~jet gravity fed electro-polishing
rig. The polishing solution was 25% phosphoric acid in’

distilled water, at a potential of about 20 volts with a

' stainless steel cathode (in the form of hypodermic needles

used to direct the jeég). After washing in methanol the

perforated discs‘&ere placed in the single tilt holder used

in the Phillips microscope and examined without the use of
supporting grids. <The phosphoric acid solution did not
produce as goqd a polish as didﬂmethyl—nitric, the foil
frequently being slightly etched. It did, however, provide
specimens which had much larger thin areas. For particu-
larly detailed work, especially in dark field, the double

tilt holder was used.

<

. The information sought from these foils included
the subgrain size, the dislocation density and subgrain
misorientations, and the d@istribution of -those features.

Prom the optical microscopy, observations were made on

- - ooy e e g
" - - i, v s it = =

. = e
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the appearance of slip bands, the effect of deformation on
the grain size and shape, and on the tendency to void forma-
tion. |

A series of experiments were also performed to
assess the stability of the'substructure, and in particular
its resistance to thermal rearrangement: Specimens were
crept well into the steady state in the creep machine and
then the load removed and the furnace left on for increasing
time periods up‘to 200 hours. The resulting substructures
were then examined in the above manner.

Where appropriate, dislocation densities were made
using the method due to Keh (1963) in which a rectangular
grid of lines with sets of regular but different spacings
perpendicular to each other was made on a transparency.

This was then superimposed on a print of the electron micro~
graph and the number of intersections along the two sets

"of grid lines Ni and N, was measured. If the total length
of lines in one direction is Ly and that in the normal

direction is Lz) then the dislocation density is given .

by:
N N
1 2,1
p = ( —  ——— = (4-]_)

where € is the foii thickness;
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In these experiments, foil thicknesses were not
measured experimentally because in any given foil it was
difficult to judge at the time of examination whether a
dislocation density measurement would be meaningful, and
foil thickness estimation on all the numerous areas looked
at would have been extremely laborious. For reasons dis-
cussed in Appendix B, dislocation density measurement is
at best an imprecise procedure, so that in the results
quoted here, the relative measurements are the important
feature. Thus, throughout tﬁe foil thickness has been
taken as 2250 ®. This arbitrary value was chosen being
mid-way between the likely range of foil thicknesses
(1500 ~ 3000 R) and representing fo; copper about 5
extinctién distances in the (220) reflection and 8 extinc-
tion distances in the (200) and (111) reflections, the most
frequently used. True foil thickness was unlikely to véry
by more than one extinction distance either way in these

foils.
.  ———
The misorientation across a dislocation sub- ’
boundary was measured from the shift in the Kikuchi lines
of the selected area diffraction pattern. This is detected
by comparing micrographs éaken under SAD conditions from
either side of the boundary.
The method used was to identify certain prominent

Kikuchi lines on the diffraction patterns and locate an
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arbitrary but convenient point adjacent to them. The pro-
cedure was repeated on the second pattern and the shift
and direction measured between the two. A rotation o
about an axis in the micrograph causes a shift La in the
pattern where L is the effective diffraction camera length
of the microscope (Hirsch et al, 1965). In the Phillips
EM 300 at the diffraction settings used L is 71.7 cm s0 .
that the shift on the plate is 12.5 mm per degree, with an
accuracy of about 0.1 degrees.

The subgrain size was measured by counting the
number of subgrains per unit area nA,(determined from a
montage of micrographs at a magnification of 11,000.
According to Fullman (1953) the subgrain diameter is then
given by:

4

q = 1.38 (4-2)

Other authors quote slightly different values for the
proportionality constant., Implicit in this approach is the

assumption that the subgrains are of uniform size and are

equiaxed.
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4-5-3. Copper-Tin

Copper-tin specimens were deformed 3% (early stage
II) in the creep machine at stresses corresponding to the
same strain rates as for the copper specimens. The deformed
material was reduced in thickness to 1 mm on 600 grade
emery paper and then polished to a 1 micron diamond finish
before béing etched in 50% nitric acid solution for a few
seconds and examined under the optical microscope.

An attempt was also made to prepare thin foils for
transmission electron microscopy. This involved thinning
mechanically to 0.3 mm on a 600 emery paper, care geiné
taken to minimise damage (the chemical polishing solution
used for copper was not effectivg:on copper-tin). 3 mm
discs were then punched out of the gauge length and jet
polished in the same rig as for copper. A reasonable
polish was obtained usiﬂg the phosphoric acid solution, but
the foils tended to perforate locally into tiny holés (per-
haps originally present as voids formed during deformation),
and only very small thin areas were-obtained. An alterna-
tive approach was attempted, involving dishing the speci-
mens in the jet polishing rig, and then transferring to a
methanol-nitric acid bath and polishing to perforation at
a ver{ low temperature (~ -50°C), using a copper cathode

at 10 v. This gave a very good polish, but again the thin
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areas were very small.

The ;;all strains used for these spec%mens was made
necessary because a preliminary check at 10% étrain showed
severe grain‘ﬁistortion and void formation in the optiétal
microscope. A comparison will be made of optical exam&&a—

tions of the 3% and 10% strained specimens. .

4-5-4. Silicon Steel

It is well established that the substructure of
silicon steel can be readily revealed by the etch éit
technique, and that the correspondence between pits and
the points of dislocation emergence is one to one (Picker- )
ing, 1965). The substructural examiﬂation of this material
was therefore carried out by etch-pitting using ; procedure
origina;ly due to Morris (1949). Silicon steel specimens
were deformed well into the steady state at stresses giving
stationary creep™rates of 2 x 10”4 /min ahd 2 x 10‘2/min.
The§ were then cooied rapidly to about 200°C and then
allowed to cool more slowly froem then on by lowering the
furnace back down to just above the grips. This procedure
is considered necessary to pérmit decoration of the dis-
locations by solute atoms (notab;y carbon) so that the
material readily pits.at the dislocation siteé.

The deformed specimans were then reduced in thick-

.
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ness to 1.25 mm on 600 grade emery paper and then diamond
polished to 1 micron. They were then electropolished in a
chromium trioxide~acetic acid-water solution 20 volts and
at 19°, using a stainless steel cathode. When a good
polished surface was produced the voltage was reduced to

1l or 2 volts for one or two minutes during which time étch
pitting occurred. The exact time and voltage for each new
batch of solution had to be redetermined using a control
specimen which had been pitted previpusly so that the sub-
structural arrangements were known. Dislocation density
measurements were made by counting the etch pits within a

25 cm® area at 5000 X. At this magnification the edeh

pits are about 2 mm in size and a density of lolo/cmz

would éccupy 12% of the area. ’
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CHEPTER 5
EXPERIMENTAL RESULTS -~ MECHANICAL TESTS

5~1. Introduction

"In t@is Chapter' the results of the mechanical experi-
ments described in the previous chapter Qre presented. The
results are given in the form of nominal stress and strain.
Where comparisons are made, caré has been taken to ensure
that thé data were obtained at the same nominal strains (and
thus the same cross-sectional‘change). The mgximum strain
used in the determination of transient responses was of‘the
order of 8%, so as to avoid any prcbléms associated with
either the onset of tertiary creep, or reaching the ultimate
stress. At this strain level, the error between true and
nominal strain is less than 4%. Some preliminary analysis
of the mechanical test results are given in this chapter,
while quantitative comparisons with a suitable modsl are
given in Chapter 6. v

’V
\

5-2. Creep Curves from Constant Load. Tests

Figures 5-1, 5-2, and 5-3 show strain-time curves for

" 7
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regions of primary, secondary and tertiary creep leading
evedtuélly to fracture. There are, however, the desired
major differences in the extent and shape of the primary
curve and also in thé extent of stage II.

Copper shows the large primary strain and continually
decreasing strain rate typical of pﬁre.metals and many
clags II alloys. The shape of the créep curve ié qualita-
tively similar at all the stress levels examined, the
primary strain increasing with stress from about 6 to 108,
between 1.5 and 4.5 kg/ﬁmz, but remains essentially con-
stant thereafter;

Copper~tin, on the other hand, shows an increasing
strain rate throughout stage I at low stresses, but at high
stress levels it shows a "normal® region of decreasing
strain rate a3 iz shown in‘Figure 5-2(b).

The silicon- steel stég@ I behaviour is more compli~
cated. Initially, thafa is a very short inverse strain rate
region followed by a longer period pf decreasing strain
rate. The latter was difficult to monitor atilow stresses
involviﬁg vory smadl rate changes, and was mofe'apparent
at high streaces (Figure 5-3(b)). Both coppex-tin and
- silicon steel reach tya stéady state at much lower straing
than dods pure copper (gencrally less than 3%) and neither

o
shows a large sudden elongation on applying the load.
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The extent of stage II is of the order of 5% for
copper, 8% in silicon steel, and 10% or more in copper-tin,
In'copper~tin, however, there is a very gradual increase
in strain rate throughout, and a shorter stage III, fracture
often occurring‘abruptly (i.e., within 1% strain of an
apparent steady state). Stage IIT in éhe other two
materials was longer in duration and usually involved

larger strains.

*
~

The use of constant load rather than constant stress
produces differences in the shape of the strain-time curve
shown qualitatively in Figure 5-4. At low strains the
increased hardening compensates for the losé of crosgs-
sectional area. At higher strains a mechanical instability
develops and cauées an inflexion in the strain-time curve,
and eventually fracture, at shorter times than in a constant
stress test.
| It ig apparent that in copper and copper-tin the
rodes of instability are different, and that the behaviour
of silicon stecl approzimates to that of copper rather than
6apper-tin in this regard, resulting in noticeably different

|
stage IXI creep.
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Schematic description of creep tests performed
under constant load and stress conditions with
identical initial conditions. (After Andrade,

1910).
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5-3, Stress Dependence of the Steady State Cresp Rate

The steady state creep rates at various nominal
applied stresses are shown in &able 5-1 and are plotted
logarithmically in Figure 5-5. '

In the case of copper-tin and silicon steel two
m2asurements were made on each specimen at two different
stress levels, apart from those specimens uéed to generate
full creep curves. In these alloys the strain increment
needed to reach the second steady state was small. For
copper each measuremant corresponds to a different specimen
since the short stage II and long primary creep make it
impossible to establish a new steady state unless the load
change was made very early in stage I1I.

A linear relationship in Figure 5~5 implies a
relationship of the form:

£, = Kdgpp (5-1)
The values for n for each material, together with 95%
confidence intervals determined by a least squares linear
regression based on the logarithms is chown in Table 5-2.
Unfortunately, most investigators, whom reporting exponents,

do not indicate the statistical preccdure followed, and

P " ouch a lincar



TABLE 5-1

STRESS DEPENDENCE OF THE STATIONARY CREEP RATE

a) Copper at 5509c

Stress kg/mm2 Strain Rate/min
1.50 2.25 x 107°
2.01 5.24 x 107°
2.51 1.29 » 10”4
2.76 2.45 z 1074
3.02 4.84 % 10°¢
3.52 1.53 x 1073
4.01 3.33 % 1073
4.56 9.40 x 1077
5.02 1.37 % 1072
5.77 3.94 x 1072

b) Copper~Tin at 550°C

Stregg kg/mm2 Strain Rate/min
1.78 2.7 2 107
2.22 7.62 x 1070
3.11 3.7 x 1074
. 3.56 6.75 z 1074
4.00 1.04 x 1073
4.45 1.5 x 1073
<> 5.34 , 2.85 z 1073
6.23 4.86 x 107>
7.12 7.83 & 1073
- 8. 01 1.29 x 1072 '
8.90 | 2.14 = 1072
9.79 2.60 = 1072



Table 5-1 (contd)

c¢) Silicon Steel at 600°C

Streas‘kg[mmz Strain Rate/min
3.49 2/63 x i;xS
3.99 . .50 x 107
4.13 8.00 x 1077

) 4.49 1.55 z 107°
5,10 2.97 x 10™%

5.27 3.80 x 10°¢

6.02 6.50 x 1074

6.95 1.3 x 1073

8.15 3.15 x 1073

9.07 9.77 » 1073

9.49 1.37 % 1072

10.11 1.74 % 1072

11.70 8.2 x 1072
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TABLE 5-2

LEAST SQUARES FIT OF THE DATA IN TABLE 5-1

TO THE POWER LAW €& = gg»
§—————app

AND 95% CONFIDENCE LIMITS

Copper at 550°C

n=15.88+ 0.72
n' = 6.82

i

N

b) Copper-Tin at 550°C
n = 3.97 + 0.18
n' = 3.62
‘¢) Silicon Steel at 600°¢C
n = 6.23 + 0.42

“
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technique. A better result is obtained using a curve fitting
procedure and the solutions may be very different. This
is illustrated in the table where the n' values were de-~
termined from the same data using the modified Gauss-
Newton least squares method (Hartley, 1961). A
unique solution was not obtained from the silicon steel data,
but the differences for copper-tin and copper are such that
comparisons of these exponents with, those from other inves-
tigations can only be approximate.

To estimate the reproducibility of the strain rate
measurement’ a series of the copper specimens was tested
at a streas level of_2.9 kg/mmz. The average secondary
creep rate was 3.22 X 10_4/min with a 90% confidence inter-

val for the mean of + 0.68 x 10™%/min.

5-4. Load-Time Curves From the Instron Tests ///
These were obtained at crosshead speceds of 5 x 10'3,
5 % fB’z and 5 z 1072 mmein,‘and are displayed as stress-
strain curves in Pigure 5-6. 1In ordgr to convert the load-
time charts to stress-strain, it is necessary to subtract
the deflections of the load cell from the nominal strain
values indicated by the crosshead speed. Since the load

" was relatively soft, than as maentioned in
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Section 4-4, during the period of increasing load, the true
strain rate of the specimen varied from a very low value

up to the nominal rate. The)latter is approached at a

rate dependent on the rate of work hardening of the speci-
men and thus the nominal strains do not provide useful
comparisons, particularly between different materials.

Initially, the values for cell deflection supplied
by the manufacturers were used. However, the cell and
grip systems combined was in fact slightly stiffer than
those indicated, so that this procedure would have given
rise to negative strains at low stresses. Therefore, the
true cell deflections were measured by elastically straining
a specimen of each material at room temperature under con-
ditions otherwise identicél'to those employed in the high
temperature tests, and subtracting out the elastic strain
on the specimen. FPor this purpose modulus values for pure
copper and pure iron were used.

The déflections found averaged 2.53 microns per kgm
with a variation of + 0.10, compared to the manufacturers’
value of 2.80 for the cell and(its coupliné only, and of
the order of 0.05 extra due to the gripping system. The
resultant fit gives linear curves in Figure 5.6 over a ’
reasonable load range, though there is & small non-lineariﬁy
at very low stresses (too small to be apparent in the

-~ of the = ' " ¢+ ads.
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The slope of the linear region compares well with the
modulus values at high temperatures, taken from Koster
(1939).

Only the first few percent strain are shown in
Figure 5-6 to clearly indicate the distinguishing features.
As in the creep curves there are marked differences in
tensile behaviour between the three materials. In copper,
the load corresponding to a departure from linearity was
ingsensitive to crosshead speed. At low speeds, a constant
load condition was reached after about 3% strain following
a.region of gradual hardening. At high speeds, however,
(that is above about 5 x 10-2 mm/min) this plateau wag never
reached and the specimen continued to harden at a diminishing
rate until the onset of failure.

In copper-tin and silicon steel the onset of non-
linearity was markedly strain-rate sensitive and constant
load was reached after 1-2% strain at all strain rates. 1In
copper~tin at low and moderate speeds there was a peak in
load szoon after the onset of plastic deformation. This
peak is not sudden as in yield points at lower temperatures
and the extent of the load drop decreases with increasing
strain rate, disappearing at the highest value. Corres-
pondingly, the strain to the onset of constant load increases

with_atrain rate.
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In silicon steel, on the other hand, an apparent’
load instability occurs during the first percent or so of
elonéation, characterised by a short region of little or
no work hardening preceding the increase in load\up to
the plateau. Stress drops were never observed in silicon
steel but in contrast to copper-tin the inst§bility in-
creased with strain rate, being unobserved at low cross-
head speeds. It is possible that this material is under-
going a yielding process which is partly masked by the
softness of the machine. A considerable sudden extension
of the specimen is needed to, produce a rapid load drop in
such a system‘because of the large deflections per unit
load and the rapidly increasing strain rate in this region.

In copper-tin the plateau in load was in fact one of
slowly decreasing stress due to loss of cross-sectional
area. A comparison with the other two materials in this
regard is not possible because in those the constant stress
region is much shorter.

Pure copper and silicon steel had limited ductility

“with elongations to fracture_3§,low as 1.0% in copper'gnd
14% in silicon steel. Copper-tin always gave more than 18%.

In nickel-tin Davies and DenniSon (1961l) reported thak ‘///

additions of tin did not affect thé elongation to fracture
in nickel, but the solvent metal in this case is relatively

T arable strain rates copper
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and silicon steel both give considerably greater strain to
fracture in the creep machine than in the Instxon,:pri- 4
marily because of the greater stage III elongations obtained
under constant load conditions. Copper-tin gave about the
sam2 values in both types of test.

In the case of copper, it has been argued (Barrett
and Sherby, 1964) that the low ductility is a result of
oxide forﬁation at grain boundariesﬂZesulting in enhanced
decohesion rates during tertiary creep, and a'?opper single.
crystal was pulled to 44% elongation at 550°C in the
Instron without any sign of failure during preliminary
exper%mentm in Fhis laboratory. However, no evidence of
a second phase in grain boundaries was ever observed in
thin foils examined in the electron microscope. The tests
conducted in a stream of Argon in th2 Instron machine, pre-
served a clean surface on the deformed copper, put did not
improve the eclongation to fracture, nor did it have any
apparent effect on the creep curve or stationary creep '
rate. Barrett and Sherby (1964) found that in copper the
ductility was only enhanced in a vacuum better than 1072
atmospheres. This particular figure does not appear to
have theoretical significance relative to the idea of oxide
formation sinca thertheoret;cal deccomposition partial
prosourae of oxygen for thg reaction 4 Cu + 0, = ZCuzo

-2 at © 3 temperature.



102

5-5. Stress-Strain Rate Dopendencies in the Constant Stress
Region of the Inztron Curves

The stresses reached in the Instron in the plateau
region at various strain rates are shown in Figure 5-7 on
a log-log plot for comparison with the stagé II crecp
data.\\(Only the data points for the Instron tests are
shown.) In the case of copper, steady states were not
achieved above strain rates of about 10 >/min. At the
higher speeds, therefore, the values shown in the figure
refer to the stress at which the stress is decreasing at
less than O.Ols'kg/mm2 per minute. This is aﬁ arbitrary
criterion and it is recognised that it corresponds to a
range of work hardening rates depen@ing on the stress
level (low work hardening rates at higher strain rates).
The alternative would be to take measurements at the same?

hardening rate, but it was impossible to accurateiy de-~

termine the extremely. small rates of loading at low strain

rates.

The resulﬁ of this procedure should be to give
stresses which lie below the peak Instron values (which were
not very reproducible) and the stage II creep values, by ]
an amount which decreases with increasing strain rate.

This is offset comawhat by the increase in strain to
\maxinum load as the strain rate increagea (which would

tend to increase the error at high strain rates).

et
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A rough estimate of the maximum error (neglecting
machine effects) can be made as follows. At € =5 x 1075
/min the rate of loading at the measured value gives a work
hardening rate of 0.3 kg/mm2 per percent elongation. The
strain to maximum load is about 5% at most greater than that
at the point of measurement, so that if the mean hardening
rate is half that over the remainder of the stress-strain
curve, the error will be about 0.75 kg/mmz. From Figure 5-7
it can be seen that the maximum difference between Instron
and creep values is in fact about 0.70 kg/mmz, but that
there is no consistent variation with strain rate, except
that all the values above 2 x 10—4/min are on the low side
of the creep results. In general, the agreement between

the two test methods is good and follows roughly the same

A
streas~-gtrain rate dependence.

5-6. load Change Test Results —~

Figure 5-8 shows strain-tim2 curves from gpecimens
subjected to a sudden change in stress, corresponding to
approximately a two-orders-of-magnitude change in the
steady state strain rate. The strains are all referred to
the point of load‘change. which is taken to correspond to

"n. Fote the widely varying strain and
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time scales on the various figures.

Each test was repeated at least once under identi-
cal conditions. The reproducibility is quite good, though
guantitative data is sometimes difficult to extract, since
the order of magnitude of the measurement is in som2 cases
not much more than the experimental accuracy. The tests
were also repeated under rapid loading conditions, the load
being changed directly by hand, and the shape of the uﬁward
transients could be dramatically altered. In copper and
copper-tin this effect could reverse the type of transient
observed, suggesting that qualitatively at least the

results shown are correct,

5~7. Strain Rate Change Test Results

3

Stress~strain curves showing the load response to
increases of strain rate of varying magnitude from a common
value are shown in Figure 5-9. The basic rate was 2 x 10-4
/min with increments of 10, 50 and 100-fold, from the con-
stant load region. The crosshead travel has in each case
been adjusted to allow for load call deflection using the
same procedure as described in Section 5-4. As with the

Instron loading curves, the copper-tin and silicon steel are

nd ' ' ter new steady states,
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that is, the transients involve either low strains or
short times. In copper, the initial rapid jump in load

is very small and new steady states are,never achieved.

A few additional tests were done on a small sample of de-
carburised iron (carbon 40 ppm by weight) and this also
bekaved like pure copper, though it did eventually reach |

new steady states.

The load instability noted in the loading curves

was still apparent in silicon steel, but not in copper-

tin.

5-8. Discussion

5-8-1. Copper

Tﬁe strain-time curve for copper is typical of pure
metals and some class II alloys. The stress-strain curves
show that the yieldﬂstress is not very sensitive to strain
rate. This implies a high stress dependence of the disloca-
tion velocity, so that large changes in velocity produce
only small changes in stress. Johnston (1962) has éhown
that such a dependence, combined with a high work hardening
rate and initial dislocation density, will prevent the develop-
ment 9f yield points which otherwise result from the inter-

of . im2n and testing machine.
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. b

The unloading transient for copper is similar to
that of pure aluminium described in Section 2-7. An upward
change in stréss brings about a transient resembling a pri-
mary creep curve (this is also true for the other two
materials). The strain rate change test in copper shows
essentially the same features as the basic Instron curves,
notably a small rapid stress response and a high work harden-
ing rate. 1In ¢he analysis of Mecking and Lucke described
in Section 3-5 this corresponds to a high stress dependence
of the dislocation velocity, or a high velocity.

In regard to the stress dependence of the steady state
creep rate, the exponent n confirms th%\class II designation
for copper. In Figure 5-10 the results for copper and silicon
steel are compared with published data from constant stress
tests. Allowing for an expected underestimation of the
stress values for the constant lqu data, the agreement is
good, particularly in regard to the slopes. There is no
published data on copper-tin at this temperature.

-
T

5-8~2. Copper-Tin

The strain-time curves for copper-tin suggest class
I behaviour with a particularly strangly inverted curve at
low stresses. Inverted primary creep and the changeover at

ha in a few instances, notably
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on Al-Mg (Ahlgquist and Nix, 1971) and Fe-Mo (Fuchs and
Ilschner, 1969). The peaks and discontinuities in the
stress-strain curves from the Instron are in good gqualitative
agreement with the creep curves, as are the observations of
relative ease of achieving steady state. Where the approach
to stage II in the constant load tests involves a decreasing
strain rate, in the Instron tests the load plateau is ap-
proached from a region of increasing load and vice versa.
This suggests that the deformation modes are compatible and
that the observed discontinﬁities are not machine effects.
The yield points in copper-tin closelyéresemble
those observed by Horiuchi et al (1965) in Al-Mg and Al-Cu
at temperaéures and strain rates above 300°C and 2.5 x 10-2/
min, respectively. As, in Figure S-QXElvyielding occurs
slowly, involves strains of the order of two percent, which
increases with strain rate, and there is no work hardening
after the lower yield Ekress is reached. The heighélof the
yield drop increases with strain rate at high tempera;
tures, but near the critical temperature (which increases
with increasing strain rate) the height of the dr&p de~
creases, and disappears as the strain rate increases. At
2.5 x 10"%/min, for example, the yield drop disappears at
0.§ T, in Al-Kg (compare Figure 5-6(b) which is also at
0.6 Tm). 'This correlation with homologous temperature sug-

—TN B

at the rance of tha yield point is due to a
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limiting diffusion controlled process.

The most obvious explanation is that at low strain
raFes, where solute atmosphere drag is the rate controlling
process, the yield point results from the low velocity de-
pendence of the flow stress. Likewise, the relative in-
frequency of dislocation interaction prevents work hardening.
At ﬁigh strain rates the solute atmospheres cannot diffusé
fast enough, and dislocations escape them. As a result, the
velocity dependence of the flow stress is increased and the
yield point disappears. There must be some frictional drag
on the dislocations even at high strain rates, because the
stress dependence of the strain rate is not greatly
changed, there is no evidence of inhomogeneous flow, and the
yield stress is still fairly rate sensitive.

The unloading transients for copper-tin are similar
to those identified in Section 2-7 for a class I material.
In the strain rate change tests the small yield point at’

2 X 10-3/min does not reappear because the increase in @is-
location density is smaller after the strain rate cﬁange
than after loadiﬁg directly at the higher rate. The low
st;ess exponent of the strain rate in copper-tin implies a
viscous-glide céntrollihg mechanism. X

The most commoniy used model for the solute~dislocation
interaction is due to Cottrell and-Jaswon‘(1949) involving

At temderatures and/
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or low strain rates the atmospheres can diffuse fast enough
to prevent breakaway. At higher strain rates and effective
stresses the solute atmosphere becomes progressively more
dilute and the drag force decreases. This is the situation
causing the disappearance in the yield point and the apparent
increase in velocity-stress exponent at high strain rates.
The inhomogeneous flow and sharp stress drobs observed during
tensile tests at lower temperatures (i.e., at about 130°%
in copper-tin) ;re no longer observed.

Regardless of the precise mechanism, the solute-
dislocation interaction leads to a linear velocity-stress

reléﬁionship for atmosphere dragging. In Weertman's viscous

glide model, the steady state strain rate is given by:

K 2(1-v) 3

= o {5~-2)
AG2 app

s
where A is the constant for the model interaction. For the
Cottrell-Jaswon model:

2.5 2
A « e b cG (5-3)

kT D

L4 - a

where D is the solute diffusion coefficient, e is the
solute-solvent size difference, and ¢ is the solute concen-
tration. 1In principal, A can be computed and compafed with
the value deterhined from the stress dependence of the steady

~ ¢ e is no published data for D.
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Instead, an estimate of the range of velocities can be de-

rived. Experimentally the constant in the strain rate -

6 (kgm/mmz)_3

applied stress equation was found to be 7 x 10~
Wmin)_l. From equation (5-2), takiné G = 3850 kgm/mm2 and

0.3, A is found to be 0.0365 kg/mmz/min and thus taking

\Y

V = ob/A, the range of velocities becomes of the order of

i

1078 to 1077 cm/sec.

5=-8-3. Silicon Steel

The primary creep curves of silicon steel are
difficult’to characterise. They are similar to those of
Pahutova et al (1972), but other authors have repor:;d
normal primary creep (Barrett, Nix and Sherby, 1966;

Solomon and Nix, 1970). The sigmoidal type curve arises

from simultaneous changes in dislocation density and velocity.
Haasen and his co-workers have described the sigmoidal

curves of silicon and germanium in terms of a decreasing
mobile density. This is shown schematically in Figure 5-11,
where the lower curve is deri;ed by graphical integration.

In the linear portion of the transient, the increase
ig density is compens§£ed by a decrease in effective stress
and veloc¢ity, The simplest prediction of the model is that
the ratio emtm/ew, where w refers to thz point of inflexion,

be ° ) “ mt of stress. For the curves in
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Schematic description of sigmoidal creep curves.
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Figure 5~3 the values are: a) 8}31, and b) 1.38. Implicit
in Haasen's approach is an increasind internal stress with
strain. In the case of silicon steel, the sigmoidal curves
are found at all stress levels, so that the creep mechanism
is guite different from that of copper-tin. The model

does not invoké a particular dislocation mechanism or solute
interaction.

The yield effect in silicon steel, like that in
copper-tin, is gradual, involves quite large strains, and
suggests a small stress dependence of the dislocation
velocity. However, there are important differences, notably
that in silicon stee} the yield does not appear at low
strain rate, increases with strain rate, even at the lower
homologous temperature, and does not involve an actual
stress drop. In addition, it is followed by a period of
work hardening.

One possible source of this kind of yield behaviour
iz a low initial density, which has besen shown by Johnson
(1962) to have a ¢greater efﬁﬁﬁt on the appearance of the
yield poi;t than doeg the velocity stress dependence. Such
low densities have been reported by Lytton (1965).' In
this case, an increasing yield effect with increasing strain
rate would be expected, and a higher velocity and velocity-
stress dependence would teﬂd to suppress the stress drops,

to the "' of work hérdening, Note that in
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marked as in copper-tin. However, after a strain rate
change the yield point is reproduced at all strain rates and
has essentially the same appearance as in the stress-strain
curves. To produce a yield after a small strain rate
change, the rate of dislocation multiplication must be
greater than in copper-tin.

For silicon steel, it has béen suggested (Pahutova
et al, 1972) that the mechanism giving rise to the sig-
moidal curves involves a short range order interaction.

An alloy system known to exhibit similar creep curves is
partiall§ ordered Fe-Al, which has a similar phase diagram.
The effect of order on the high temperature deformation of
Fe-Al solutions has been studied by Lawley et al (1960)

and Schmatz and Bush (1968). The former concluded that the
diffusion of atoms to maintain the equilibrium ordered
structure determined the creep behaviour, which is glide
controlled. The inverse transient was explained by a stress
directed short range order superimposed on the isotropic
order. This provides relatively "easy" paths for disloca-
tion movement and an increasing creep rate with strain.
Schmatz®and Bush observed very low initial dislocation
densities (due to growth of ordered domains during annealing).
They concluded that during initial stressing, the rapid
'refinement of the domains occurrxed, and»the resulting rapid

Cor 1 3d a Johnson type yield,
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’

typified by an S-shaped curve, without reference to a glide
controlled mechanism.

The degree of order in 3%% silicon steel will not
approach that in the iron-aluminium alloy, so that it is
tempting to conclude that extensive secondary recrystallisa-
tion has reduced the initial dislocation density. However,
the strain rate change curves tend to refute this argument.
The high n value, the inverted transient after a stress
drop and the extensive "normal"” primary creep region imply
some form of substructural activity which is absent in

copper-tin, s0-that overall the silicon steel behaviour is

intermediate between the other two materials.



CHAPTER 6

DETAILED ANALYSIS OF STRAIN TRANSIENTS

6-1. Introduction

{1

In this Chapter a model is described, the purpose
of which is to provide a quantitative description of the
strain-time transients incorporating variable material
behaviour in terms of mobile dislocation demsity and dis-
location velocity. 1Initially, however, a brief description
is given of some earlier models based on the hardening-
recovery creep concept, It would not be practical here
to give a full description of these models; rather, only
the underlying assumptions and some indications of the
mathematical approach have been given. In the previous
Chapter, a wide variety of creep bghaviour has been
exposed and some gualitative explanations proposed. The
model outlined in Section 6-3 secks to provide a unified
view whereby such effects as solute-atmosphere dragging
and short range order can be incorporated in the form of
differing dislocation velocities and velocity-stress de-

pendencies without loss of generality in the description.

121
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6-2. Strain-Time Relationships Derived from Recovery Models

Lagneborg (1969b) used a refined recovery-creep
model to obtain expressions for the strain-time relationship
during primary and secondary creep. The h and r terms in
equation (3-6) were expressed in terms of the increase
and decrease in internal stress due to strain hardening and
recovery, viz.:

Ab(o(t)h-c(t)r)} (6-1)

E(t) = €, exp - |
KT

where o(t)h—o(t)r represents the activation barrier for

further straining, To describe the hardening term he used

equation (2-8) and a linear dependence of strain on the

total dislocation density and developed an expression of

the form:

— B @)% t(t) (6-2)
at

The corresponding expression for do(t)r/dt was
obtained by assuming a network growth model with a p(t)3/2
dependence of the rate of recovery. In addition, the
recovery process defines the quantity of dislocations
lost and thus the net density at any instant, The assuééd
linear dependence of strain and net density leads to an

: te_1\ for the *‘ 1iin rate.
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The model thus results in a system of four equations
which can be manipulated to provide computed comparisons
with experimental results for the time q§pendence of both
p(t) and €(t). For a 20% Cr - 35% Ni steel Laéneborg was
able to derive a reasonable "normal" shaped primary creep
curve, although the model also predicts a continually in-
creasing dislocation density which is in contradiction to
most experimental qggervations (see Section 3-3).

Apart from the fact that the model invokes the
network growth concept, there are other'problems associa-
ted with its use to describe other materials. The equa-
tio;; cannot be solved analytically and contain parameters
such as M, the dislocation mobility, and.po and éo' the
dislocation density and strain rate produced on loading.
These cannot easily be measured, so that further assump-;!
tions become necessary regarﬁing (for example) their stress
dependence. Correspondingly, it is difficult to use this
approach to describe strain transients. A similar model
due to Barrett et al (1970) describes transients in silicon
steel (which had a well-defined pub-boundary structure).
Using the same type of recovery term, they were able to
compute suitable curves while at the same time clearly
indicating that exteﬁéive substructural change occurred

during the transients. A gquestion thus arises as to whether

the qualitative agreement between theory and experiment in
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these models is fortuitous, arising from essentially
dimensional éonsiderations rathér than from a genuine view
of structure. It may thus'be possible to devise simpler
models without reference to a particular dislocation network
or to separate hardening and recovery terms.

Gittus (1971) expressed the balance between har-
dening and recovery as d balance between strain induced

immobilisation of dislocations and dislocation annihilation

resulting from thermal recovery, thus:

.2 3 | -
dp—(g-g-)ds-%(s%)dt (6-3)

He chose the following expressions for these terms:
2 .y (pep) 8 | (6-4)
3E FPe)

il

and

32 = v (g0 (6-5)

3
g

A\ «
where A and y are constants, p = polwhen t =0, and p + p_

as t+ « when y = 0. By substituting these equations into
equation (6-3) and differentiating, an expression can be
generated which can be golQed analytically for the time
dependence of the mobile dislocation density. If the

dislocation velocity is assumed constant, then equation (3-1)

Y



can be integrated to yield the desired strain-time relation-

ship:

( ES (pi"'pL)

(AES+Y)

e(t) = } (- exp - (Dé]E)) +E L (6-6)

L

where Py and py are the initial and steady state values.
Note that this equation has the same form as the empirical
relationship (2-1). It predicts a linear relationship °
between the empirical coefficient a and the steaﬂy state
creep rate, a correlation which was verified by Gittus for
stainless steel. In principal, eguation (6-6) can be solved
to give the increments df creep strain contributed during
each of a succession of time periods at a succession of
stress leve;s. In practice, this equation cannot be used
for stress increments since it makes no allowance for the
sudden rapid increase in dislocation density at the start
of the-£fansient, it considers only the decay in density
from an initial peak value. It thus cannot, as‘it stands,
be applied to a material such as copper where the disloca-
tion density within sub-grains is an increasing function

of stress.

i

<
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6-3. Derivation of an Alternative Strain-Time Relationship

The following description is based on the concept'that
the time needed for a dislocation to traverse a given area of sglip
plane will be dependent on both the time of flight tf between
obstacles and the waiting time tw spent in the vicinity of the
obstacles. The waiting time is that needed for the dislocation
to receive a thermal fluctuation of sufficient magnitude to over-~
come the obstacle and is thus a function of the attempt frequency
and the activation energy. The time of flight will be a function
of the mean velocity of a gliding dislocation and of the mean
spacing of the obstacles (see Lloyd et al, 1970).

Sargent (1973) has suggested an approaéh by means of
which this concept could be used to define the tiﬁékgsggggénce
of the mobile dislocation density, this being an essential
requirement for any model based, like this one, on the integra-
tion of equation (2-1).

. The net change dN in mobile dislocation density (i.e.,
in those actually moving) during an interval dt is the difference
between the density becoﬁing stuck, N (dt/tf), and that managing
to free itself (where dt is small relative to tf). The latter
quantity is dt/t  times the density of dislocations held up. At
this juncture, the concept of a density No of "potentially mobile
dislocations” is introduced, This is simply the sum of those
held up and those actually moving. To clearly define this quanti-
ty it would be necéssary to provide a mechanistic description of

the distribution of dislocations and/or of the obstacles to dig-
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Por example, the approach of Lagneborg (1973) could
be used to define No' In this case it is assumed that there exist
both thermal and athermal barriers to dislocation motion. The
potentially mobile density (what he calls the mobile density) is
comprised of all those for which the athermal obstacle can be
overcome by the applied stress. This means that it includes all
those dislocations situated in positions where the structure is
locally coarser than some critical spacing. In a non-substructure
forming material No might thus be expected to be a much larger
fraction of the total density than in a subgrain former. |

For the pﬁrposes of this anal;sis it is desirable to
maintain generality so as to be able to apply the model to materials
of strongly differing behaviour within which N, would vary con-
sid;rably relative to the total number of -dislocations. It is
assumed that N_ is constant at constant stress. Effectively, this
means that any net increase in toéal dislocation density during
primary creep or during a transient can be thought of as becoming
permanently held up at athermal barriers. It is dif?icult to
estimate the degree to which Ehis assumption is justified because
the corresponding experimental evidence does not clearly indicate
the net effect on the distribution of athermal barriers.

The net change in mobile density in time dt is thus:

£

- av = (v, - M $5- gt (6-7)

tw tf
where the first term describes the number mobilised, the second the
number immobilised,

'* < an instantaneous density N:
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WM. o _ny(L1s+d (6-8)
dat

Integration of this expression defines the mobile density

as a function of time, assuming tw and tf are constant:

N = é ( - exp (c-at)) (6-9)

N
a=(g-+g),c=1n (£2-a '
W f W

the creep rate is given by:

L

N [
¢ = 3V [ EQ - exp (c-at) ]

(6-10)
a w

>

g

4

where V is the average dislocation' velocity, which leads to:

N t v N -
e=8V o7 Ll 0. 00 -6 (6-11)
a t '
w

a
tW

Nyte that this equation is of Ehelsame form as equation

(2-1) and provides a more analytical basis for the coef-

- ficients than does that of Gittus. -

The shape of a primary creep curve depends criti-~
cally on the relative magnitudes of t and te. At low
stresses, if the time of flight between obstacles is long
a = l/tw and:

Nt )
e =abV t (-2 - (N -8 (1 - exp t/tyy, (6-12)
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If NO > N° (as in an annealed material) the creep curve is
of the inverse type, the steady state being defined by

€ = abv ﬁo which means that all the potentially mobile
dislocations are mobile. In addition, the transient strain:

(N° - N)
2 (6-13)

g, = ¢
t 8
aNO

which is identical to the representation of Gittus.

The term tf decreases with stress at a greater rate

than tw' and in the limit a = l/tf, and:

N ¢t N (o

e=abve, (-t (2-%) - exp ) (6-14)
t t t
w W £

The shape of the primary creep curve now depends on (No/tw -

No/tf), and for a series of tests, as the stress increases,
the curve can change from "inverted” to "normal"” in shape.
The latter case is extreme, since it implies "barrier” N
control, but this is not a requiremen€ for normal curvatuie.
Note that the approximation of constant velocity would be
invalid if a change in mechanism were' to occur during a

test, and the resulting discontinuities in mobile density and

velocity would lead to more complex curves.
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6~4. Application of the Model to the Creep Test Results

For copper the identity "at"” was calculated from a
series of curves at different stresses. A plot of "at"
against t was linear except at very low strains and close
to the steady state. The calculated a values are shown in
Table 6-1 as a function of és'

The basic creep curves for copper-tin in Figure 5-2

can be expressed as:

e =7.77 x 1074 t - 0.011 (1 - e 0-075% (6-15)

and:

e =8.33 x 1072 + 0.018 t + 0.012 (1 - e 10-41% (6-16)

respectively. Thus, while the a values for copper and
copper~tin are comparable at low strain rates, that for
qopper-tin is more rate sensitive. Comparable values for

silicon steel cannot be obtained bacause of the more com-

" plex type of creep curves produced by this material.

The "normal" shaped curves for copper reflect the
relatively high velocity of dislocations in a pure material
where the friction stress is low. Thus, even at low stresses
the time of flight is sufficiently small to approximate to

situation of egquation (6-14).
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TABLE 6-1

CALCULATED VALUES OF THE

COEFFICIENT a IN EQUATION (2-1)

S és/min a/min
i) Copper — -

2.65 x 107° 0.0053
6.17 x 10™° 0.0137" (
1.50 x 1074 0.0295
5.38 x 10707 0.0602
1.70 x 1073 0.155
3.70 x 1073 0.370
1.04 x 1072 1.443
8.63 x 1072 12.55

ii) Copper-tin
7.77 x 10”4 0.075

1.80 x 10”2 10.41
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In copper-tin the inverted Creep curves at low
stresses imply an increasing effective stress. The cor-
responding decline in internal stress has been detected
during primary creep of aluminium-magnesium (Ahlgquist and
Nix, 1971). Since an increasing total dislocation density
implies an increase in internal stress, then provided that
the velocity is not strongly stress dependent, the increase
in strain rate at constant stress is the result of an in-

creasing mobile fraction of dislocations at ostensibly

3

pe

constant total density. This is essentially the glide -
controlled situation of equation (6-12). At high stresses,

i.e., those above the initial internal stress, there is an

initial rapid extension as in pure copper. 1In this case

the higher density of dislocations, decreasing during primary
creep, transforms the transient to one of declining strain

rate, as indicated by equation (6-14).

6~5. Load Change Transients

The single stress change curves of Figure 5-8 can
be analysed in the same way as for the creep curves by
treating any initial rapid extension as €, (identified with
a rapid increase in dislocation density). On each of these
figures the best fit curve of the form of equations (2-1)
and (6-11) has been determined énd as can be seen from the.
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calculated points in each figuge, the agreement is very

close.

6-5-1, Copper

AN

The stress increment transient in Figure 5-8(d4)

has the form:

N

e~5.65t

€ = 0.0116 + 0.0146 (1 - ) + 0.0214 t (6-17)

where t is in minutes. The a value at this strain rate
predicted from the creep data in Table 6-1 is about 3.1,
which, in view of the experimental scatter compares well
with the 5.6 abng. A fit to the data using fixed values
for a and és (pgédicted and measured respectively) diverges
at short times.:

In equation (6-11):

g, = 22X (2 .- an”) = 21 -2 ) (6-18)

from the above values, aNO/No tw = 3,85.

To see if this gives sensible values for tw' a value
for NO/No is needed. 1If it is assumed that the peak in
mobile dislocation density during a transient corresponds
to the point at which all the potentially mobile dislocations

are mobile (which must be an underestimate for No) then

NO/No can be put equal to unity, where N° is the peak value.
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Thus atw = 3,85 and since a = (l/tw + l/tf), tw/tf * 3, At
this stress, equation (2-8) predicts a value of lOg/cm2
for the mobile dislocation density, so that, from equation

3 cm/min., This is

(2-1) the mean velocity is about 10~
orders of magnitude greater than that estimated for copper-
tin in Section 5-8. If the time tf is that required for a
dislocation moving across a sub-grain of diameter 1073 cm
then tf and tw are of the oéder of 1 and 3 minutes, respec-
tively.

For the unloading transient in Figure 5-8(a), there
is an initial delay period of apparently 2zero strain rate.
During this time, the local effective stress will vary in
both magnitude and sign. Only after some form of recovery
will a positive strain rate be established and up to this
point the effective mobile dislocation density will be

Zero.

Using the expression:

(1 - e2(t-to), (6-19)

£ = es (t—to) + et

where to is the delay time and € is now negative the data

in Figure 5-8(a) gives a best fit at és = 2.4 x 10”4 /min, t, =
14 mins, €, = 0.0086 and a = 0,028l, The fit is not very
sensitive to'to and no unique solution waé obtained. The

i
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predicted points are shown in the figure. The predicted
value of a at the reduced stress level is 0.035 at 2.4 x
10”4 /min and the measured €, is 1.85 x 10"%/min. The
agreem2nt is again quite reasonable.

According to the model, for lower velocity equation
(6~13) gives ¢, = - és/a when N® = 0. For és = 2.4 x

t

10"%/min and a = 0.0281, ¢, is found to be 0.0085, which is

exactly that found.

Thus the primary and transient data for copper can
be explained semi-quantitatively by the model in terms of

changes in mobile dislocation density.

6-5~2. Copper—-tin and Silicon Steel

The load change data for copper~tin gives from

Figures 5-8(e) and 5-8(b):

e = 0.066t + 0.0084 (1 - e 49-3ty (6-20)
for the upward change, and:
e = 3.06 x 10°% + 2.96 x 1074 (1 - 70-946¢, (6-21)

for the load reduction.
Comparison with the creep data shows that while the
exponential coefficient for the upward change in gtress is

of the ’ magnitude for that strain rate, the value
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for the reduction in stress is one order of magnitude too
high. While care must be taken in interpreting this data
because the strains involved are very small, this observation
suggests that changes in dislocation mobility associated
with stress changes are much more important in copper-tin
than in copper. 1In copper,.there is apparently no history
effect in the coefficient a. 1In copper-~tin, however, on
dropping the stress, dislocations have greater mobility than
in the steady state because initially they are still free of
atmospheres, so that this history dependence of velocity
shows up in a higher a value.

The curves in F%gure 5-8(f) and 5-8(c) can be

expressed roughly as:

9.36

€ = 0.0166t ~ 0.0015 (1 - e ) (6-22)

and:

1.47 x 10"% - 7.39 x 1074 (1 - e0-206t, (6-23)

1

€

respectively. While there is no primary creep data to com-
pare this result with, it is worth noting that these a values

are intermediate between those for copper and copper-tin.
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&-6. Conclusions o

The foregoing model provides a semi-quantitative frame-
work for dealing with strain transients, whether they arise from
load changes or from a single load creep test. The coefficient
a has been shown to be a sensitive material param%Fer related
to the mobility of dislocations while the transient strain
parameter €, is chiefly dependent on the changes in mobile dis-
location density. While in certain circumstances the resulting
equation sggsemble those of Gittus there is a fundamental dif-
ference in approach. Thus, the model developed here makes no
reference as such to hardening and recovery as separable pro-
cesses which directly influence the deformation. In addition,
the dynamic processes of dislocations gliding and being held
up at obstacles is essentially "non-structural" and runs con-
trary. to the network growth view of creep.

The model suggests that the substructure-does not in
fact influence directly thé mobility of dislocations, since, for

. example, it could be shown that, in a structural material such
as copper, the ;parametér a was not sensitive to the state of the
structure, and!th s is the same at a given stress level both
during a primary creep c%;ve and after a load change. Such a
conclusion greatly facilitates the comparisons of materials of
varying creep responses, Since the most important differences
arise from effects on dislocation mobility. In the following

chapter, the problem of microstructural influence on mobile dis-

1 'on behaviour will be of primary interest.




CHAPTER 7

MICROSTRUCTURAL OBSERVATIONS

7-1. Introduction

The study of microstructures is made necessary by
the fact that different materials develop widely different
structures after creep. The study of the various forms of
mechanical response would thus be incomplete without some
knowledge of the substructural arrangements and the ways |
in which they could influence the mechanical behaviour.

It has already been suggested that many mechanical traﬁg;ents
have been interpreted in terms of a resistance to flow
originating within sub-boundaries, and one purpose of the
examination of substructures is the assessment of the extent
to which the observed features could provide such a streng-
thening. Since the basic relationship of any creep study

is that between the strain rate and the applied stress, any
model of substructural arrangements should be formulated to
translate these meghanical data ingp a prediction of  some
structural paraméter. .

The objects of the experimental observations des-
cribed here were: to determine the degree of uniformity of
the microstructures, to perform a detailed analysis of the

most representative features, and to assess the basic dif~

P
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ferenées between the structures of the three materials studied.
There are several microstructural features which ©
provide evidence of non-uniformity, most notably, the existénce
of slip bands, deformation bands, and grain boundary distor-
tion. The extent to which these non-uniformities persist in
(say) secondary creep is a strong?indication of the scale on
which the subétructural changes which lead to the establish-
ment of a new steady state can occur. 1In a material within
which slip lines persist during secondary creep, for example,
the structural change accompanying a change in stress may not
simply be a uniform response in sﬁb-grain size or mobile
dislocation density; rather it could conceivably take the form
of a change in slip ;ine spacing. The exisﬁg;ce of such
structural non-uniformity indicates a response to local dif-
ferences in strain and also the extent to which a creep model
based on uniform dislocation activity throughout a material
can be expected to apply.

The detailed analysis of the more microscopic features

includes measurement of the sub-grain size, the degree of

equiaxiality of the sub-grains, and the magnitude and variability

of sub-grain misorientation. The sub-grain size is the
structural parameter most commonly used as a measure of the
mechanical resistance provided by the sub-boundaries. The

misorientation provides a good indication of the strain inhomo-
L
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eneity since it describes the total accumulation of disloca-
tions within a given boundary. The dislocation density not
associated with sub-boundaries is also of interest, being

commonly associated with the mobile dislocation density.

7-2. Experimental Observation on Copper

4
*

7-2-1. Optical Microscopy

Photographs 7-1 and 7-2 show the surface markings-on
a copper single crystal and a polycrystalline sample both
deformed 10% at 550°C at a crosshead speed of 2 x 10 >/min.
The testg were performed in a flow of Argon to preveént the
formation of an oxide layer. Slip bands can be seen in both
specimens. In the single crystal, they follow the trace of
the primary slip plane. The %}ip band spacing is of the or@er
of 10 ~ 20 microns in each case, which is considerably finer
thqn that of Clauer et al (1970) on molybdenum and is at the
1:§S§nd of the sgpacings reported for aluminium by Garofalo :
(1965) . In Phatograph 7-2, some coarser bands can be seen
at points A. Defcrmation bands were not observed, possibly

becausé the surfaces were not clean enough to reveal such

thermal étbhing effects. After strFining well, into stage II1I
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Photograph 7-1. Slip lines observed on a copper §ingle crystal
after 10% deformation at 2 x 10~ /min (X 150)
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Photograph 7-2. Slip lines observed on a copper olycrystal
. ] after 10¢ deformation at 2 x 10~ /min (X 150)
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the overall grain shape in c6pper was similar to that in the
annealed specimens. Some grain boundaries were a little dis-
torted but the annealing twin boundaries still retained

their sharp corners. No grain boundary cavities were found

except in broken specimens.

z

7~-2-2. Substructural Observations in Copper Single Crystals

Affer 1% strain, in (111) sections a fine dislocation
debris was found, the longer lengths of dislocation lying along
the primary edge direction [121]. The dislocation density
was 1.3 + 0.3 x 109/cm2 (based on nine observations with an

assumed foil thickness of 0.225 p). In (101l) sections there

-

were a few narrow boundaries aligned in the primary slip

plane trace.

After 11% strain in (111) sections, the only addi-
tional feature was some small networks aligned parallel to
the primary screw direction [101] their ends running ﬁow§rds
[121], ana containing sets of parallel dislocations. Else-
where, the dislocation density at 1.4 + 0.3 x 109/cm2 was

unchanged.
In (121) sections, well defined sub-boundaries were

in evidence lying in the traces of both the primary and

cross slip planes.
Ay
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After 39% strain in (111) sections, the substructure
was composed of well developed, roughly equiaxed subgrains
and extensive hexagonal networks adjacent to the boundaries.
The sub-boundaries were aligned along [1Z1] and [110], i.e.,
the primary edge and conjugate trace directions. The sub-
grain diameter was of the order 5 - 10 microns, but was
quite variable, and Kikuchi line shifts across the sub-
boundaries were very smali, indicating misorientations of
only a few minutes. Burgers vector analyses were performed
on the networks ¥y observing the contrast at different oper-
ating reflections. The network consisted of two parallel
sets of screw dislocations of burgers vector a/2 [101]
and a/2 [110] which are the two mo;t highly stressed co-
planar (]111) systems and aée inclined at 60° to each other.

. In (101) sections at 39% strain the subgrains were
more regular and elongated along [1Z1] with occasional cross
linkages (Photograph 7-3). However, the structure was in-
homogeneous with clumps of subgrains separated by large dis-
location free areas. There was a very strong alternating
contrast across the sub~boundaries normal to the primary
slip plane trace. Kikuchi line analysis‘indicated that the
misorientation also alternates and was of the order of 1°,
comprised predominantly of a tilt across [121]. .

j';n come areas, the sub-boundaries ran into regions of

coarser networks similar to those seen on the primary slip
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Photograph 7-3. Dislocation substructure in pger single
crystal deformed 39% at 2 x 10-3/min. (I01)
section. (X 6000)
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Example of burgers vectgr determinatlon in copper single crystal
deformed 39% at 2 x 107°/min. (I01) section. (X 25,000)

Photograph 7-4. Photograph 7-5
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g = b=as2 [110]
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plane. The width of the networks seen in (10l) indicated
that they lay in the conjugate (I11) plane. Burgers vector
analysis showed that they were composed of two sets of
parallel screw dislocations with burgers vectors a/2 [011]
and a/2 [110] (Photographs 7-4 and 7-5). Both these con-
figurations are highly stressed, though since the nets are
.aligned along the primary slip plane trace, they could

be formed by the interaction of (II1)[011] with the highly
stressed (111)[110] screw dislocations from the primary slip
plane. \

The above observations are in good agreement with
those of previous workers on copper. The main features are
the slow build up of essentially tilt walls perpendicular to
the primary slip direction, and the formation of networks by
the intersection of coplanar (111l) screw dislocations. 1In
addition, screw networks develop at the intersection of the
primary and conjugate planes adjacent to the tilt walls,
with which they interact.

The strong alternating contrast seen in (I01) sec-
tions at high strains is considered to arise from the inter-
action of primary edge dislocations with forest disloégzlons
of alternating sign. 2According to Steeds (1966) these forest
dislocations would have [011] or [110] burgefs vectors and
Orlova and Cadek (1970) found that these boundaries contain

a/2 [011] and a/2 [110] dislocations from the cross slip
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plane as well as primary and coplanar (111) dislocations.
The cross slip plane is perpendicular to the (101) plane,
so that such boundaries would be quite narrow in this

section.

N

N
t

7-2-3. Substructural Observations in Copper Polycrystals

The structure of the annealed material was almost
featureless with a few short lengths of dislocation scat-
tered throughout. The dislocation density varied from
virtually zero to 108/cm2, but the method of measurement

2 s0 that an

was insensitive to densities below 1QZ/cm
average could not be computed.

The structures of two series of specimens deformed
7 to 9% at 2.9 and 4.6 kg/mm2 (with steady state strain
rates of 3 x 10 4/min and 9.5 x 1073/min) were extensively
examined. A well developed subgrain structure was found
in each, but several different types of subgrain groupings
were observed. Qualitatively, the two strain rates re~
sulted in similar structures, the following description

concentrates on that obtained at the lower strain rate, com-

parisons being provided where appropriate.

\
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a) General Description

There was a pronounced variation from equiaxed
(Photograph 7-6) to elongated bands of parallel subgrains.
Both structures were found within the same grain and there
is an overall sense of alignment in a slip plane trace.
Occasionally the bands of parallel subgrains were separated
by equiaxed régions roughly 10 - 20 microns wide, that is of
the same separation as the observed slip lines. However,
since the foils were randomly oriented it is not surprising
that these observations were the exception rather than the
rule. In addition, the directionality in the equiaxed zone
was more pronounced adjacent to grain boundaries running
approximately in the slip trace direction.

There was no evidence of a general pattern of groups
of subgrains of small misorientation within higher angle
sub-boundaries. Clumps of subgrains were found which
were apparently equally misorientgd about a common zone
axis, so that the clump appeared uniform in contrast with
respect to its surroundings. The misorientations within
the group were found to be of the same magnitude as those
between it and the surrounding subgrains.

The twin boundaries retained their sharp corners
after deformation and no evidence of recrystallisation or

grain boundary migration was ever seen. The substructure
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Photograph 7-6. Dark field micrograph showing substructure in 2
polycrystalline copper deformed 8% at 2.9 kg/mm°,

* E_ = 2.4 x 10 /min.  (x6000)
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after deformation at the higher strain rate growed similar
variations in subgrain size and subgrain arrangements.

The subgrain size was finer and the sub-boundaries were more
ragged than at the lower stress. Photographs 7-7 and 7-8
show a roughly equiaxed region and a region of elongated

subgrains, respectively.

b) Sub-grain Size

For subgrain size measurements, twelve areas of foil
comprising 5900 square microns with a total subgrain count
of 715 were taken from several specimens deformed at 2.9
kgm/mmz. The average subgrain size was 3.9 + 0.2 microns
where the limits indicate the 90% confidence interval for
the mean. From foil to foil, the average varied from 3.45
to 4.5 microns and a histogram showed the distribution to
be symmetrical about the mean. Determinations were also

done on two areas of foil after creep at the higher stress,

.the average subgrain size in this case being 3.15 microns.

The deviation from equiaxiality was assessed on the
same twelve areas of foil from the number of sub-boundary inter-
cepts with a 10 cm .line placed along-and normal to the prominent
(111) trace. At X11,000 the number of such intercepts

varied from 1 to 10, a total of 107 such measurements being
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Photograph 7-7.

Y

Dislocation substructurezin polycrystalline copper
deformed 9% at 4.6 kg/mm

¢, = 1.0 x 10"%/min. (X 11,600)
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Photograph 7-8.

Dislocation substructurezin polycrystalline copper
deformed 9% at 4.6 kg/mm
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made. The average intercepts were 3.6 + 0.3 parallel and

5.05 + 0.45 normal. There is thus a significant elongation

¢

of subgrains in the trace direction.

According to Bird et al (1969) copper has one of the

\
smallest subgrain gizes found in crept material at equivalent

5

stresses, being from 10%b to 10”b (b is the burgers vector)

3 and 1074 ¢ (i.e., stresses between

8

for stresses between 10~
1 and 11 kg/mm?). For b = 2.5 x 10 ° cm, the subgrain size
becomes 2.5 to 25 microns. Only a few subgrain size
meas;rements have actually been carried out on copper thin
foilé:' Barrett (1965) obtained a value of 3.3 microns at
500°C and 2.1 kg/mm®, and Lloyd and Embury (1970) found
variations from 1 to 3 microns over the sC}éss range 1.8 to
4.6 kg/mmz. More recently, Stakér and Holt (1972) obtained
an average value of 3.37 u from 25 areas at 550°C with a

strain rate of 5 x 10—3/min which is in excellent agreement

with those above.

c) Sub-grain Misorientation

Kikuchi line shifts were measured between groups of
subgrains on four areas at the low stress level comprising
36 measurements, and on three areas at the high stress levels

comprising 18 measurements. The average misorientation at
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2.9 kg/mm2 was 38.4 + 6.5 minutes and at 4.6 kg/mmz, 27.9

+ 8.0 minutes. There was considerable range of values from
96 minutes to 12, but only three values exceeded 55 minutes.
The difference between these means is not significant at
the 10% level of significance.

The extent of tilt and twist was variable and com-
plex and it was very difficult to get a clear overall view.
A few characteristic arrangements do occur, one of which
is shown in Photographs 7-8 and 7-9. In both these, the
alternating contrast coincides with alternating tilt misi
orientations, and is typical of regions of elongated parallel
subgrains. This structure-is very similar to that obsgerved
in single crystals at large strains. 1In regions where the
st£§cture was more eqﬁiaxed, though still showing pronounced
directionality, there was still the alternating tilt mis-~
orientation, but in addition an alternating twist can be
detected about the cross-linking boundaries. This is shown
schematicalliwgn Figure 7-1. PFigure 7-2 shows an unusually
clear example of this, Photograph 7-10 being from part of
the same field. The length and direction of the arrows
gives the relative magnitude and directions of the rotation
of the subgrains. 1In other regions, the misorientations
are much more variable, though tilt boundaries are still

found more frequently than twists.
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Q.

Photograph 7-9, Dark field electron micrograph Sf polycrystalline
copper deformed 7% at 2.9 kg/mm

g = 2.4 x 10™%/min. "(x 11,000

Photograph 7-10. Electron micrograph of palycrystalline copper

deformed 8% at 2.9 kg/mm®, ég = 2.1 x 10~ /min.
Part of the field shown schematically in Figure
- (x 11 |
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d) Sub-boundary Structure
{

Only rarely was the area covered by a sub-boundary
large enough to permit any‘details of their dislocation
content to be extracted. Practically all such networks
were found from burgers vector analysis to be composed of
two sets of parallel screw dislocations forming a cross-~

grid. An example is shown in Photograph 7-11, where the

boundary is possibly made up of coplanar [011] and [110]

screw dislocations lying in the (111) plane. 1In this in-
dexing framework, they could also have coplanar burgers
vectors [110] and [011]. Thus, as in the single crystals,
the most frequently observed burgers vectors could be assigned
to the primary and conjugate planes, though of course the
traces cannot be assigned with certainty.

The difficulty in finding resolvable non-screw
networks may'arise‘from the greater mobility of screw dis-
locations so that screw networks can form on several inter-
secting (11l) type planes. Tilt boundaries would bg re-
stricted to orientations close to (I0l1) ‘planes, so that the
chance of finding a wide boundary in &he foil is lessened.

The stability of the substrdcgﬁ:e was clearly demon-
strated by the fact that after holding at the creep tempera~
ture for up to 200 hours following' removal of the load

during steady state creep, there were no significant sub-
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structural changes in either character or size.
Observations of the transverse surfaces 6f broken

specimens showéﬁzthat fracture occurred by intergranular

separation at low and intermediate stress and by necking

and apparently transgranular fracture at high stresses.

7-3. Structural Observations in Copper-Tin

Photograph 7-12 shows copper-tin in the annealed
condition and Photographs 7-13 and 7-14 were taken after
10% deformation at 2.7 kg/mmz. In these and the remaining
photographs in this Chapter, the tensile axis is horizon-
tal. The severe grain boundary distortions are in sharp
contrast to the structure of copper after deformation.
There are numerous cavities on transverse grain boundaries
particularly at triple points and at twin ﬁoundary/grain
boundary intersections. Extensive grain boundary migration
has occurred and within the grains the twins are'frequently
bent and some of the twin boundaries in the largest grains
have become ragged. Most of the cavities are located on
grain boundaries, indicating a retarding effect on boundary
mobility and suggests that at this strain, migration is

8till occurring locally rather than across entire grains.

1
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Photograph 7-12. Micrograph of copper-tin as annealed (X 250)

{ ‘k_f e e - TR e N
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Photograph 7-13. Micrograph of copper-tin after 10% strain at
2.7 kg/mm? (X 600)
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Photograph 7-14. Micrograph of copper-tin after 10% strain
at 2.7 kg/mm2 (X 1600)

g
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Photograph 7-15. Micrograpg of copper-tin after 3% strain at
2.7 kg/mm“ (X 600)
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The effect of strain was assessed by comparing these
observations with those from specimens crept only 3% at
the same stress. As can be seen in Photographs 7-15 and 7-16,
the extent of boundary distortion is considerably reduced
though still apparent, and the twin boundaries are undis-
turbed. However, it is remarkable that even at this strain
cavities have already formed on many transverse boundaries
and triple points. The structure observed after 3% at a
higher stress (9.0 kg/mmz) is shown in Photographs 7-17
and 7-18. The boundaries are ragged but the twins are
quite sharp and there are fewer cavities.

As stated previously, very few thin foils could be
produced with copper-tin, and none of these contained any
grain boundaries, which would have produced the most inter-
esting observations. The presence of the cavities and the
grain boundary distortions combine to give preferential
thinning at these points. Photograph 7-19 shows a typical
electron micrograph. There is no evidence of sub-~boundary
formation and the overall appearance is like that in the

primary plane in copper single crystals at low strains. ,

'rs



160

vt

[\ E‘P.l c- Sen ; S . \§*x -
y===—-r.u:£ T \—-\S - ‘\-l '1-,‘.—[ v I:—c—.‘ e T B AT ~-v:$‘v:\ _—a-.r.\.%:ﬁ'f\"\.-’ o5 <

Photograph 7-16. Micrograpg of copper-tin after 3% strain at
2.7 kg/mm“ (X 1500)
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Photograph 7-17. MicrograpB of copper-tin after 3% strain at
9.0 kg/mm* (X 250)
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Photograph 7-18.
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Micrograpg of copper-tin after 3% strain at

9.0 kg/mm* (X 250)

Photograph 7-19.

Electron micrograph
strain at 2.7 kg/mm

20f copper-tin after 3%

(X 40,000)
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7-4. Structural Observations in Silicon Steel

The etch-pitted substructures observed in this
material after deformation at the two stréss levels were very
different, and also showed considerable variation within a
given specimen.

After 8% strain at 4.5 kg/mmz, the substructure
varied between a) regions of random individual dislocations,
b) regions of coarse equiaxed subgrains within partly com-
pleted sub-~boundaries, and c¢) bands of sub-boundaries which
were more pronounced adjacent and parallel to a grain boundary.
Examples are shown in Photographs 7-20, 7-21 and 7-22. 1In
the equiaxed regions, the subgrain size is about 10 microns,
but between boundaries in the bands it varies from about
0.1 to 5 microns. The total dislocation density in those
areas without sub-boundaries was found to average 7.0 x 107
+ 0.2/cm2 (the results on silicon steel are all averages of
9-measurements) compared with the as-annealed walue of
6.0 x 10%/cm®.

The structure after deformation at 9.5 kg/mm2 was
also variable but only from grain to grain rather than within
individual grains. In some grains the distribution was

-

random (Photograph 7-53) at a density of 1.5 x loe/cmz.

rd

Elsevwhere, parallel bands of high density separating narrow

low density areas ran right across the grain. In most cases,
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Photogrdaph 7-20. Micrograph of etch gitted silicon steel after 8%
strain at 4.5 kg/mm< (X 2,000)

N A S S

Photograph 7-21. Micrograph of etch gitted silicon steel after 8%
strain at 4.5 kg/mm“ (X 2,000)
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Photograph 7-22. Micrograph of etch pitted silicon steel after 8%
’ strain at 4.5 kg/mm< (X 2000)
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Photograph 7-23. Micrograph of etch gitted silicon steel after 8%
' strain at 9.5 kg/mm¢ (X 1600) .
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the bands ran at about 55° anti~clockwise to the rolling
direction (Photographs 7-24 and 7-25). Roughly perpendicular
to these bands ran occasional short bands, which close to
grain boundaries, resemble sub-boundaries. Where resolved
the total dislocation density in the banded regions was
1.4 x loe/cm2 which is almost identical to that in non-
banded areas.

In neither test condition do the grain boundaries

show the gross distortion of copper-tin, but serrations were

" observed, particularly in the boﬁndary between 3/banded

grain and a homogeneous one. In Photograph 7-24 for
instance, the grain boundary contains pronounced serrations
and opposite the bands there is intense dislocation activity.
Serrations can also be seen in Photographs 7-26 and 7-27.
However, features such as at B in Photograph 7-27 wexe also
observed in annealed material. This photograph also shows

a fan of high density associated with many triple points akin
to the phenomenon of fold formation observea macroscopically
in some matéfials. In a few cases, there is evidence of
grain boundéry nmigration accompanying serrations. In Photo-
graph 7-26 the boundary has appareﬁtly nmoved up leaving

a region of lower dislocation density behind it within which
are tiailing sub—boundariesL Small ‘dislocation-free grains

~

can also be seen growing out of this boundary which may now
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Microg:Qpbaﬁf etch pitted silicon steel after
8% styain- ) 9.5 kg/mm? (X 1200)

Photograph 7-25.

8% strain at 9.5 kg/mm

Micrograph of etch pit&ed SLlicon steel after
(X 1600)
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Photograph 7-26. Micrograph of etch pitfed silicon steel after
8% strain at 9.5 kg/mm< (X 1000)
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Photograph 7-27. Micrograph of etch ﬁitted gilicon steel after
8% strain at-9.5 kg/mm? (X 1600)



CHAPTER 8

DISCUSSION OF THE MICROSTRUCTURAL OBSERVATIONS

8-1. Copper

The non-unifdfmity of the substructure of copper
after creep deformation makes it difficult to establish the
general characterisation of the dislocation arrangements.
‘The observations suggest that the distribution and size of
sub-grains is related to the formation of slip bands. Cer-

tain well-defined boundaries develop as a result of the

- intensive localised slip in these bands. These boundaries

appear to be fixed features throughout secondary creep and
form a skeleton between which less well defined sub-grains
are formed. The processes of primary and transient creep
then involve changes in the scale of the substructure be-
tween the bands. Though different in appearance this duplex
structure may be analogous to those reported by other authors
on crept materials.,

The difﬁerent types of boundaries observed, primar§
tilt walls and nets of coplanaf or bgimary/conjugate screw
dislocations are basically similar to those formed at lower
temperatures, although somewhat more regular in appearaﬁée.

be * - elv gstress free, but
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their regqgularity suggests that the stress fields are small.

In a detailed study of copper at room temperature,
Steeds (1965) has pointed out that the formation of tilt
walls and screw networks of alternating sign i? an arrange-
ment such as that in Figure 7-1, requires secondary disloca-
tions. 1In particular, simple coplanar screw networks cannot
produce this situation., One consequence of such an inter- '
action between primary and secondary dislocations is that the
crystals maintain a memory of their initial orientation,
go that such a mode of structure formation, given a capacity
for dislocation annihilatiop, could lead to the establish-
ment of a quasi-steady state.

Although a partial reduction in applied stress is
known to be followed by structural changes leading to a
coarser sub-grain size, it has been éhown here that no such
coarsening occurs when the stress is totally removed. This
implies that the recovery process leading to coarsening is
not driven by a long range internal stress, i.e., one ex-
tending over an entire sub-grain, otherwise coarsening would
be most pronounced in the absence of an applied stress.
Thus, the motion of dislocations between cell walls driven
by the applied stress must induce a dynamic instability and

be an essential feature of substrpctural reorganisation.

The consequences of this situation are quite profound. The

of ' " hew ° " as an intrinsic
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source of internal resistance is misleading. Rather, the
sub-boundaries, in this framework, are seen to be a. form of
debris, the strengthening effect of which is critically
dependent on the instantaneous mobile dislocation density
and distribution. It is thus not surprising that, in Chap-
ter 6, the transients resulting from a stress change cq%%d
be successfully modeled in a semi~quantitative fashion
without reference to sub-grain size, the important para-
meters being the mobile density and velocity.

At this point, there is still a need to develop
models for describing the processes of sub-grain formation
at least to the extent that some predictions could be made
on the sub-~grain size developed at a given’stress level.
Holt (1970) has examined the formation of a cell structure
by the breakdown of a random array of dislocations due to a
process akin to spinodal decomgositionz In this type of
substructure, the internal stress between adjécent cell walls
is small relative to that within the walls. Furthermore,
boundaries of opposité sign altgrnate across the substruc-
ture in accord'with experimentai ohservation. .

Unfortunately, during high temperature creep sub-

- boundaries do not dévelop from the random afiay of disloca-
tions visualised by this model. $Slip occurs inﬁomogeneoqsly

and there is evidence to suggest tﬁat during primary creep
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of irregular dislocation groupings formed shortly after
stress application., The description of the dynamics of
mobile dislocations given in Chapter 6 suggests that in
copper, when dislocations move between obstacles, they
do so rapidly relative to the waiting times at obstacles, so

that any approximation to a random array is at best a very

-

poor one.

It has been shown that the average sub-boundary
misorientation is independent of the applied stress level,
and thus the steady state at a given temperature is charac-
terised by a limiting value of the mean sub-boundary energy.
In the absence of a long range internal stress the driving
force for coarsening arises from the need for sub-boundaries
to reduce their energy towards a local equilibrium value.
Without'an applied stress, there is little motion of dis-
locations between cell walls so that the increases in boundaty
energy needed to maintain the recovery process are absent,

and little coarsening can occur.

' The question thus arises aé to whether a model could
be devised in which the rates of dislocation accumulation
and removal implied by the above can be balanced ;h such a
way as to predict the scale of the celi structure. To do this
the steady state is ae£i7é3$as the establishment of a constant

cell structure assuming/a constant value for the misorienta-
« B

of ~ dislogations in the cell



172

walls leads to a refinement of the sub-grains, and recovery
simultaneously allows the climb of dislocations with sub-~
boundaries and sub-grain coarsening.

To describe the refinement process consider an
array of cubical sub-grains of side L and misorientation 6.

The dislocation densiiy of this array is:

p= 32 (8-1)
bL
and for constant 6:
b= - -3-92 i ' (8-2)
bL

The strain rate can be expressed as:

" ¢ = DLy (8=3)
2

where the avérage slip distance is identified as L/2 and is

constart, thub: .

dL = - 2tL -
( E: ) refinement jgr (8-4)

-~

The value of the proportionality constant will vary according
to the shape of the sub-grains and the location of the dis-

location sources.
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Since it is energetically favourable for two small angle
boundaries to combine to form one of a larger angle, the above re-
finement would be difficult to maintain in the presence of a re-
covery mechanism. However, it is an experimental fact that the
average misorientation is stress independent while the mean sub-
grain size varies inversely with stress. Consequently, the pre-
cise method of forming a new boundary cannot easily be specified.
In the steady state, with which this model is concerned, the sub-
grain size could in principal be held constant and the angle
varied, but the results should be equivalent for the same basic
mechanism.

There are several possible ways of describing theJcoar-
sening process. Li (1962) has considered the kinetics of subgrain
coalescence, This process involves the rotation of adjacent sub-
grains so that a common boundary gradually fades away. One feature
of such a process is that because of their larger energy/unit area,
twist boundaries tend to be eliminated in favour of tilt boundaries.
The observed dominance of tilt boundaries in creep substructures
may result from coalescence during subgrain formation.

The following treatﬁ;nt parallels that of Li but congiders“
dL/dt with 8 constant rather than d6/dt with L constant.

Consider a sub-boundary, misorientation 8 coarsening by
thé_climb of dislocations at each end. It ‘is assumed that thgre.
is a supply of fresh dislocations at the cehtre?of the wall which
gerves t§ maintain tﬁe'oyerall density in the boundary and thus its

It is ' assumed that the rate controlling
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another, Thus, the movement of material needs to be des-
cribed rather than the details of the dislocation structure.

To get an expression for the rate of coarsening,
the vacancy flux which must be maintained can be calcu-
lated and the corrgsponding energy consumptiop can be
equated to the change in stored energy of the boundary due
to the coalescence process.

The rate at which dislocations climb past a given
atom row in the boundary is (1/h) (dL/dt), where h is
the dislocation spacing and dL/dt is the rate of coarsen-
ing. Since 6 = b/h, the number of vacancies per row
which must be supplied or removed in unit time is (6/b)
(dL/dt) . This quantity represents a number per atom in

the boundary, the number per unit area being:

I dn . 8 4L (8-5)

— 2

dt b3 4t

The driving force, F, per unit length of the

boundary is related to this flux by the basic diffusion

equation J = ( D/QkT) F, 8o that for Q - b3
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the driving force for diffusion is: w
F = m d-—;:'- (8-6)
D dt

operating over a distance L.

The rate of free energy consumption is thus:

L
2 2
dE L dn o aL = =- 8 kT ( dL ) (8-7)

dt dat 2 DR dt

For a boundary length L thé‘corresponding decrease in boundary

¥

free energy is:
dE E dL (8~8)
dt
where for a tilt boundary:
= Eoe (A - 1n 8) (8-9)

where Eo = Gb/4w(1-v) and A is a constant v 0.4. Equating

(8-7) and, (8~9): P
’ E_ (A-1ne) DR
( a ) coarsening . 2 (8-10)
dt g L°kT6

"+ {3 is twice this rate because it is
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Equating (8-10) and (8-4) gives the required pre-

diction for L:

6 E_ (A-1n6) DQ
L= (—2 y /3 (8-11)
kTe¢
' 2 -8 .0
For copper, G = 3,850 kg/mm“, b=2.5x 10 " cm, 6 = ¥",
1 = b3,.and D= 7.04 x 10—14 cmz/sec; thus:
5.25 x 107> .1/3
L = (== ) (8-12)

.

€

, . ., -1
where L is in microns and ¢ in sec .
¢

The predicted L values for copper for a range of
strain rates are shown in Figure 8~1 as a function of Uapp/G
‘ using the strain-rate/stress measurements of Table 5-1.
Also shown are the two values measured during the thin foil

: experiments plus some values-reported elsewhere. The pre-

j dicted values are of the right order at low stresses, but are
up to a factor of five times too small at high stresses.
There are a number of reasons why the predicted values might

| be too low. Firstly, the refinement term is probably an

% overestimate since it makes no allowance for loss of disloca-'

% tions within sub-grains or locally at sub-boundary walls.
Likewise, the coarsening term is a minimum because the diffn-

‘ sion process is assumed to be occurring through the lattice

- * « [-X-3N
4
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According to Mukherjee et al (1969) from equations

(2-5) and (2-6), there should be a relation of the form:

. <
EXT _ ar (B (8-13)
, DGb L . ¢
o

Y

where A' for copper is v loledand n is close to thé‘stregs
dependence of the strain rate. Equation (8-11) can be

rearranged to give:

L

EkT . gr (k)3 , (8-14)
DGb L )

where B' is a constant ~.3. Thus, the functionéij}ngg,of
| equation (8-~1l) agrees with that observed, although there
is the problem of the low exponent which is analogous to that
~ of predicting the stress dependence of strain rate from
theoretical models. It is possible to arrive at a higher
’ dependence in the, hardening term using ‘a more detailed des-
‘ " cription of dislocation interactions and source distribution,
for example by describing the hardening term in terms of a
model similar to those used to déacripe stage II tensile
deformation at lower temperatures. Unfortunately, the éxtra
dependence apééars as the ratio b/L so that the predicted
values are even lower in this casae. N

- 'One other possibility is that at high stresses the
interaction of large numbers of rapidly moving mobile disloca- -

’
L]

-~

ST . \
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tions with cell walls occurs by much more complex processes
than envisaged in this simple model. & more precise measure-
ment of sub-grain size over a wide range of stresses might
well detect a non-lincarity in the &tr:és-cell size relation-

ship.

8§~2. Copper-Tin

Creep iﬁ copper-ti;'obvioualy involves an interactiop
between dislocatich_transport procegses within the grains
on the one hand, aﬁa grain boundary sliding, grain boundary
migratich and cavity nucléation on the other. Recent reviews
on grain boundary sliding aﬁd creap cavipation (Stevens, 1966;
.Pgrrj, 1974) testify to their complaxiﬁy; and it is ﬁot yet
possible to predict for example the effectr of composition or
type of alloying element on the extent of sliding. It is
bayond t?a scope of ‘this report to offer wore ﬁhaq a few
gualitative comments on the deformation of copper-tin, related
to conclusions drawn from puhliﬂhgd work on other alloy
systens. _
 Bn initial problem is to assess the extent to which
grain boundary procazpes influenca tha shape of creep.curves
~and creep tranpients) It has already been shown that these
-featufes éan be expldined, at leasot qﬁalitatively, by the
{ . © n mobility
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resulting from variatigikwin stress. It is generally accepted
that grains do not slide as a whole relative to each other,
the displacements along boundaries being non-uniform. Such
non~-uniform sliding must méan that deformation is occurring

within grains and sliding is seen to serve primarilyfas an

- accommodation process. It is not obvious how a material

within which deformation was controlled by grain boundary

gliding could exhibit the stress sensitive primary creep

. curves shown by copper-tin. Likewise, models of grain boundary .

sliding predict a linear rate\ dependence of the é%?i%:ess rather‘
than the higher values found in creep. |
Experimental evidence shows that grain boundary
gliding is an essential feature in the ﬁucleatioﬂ of cavities
during creep. The cavities form on grain boundaries which
are normal to the tengale stress. Grain boundary sliding
occurs in bursts and gsets up stress concentrations at iriegu~
larities in tﬁé boundary which provoke‘cavitation whenaver

plastic flow or diffusion iz limited. Grain boundary migra-

- tion, the formation of serrations on boundaries, and plastic

flow at points where sliding is arrested, all reduce thesge
stress concentrations and correspondingly cavitation. Fold
formation at triplé\Points can also déiay intergranular
fracture. lIf thg shear strength of the matrix is comparable
with that of grain boundaries then grain boundary sliding

awa - . will be pronohnéed.
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The cavitation and grain boundary distortion in
copper-tin is much more pronounced than is usually found in
published micfographs on single phase material. The obser-
vation of reduced cavitation at the higher stress is in accord
with normal experimental observation (see Nemy and Rhines,
1959). It has been argued that at low stresses grain boundary
sliding is highly confined to a narrow boundary zone. Thug,
the resulting shear is more strongly focused on, for exgpple,

a triple point and a higher hydrostatic teqaion will be

attained. Similarly, a high rate of grain boundary migration

- could act to reduce the sliding, thus ragged boundaries with

less cavities are observed.

In pure copper, density measurements indicate the
presence of sﬁbiﬁfz;oscopic voids in early stage II creep
(Soettne;‘and Robertson, 1961), and intérgranular {racture

occurs at low and intermediate stresses. Thege observations,

evan in the presence of a dislocation substructure which
undqubtedly acts to relievae stress conc@ntratiané at grain
'-bﬁé;daries, have somz important implications.” In copper,
éherelis apparently little capacity for matrix hardening by
alloying without the onset of anhanced~g¥ain boundary sliding.
The increased registance to o 316¢$tion motion in copper-tin
combincd with a probable lack of 8ub;gia§n formation represenﬁs

such a matrix hardening resulting ig;the enhancement of
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8~3. " Silicon Steel

The microstructural observatabhs reported heré on
" silicon steel differ from those of'previous investigators in
regard to the fact that different structures wexe found at
different ﬂtréss lévels‘ The low stress observations are zimi-
';ag to those of Barrett et al (1966), and those at high
stress levels resemble the results of Lytton et al (1965).
Poth these investigators also encountered grain boundary
serrations, and small sub-grains an@ poligoniged walls at
f ) ~ grain boundaq}eé.
Tha orientation of the bands founé at -the high
/ wstfess_lev&llrelative to the rolling direction ;orresponds
| i to the trace of the most highly stressed slip system for
/ : matérial‘with the (110) [001] texture. On the other hand, the
{B | simple uniform distribution of dislocations pbserve§~;n some
grains {mplya an orientation for multiple {112}<111>”élip.
It thus appears that the material used in this work has an
in&@ipleéé sacondary recrystallization texture, or at lsast,
¥ a distribution of orientations of the [001] axzis in the plane
of th> shecot about the rolling directioﬁ. Commercially, the
- -contrel of ‘the proferred texture is achieved by an appro-
priate fine dispgrsion o; a second phase, notably of manga—-
‘1 nesac anlphiée. tho éxacisa @3tails of which are unavailable.

~ = .+ A cemparicon of steady ctate stiain rates at comparabie
‘ /

.
. o=




L

181

stresses indicates that this material was intermediate in
strength between that of Barrett et al {randomly oriented)
’ana of Lytton et al (textured), the latter being the weakest.
Since there is no grain'size dependence of the creep rate,
these differences can be linked to differences in texture.
The dislocation densities given here are in excellent
agreement with pubiished data. At the low stress level the
7 . 7

above authors obtained 1.7 x 10" and 1.6 x 10’ .compared

with 1.7 x 107/cm2. At the highﬂatréss level Lytton reported
1.2 x 10% comparea with 1.5 x 10%/cn?. ,

In contrast to copper-tin, grain boun@aiy sliding is
restricted in silicon steel by both grain boundary migration

and serration formation, and alszo by a relatively easy plastic

- flow adjacent to grain boundaries and in particular at triple

points. However, even at low stresses the substructure is
nowhere near as well defined as in pure copper and pure
iron. )

Barrett et al'sqpposed that, being regqig¥ planar
arrays, sub-boundaries in creep would form more easily when
more than oné‘slip gystem was oparating. They ma;ntained that
the formation of slip bands in their material was restricted
to relativeiy-coarae graing oriented for single slip. The
very grudual way in which the sub~grains build up, and the
tendoncy for the partially formesd su§/boundaries to be aligned

- in ono cr; at rost, -two dircctions. do=s not support this <

\ .
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argument. It seems more piausible that the sub-boundaries }
form by the climb polygonization of dislocations, most of’
which are from a single slip system. The situation envisaged
by Barrett et al may be applicable close to grain boundaries
where stress concentrations provoke multiple slip and fine
sub-grains. The. fact that when slip bands form, they do so
much more rapidly than sub-boundaries, suggests that sub~
boundary formhtioﬁ is simply a consequenéé of the absence of
localised slip in bagds. The slow development of sub~grains

is thus primarily a reflection of the lack of both obstacles

to dislocation motion aﬁd of the limited availability of
dislocations of %}fferent burgers vectors. Most of thé gliding
dislocations manage to appfoach the grain boundaries where,

as a result, most of the polygonized walls are found. .lote
that in the textured matérial, grains in the multiple slip
orientation contained only random disiocations, elsewhere

slip bands form. The implication is that the effect of -
increasing the applied stress is ths promotion of slip band_
'activiﬁy. At high stresses the high dislocation mobility
prevents pile ups within grains which would otherwiée lead

i” L3

to polygon¥sation.
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CHAPTER 9 SUMMARY AND CONCLUSIONS

The classificativh of single phase metals into two
groups based on the stress exponent of'the secondary creep rate
doas not make it pos;ible to predict the form of the primary or
transient strain-time curve. Likewise the shape of the primary
curve at a given stress lTevel does not necessarily provide a charac-
terisation of a given matal over the entire stress rangé of interest.

While the magnitude of the secondary strain rate itself <
1s independent of the deformation history, the magnitude and form of
a strain transient connecting two steady states is highly sensitive
to the immadiate stress history. Con;équentiy the s;ydy of transients
pfovides nuch more information of fundamantal significance. The
analysis of transienfs is much mﬁre 1ikely to ﬁrovide a true materfal
pgramater upon which a classification of material bzhaviour could be !
based. ’

Most crecp models, baing based on a steady state hardening-
recovery balance address themselves solely to the steady state. In |
this study, the very variable transients observéd have boen ang}ysed
on the.basis of a modified mobility model, whare crecp is <aon 53&915”“
to b2 a process of dislecations gliding batwzen obstacles, material
variations arising frem the relative magnitudaes of the tirz of flight
batwacn ehstacies and of the waiting timas at obstacles.

Extensidn of this approach reguires a better fundamantal
understanding of those nicrostructural featwrcs vatch cgntroi tha
density amd\nnbiiity of dislocations. Iluch substructural exzmiration

the T fha-distributﬁcn of dislocations
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in materials deformed in steady state creep would provide an .
indication of these features. The observations suggest that thié
_may be mgch more difficult than was foreseen. Characterisation
of crept microaéructures is hindered by the fact that slip is not
homogeneously distributed at high temperatures. This is evidenced
not only by slip lines but also by the irregular disposition of
subgrains. Measurements of such parameters as subgrain.size and
dislocation density within subgrains become very approximate and
lose much of their potentjal significance. The fact that sub~
grains do not coarsen in the absence of an applied stress and
that the transients could be analysed without reference to sub-
boundaries implies that substructure is not an essential partir
cipant in the process.

The behaviour of sub-boundaries\has been modelled so
as to §redict subgrain size. While there is an approximate agree-
ment, it is recoéﬁized that this is a less direct description
than the glide apg;oach. In this gense it resembles those
recovery models where the hardening and recovery terms are con-
sidered separable, and like themn, it is very difficult to extend
the treatment to non-~steady state conditions, where the processes
leading to subgrain redistribution méy not be themselves substruc-
ture dependent.

At this juncture, it is appropriate to indicaée the
approach which could be taken in

re program to augment'pgat
adopted in this ghesis. There is a~xeed for much more work on the

nd =zubstructure. In the

assessment of the inhomogeneity of slisg
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in regard to slip line spacings and shape changes during deforma-
tion. This would necessarily lead to detailed examination of the
inter~relationship in both size and distribution of slip bands and
gsubgrains, and in particular of the way in which these interact
during a transient.

There is also a negd for more complete data on the fo?m
of primary creep curves and creep tra&sientg for a larger number
of metals. This could be used with a model 6f the type'presentéd
here for transient analysis to develop material parameters such

that the classification of metals and alloys can be directly

L]

related to the process of strain accumulation.

)

Kocks has recently presented an analysis of work harden-
ing laws which includes a number of ideas which run parallel to
those presented in this thesis. Dealing initially with low tempera-
ture deformation he has assumed that recovery is truly dynamic
in the sense that it is proportional to the number of times a po-
tential recovery site is contacted by a moving dislocation, and
the resulting change in flow stress is strain rather than time
dependent. .

Using the same starting point as in Chapter 6, the net
change in dislocation,density, he has redefined the net hardening
rate, using essentially dimensional expressions. The result dif-
fers fundamentally from the conventional expressions arising from
Equation 3~4., Kocks' approach leads to a more empirical law for
trangient creep which has yet to be tested,

POSTSCRIPT

—

Reference:

Kocks, U,F,, "Laws for Work Hérdening andancw~Temperature Creep"
¢ ‘ on Micromechanical Modelling of Flow and Fracture,




APPENDIX A

THE BASICS OF THERMALLY ACTIVATED DISLOCATION NOTION

It has long been recognised that in a manner analogous
to thermal effects in chemical reactions, the thermal motion
of the crystal lattice can aid dislocation glide. If the
glide process regquires the dislocation to surmount an energy
barrier AF, where AF is the activation energy for\the con-
trolling mechanism(s), then the Boltzmann relation predicts
that the fraction activated at a given moment, and hence
the probability of the event occurring per unit time is:

f= exp-AF/kT (A-1)

,ﬁnd since the strain rate is proportional to the number of
elementary units of flow occurring in a given time, it will

also be related to the activation energy by such an Arrhenius

equation,

If the structure is assumed to remain constant, then

for a single rate process, one can write:

¥

E = exp dF/KT | (A-2)

t

\

N\

as tha . :dmum attainable creep

ma"
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rate (when AF=0), being a function of the mobile dislocation
density and the maximum attainable velocity Vo. Equation

(A-2) is a restatement of the well-known strain rate equa-~

tion:

i —

where p is the mobile dislocation density (constant at con-
stant structure), b is the burgers vector and V the average

dislocation velocity. Thus, equation (A-2) implies that:

A

V=V, exp'AF/kT (A-4)

| The applied stress can contribute to the activation
free energy by helping a dislocation to pass an energy barrier
resisting creep deformation. If the external shear stress

includes a term Tint duzs to long range internal stresses,

Tapp
then the dislocation is acted upon by an effective stress

e

Teff = Tapp = Tint attempting to move it over the barrier.

Li (1968) and Balasubramanian and Li (1970) have described

the kinetics of dislocation motion past such barriers.

Pigure A-l1 shows schematic representations of the free energy

profile and the corresponding back stresses Ty, experienced
/

b by a dislocation dquz to the repulsive barrier, as a function

of < out by the moving dislocation. The effec-



AF /\
|
———o AREA
Teff'.._._.b ke
) g._A__;' AI ‘
] 1
J \
~—= AREA
A
J J

Fig. A-1 Schematic description of barriers to dislocation motion
(After Hichols (197}))
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tive shear stress causes the dislocation to reach position

L.

(b), thermal activation being required to allow further move~

ment to position (c), whence continueé forward motion is
poséible solely under the action of Toff to the corresponding
(b) position at the next barrier.

o If the total energy required to overcome the barrier
is AFO (considered as an activation enthalpy, the entropy

of activation being ignored) then the amount required by

Y
thermal activation for forward dislocation motion is:

J Teff

AFf = AFO - b A dTb

%)

(A-5)

where A(Tb) is the width of the back stress curve, A(Teff)
being defined as the activation area, i.e., the area swept
out by the dislocation during the activation event. For
movement in the backward direction:

Tef

AFb = AF +b A dtb (A-6)

o

corresponding to thermal activation from position (¢) to (b),
work being done against thz,effective stress. '

An average velocity of the dislocations is thus:

. Tof '
V= 2V exp“AF°/kT sinh 2. A drt © (a=7)
o kT b
&




19N

At low stresses, this equation yields a linear velocity-effective
stress dependence, whilst at large stresses, the backward rate

becomes negligible and.the velocity is obtained by substi-~

tuting equation (A-5) into (A-4). At constant structure, it

can be seen that the activation areé’can be expressed in terms

of the effective stééss dependence of the ?%rain rate, and

its magnitude should provide some indication 4f the type of

obstacle to dislocation motion which dg‘controlling the

deformation, and ;hus of the rate controlling process. |
Experimentally, the activation: area may be determined

by measuring Tepg OVEr a range of strain rates, from the

change of stress with tim2 in a relaxation test, or by carrying .

out abrupt changes in either stress.or strain rate to get

3 In €/3 Toggr A is found to be almost independent Sf

temperature, but approxiﬁately inversely proportional to

stress, varying in magnitude from 3000 b2 to 80 b2 {Li, 1968).

The three types of measurement will only agree proﬁided that

the mobile dislocation density does not change when the

effective stress changes; and that the nature of the obstacles

does nét depend on strain rate. At high temperatures, éhe

first two methods are unlikely to correspond to this situa-
o

tion. A .
o \w*,'/

The inverse stress dependence of the activation

area implies a velocity-stress relation:

e s i e
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m* 8
V=3B (Teff) _ (A~8)

where B and m* are independent of stress but may be functions

of temperature.

Nichols (1971) has criticised the expression (A-6)

on the grounds that backward movement of the dislocations
requires thermal activation aga}nst the effective stress ;
between barriers in addition to that regquired to surmount ’3
the barrier. Thus, in a system where frictional effects are

neglected, so that dislocations move rapidly between bar;iers,

the backward movement involves motion from a (b) position

back to_anotheri(b) position (Figure A-~1). The area swept

out during the activation effect, in the reverse direction .

includes that between barriers and Hichols' expression be-
comes:

. Tef
AFb = AFO + Db Al dTb ‘(A-9)

o 4§§ *
where A'(Teff) is the corresponding activation area, It %s
apparent that the, activation area in the forward direction is
much more -stresc d@pengant than Phat in the reverse direction,
and that the precise form of the velocity-stress relation no
longer corresponds to that of Li's analysis. For example,
the constants B and m?‘in equation (A-8) baﬁnot in Nichﬁls'

- It appears that depepding on the .
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level of the effective stress, linear, power law and exponential
dependencies will result irrespective of the rate contrélling
mechanism. Thus, the different regimes of stress dependence

of strain rate cannot be cénclusively taken as an indication

of a chaqge in the mode of diglocation motion. .

The most commonly employed method of measuring the
internal stress at high temperatures }s that involvingzso-
called "dip" tests. These involve straining at constant
strain rate to a given stress level (or to the steady state)
and then suddenly adjusting the cross~head position to reduce
the stress. The forﬁ of the loéd transient observed at
constant total strain immediately following this reduction is

+taken as an indication of the level of mean internal.stress.

Theorétically, if the load were reduced ingtantaneously to

that corresponding to the internal stress, then the strain

~rate will go to zero and there will be no observable transient.

After a reduction to a value above the internal stress for-

ward gtrainipg will continue and lead to a relaxation in

stress and a decreasing load -transient. A reduction balow

the internél stress reverses the seonse of flow and yields

an increasing load transient, as the elastic strain component
increases. In each case, the internal stress eventually ' ,
begins to decline due'to relaﬁaiion processas, so that the

load decreases. Thus, only the first few scconds of the
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transient can be monitored and several stress reductions may

t

be needed before an accurate enough estimate of the internal

stress can be made. This generally restricts the method to

measurements of the steady state values where the same structure
can be re-established following each "dip". For reasonably

accurate estimates, a closed loop type testing machine is

essential. A similar procedure can be followed whereby

f the strain transients following a load reduction in a creep

test can be monitored.
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APPENDIX B

PROBLEMS ASSOCIATED WITH THE USE

OF FOILS FOR TRANSMISSION ELECTRON MICROSCOPY

B-1, Foil Preparation

\

.
N

During Qoil preparation dislocations may be both

\

lost or rearranged due to the relaxation of long range

' gtresses, or introduced by mschanical damage. The localised

rearrangements are usually only a major problem where the
fine sdale features.of isolated dislocations are being
studied, the ge@éral character of the substructure being
unaltered. |
A more serious problem in the kind of work des-
cribed in Chapters 5 and 7 was the loss of dislocations
immediately adjacent to the perforation, that is, in the

thinnegt areas of the foil. For a distance of roughly

2ﬁmiqron3 from the edge, the dislocation density was

practically zero and a reduced density often persistéd
. /

for about 5 microns in all. The well developed sub-boun-

daries and networks withstood this removal mnéh better
than did those within subgrains, so that the substructure
tended to look considerably "cleaner® ncar the edge.

13 to confine
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the observations as much as possible to foil area beyond
the affected region..

The accidental introduction of dislocations by
mechanical damage or rough handling during foil preparation

~and location in the microscope was found to be easily
achieved. Spark erosion damage was not anticipated since
the slices so-prepared were greater than 1 mm although in
copper, such damage has been r@yorted to penetrate up to
0.3 mm. ‘

The mechanical smoothing of the spark-cut slices
may, however, also introduce some dislocations. Severei
abrasion to 0.25 mm was tried at one point to reduce the

: time involved in chemically polishing the slices. This
was found to introduce an extensive "fatigue-like" cell

gtructure of high density (Photograph B-1). Although

this arrangement was easily distinguished from the creecp
substructure, beiéSKFarallel to the foil surface it suffered
even more from loss during thinning. The creep sub- |
boundaries were mostly inclined to the foil and thus '

were "locked" in to a greater extent. Thus, in regions
.where the creep structure was normally looked at, the
"fatigue®™ structure had beeh partially\removed, the rem-
nants hging coérser and more intermittant and while étill

¥ + more ragged than the normal substructure, care must be
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Photograph B-1.

1

Electron micrograﬁh of annealed copper severely
abraided during preparation (X 10,000)

L

Photograph B~2, Electron micrograph taken near the edge of

iwrely
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taken to 4dvoid confusion (Photograph B~2). The easiést
distinguishing characteristic lies in the fact that there
is virtually no misorientation across the "fatigue”" cells.
The copper discg were therefore subjectéd only to a light
smoothing on 600 grade emery to remove the spark machine
surface roughness, after which they were chemically

thinned.

B-2. Damage to the Foil During Examination

The structure of a foil can be changed during
examination in the electron microscope by both the heating
and irradiation effects of the electron beam and by sufface
contamination by hydrocarbon vapours. The contamination,
which otherwise leads to a gradual loss of intensity trans-
mitted through the foi}, can be controlled by the use of a
"cold finger" which can easily be inserted into the micro-
scope column adjacent to the specimen holder and which
helps considerably in preserving the foil for prolonged
examination. This can, howéver, lead to a more subtle and
perhaps misleading artifact resulting from irradiation
effects.a Numeroud small black spots were oﬁserved on
micrographs taken in areas of foil which had undergoné
1 "+ ed study, as can be seen in Photograph 7-6. - The
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same feature can be detected in published micrographs in
the literature, not only in creep, but also in tensgile

deformation and fatigue.

Detailed examination of these spots showed that
when the foil was set for the exact Bragg diffracting ~
condition the characteristic contrast was found to be a
black-white lobe shape (Photograph B-3). In dark field
similar contrast was observed, the sense of the black-white
image remaining the same (Photograph B-4). It has been

shown (McIntyre and Brown, 1966) that this is characteristic

‘of defects at the top surface of the foil only. Careful

examination of several specimens with over a hundred defects
provided no exception to this observation.

Although there was a great variation in the density
of defects observed from grain to grain, in all cases the
density increased with time (Photographs B-~5, B-6). How-

ever, the size of an individual defegct did not appear to

vary (points A in Photographs B-5, B-6). The variation

- of the orientation of the line{ separating the black and

white lobes showed that the delfeCts did not™Nave a spherically

symmetrical strain field, and is consistent with the
defects being dislocation loops (L.M. Brown, 1971). No

attempt was made to‘establish whether the defects were

vacancy or interstitial in nature.
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‘Photograph B-3.

f

Bright field micrograph of annealed copper
(X 50,000) ,

Dark field ‘micrograph of the. ‘same area as
' /( 50 000) 1 \
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Bright field micrograph of annealed copper
- left 15 minutes in the electron beam
(X 50,000)
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Pashley and Presland (1961) showed that ions,
emitted from a coated filament, or generated at the grain,
could produce damage in thin foils of gold. -Howe et al
(1963) also observed damage in copper foils. These results
were reported by Hirsch et al (1965). While these defects
can be ignored in examination of dislocation structures,
the increasing use of anti-contamination devices, permitting
long;time examination of the same foil area can result in
high ion desages and is consequently increasingly likely
to ‘be observed.

The heating effect in thin foils is manifested by
the development of slip traces resulting from dislocations
moving due to the stresses get up by the electron beam.
Such a- trace is seen in Photograph 7~6 near point A. In
copper, this motion results in the visible part of the slip
plane becoming uniformly lighter or darker:than the back-
ground, and ?he traces apparently persist indefinitely.

The contrast results from the inability of the dislocation
to leave the foil due to the impedance of eithér a contami-
nating f£ilm or a pre-existing surface (oxide) layer. Such.‘
traces are readily visiblé and can easily be discounted,
though occasionally a nuisance if the dislocation is one

of a épcup being studied..



T ‘ 202

B-~3. Errors in the Measurement of Dislocation Density and
Subgrain Size

In a material within which dislocationé aré uni— a
formly distributed, the most serious error probably arises
from loss of dislocatlons from the foil during preparation,‘
or their introduction by mechanical damage. There are,
however, other aspects which may lead {0 significant
nismeasurement.

Firstly, the estimation of the foil thickness,
needed when using an intercept method, may be difficult
and subject to.significant error (if the foil thickness
were in error by one extinction distance in a value of 6,
there would be an automatic error of 158 or so). Secondly,
there is a human error involved in the choice of magnifica-
tion at which the measurement is made. Ideally, this should
be such as to clearly resolve individual dislocations over .
the range of densities being monitored, and the maénification
adjuateq accordingly.‘ At high densities thére is a problem
in m@gnifyigg every dislocation allowed by a bartiéu%ar
lattice reflection. If there is any degree of inhomogeneity,
‘then the high magnification required permits only very
small areas to yé dealt with and large number of counts
become netes;ary. The line length or grid.must be adjusted |
along with the magnification.
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Y ' 3

As an example, at X10,000 thehloﬁest‘density which
could be measured with a suitable grid (i.e., that giving
1 intercept) wa®d about 106/cm2. 1f t%g magnification were
much lower the identification of individual dislocations
becomes diéficult. At denéities greater than about iOg/cm2
if would also be-hard to clearly resolve the dislécaﬁioQB.

There is an additional error due té the fact that
some dislocations are out of contrast at practically any
given reflection. Hirégh and Steeds (1964) estimate that
these may be up to 50% of the total. No ;orr&ctidn has
been dpplied to the results in this ghesis, because the
measﬁrement is considered only to indicate the order of
magnitude, but for crifical work a correction would\szé to
be applied. 5 ' '

The measurement of Bubgréin size is basically

. .eimilar” to that of pormal grain .size, with corresponding

stgtistiéal and geometrical errors. -The most'périOus
difficul&y in such a measurement is clearly identifying tﬁe
individual subgrains. In a material showing wide varia~.
tions in subgrain size a magnification must be chésgh which

. gives fields of view which include a reagonable number
‘of small and large subgrains. Freguently, the small sub-
" boundaries within élea:ly imaged éubgrq;ns especially when

inclined to the foll at a smallish angle are difficult to
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. ) %b

distinguish from areas of locally high dislocation density

within subgrains. They sometimes also run out of the foil

or are apparently partly removed during pfeparation. In
the micrograbhs, this’ shows up as subjboundaries which do
not lead anywhere, but simply end in the middle of a sub-.
grain. The identification of subgrains thus becomes very
subjectiQe, particularly near the edge of many micrographs

where the gocus and contrast may be fess‘sharp.
s . \

~




205

REF ERENCES

Anlquist, C.N., and Nix, W.D., Actal, Met., 19, 373 (1971)

 Andrade, E.N. da C., Proc. Roy. Sot. AB4 (1910)

Balasubramantan, N., and Li, 3.C.M., J. Mat. Sci., 5, 434 (1970)
Barrett, C.R., Acta. Met., 13, 1083 (1965) ’

Barrett, C.R., Ahlquist, C.ﬁ., énd N'fx.‘ W.D., Met. Sci. J., 4, 41 (1970)
Barrett, C.R., and Nix, W.D., Acta. Met. 13, 1247 (196

Barrett, C.R., Nix, H.D.] and Sherby, 0.D., Trans. ASM, 59, 3 (1556)
Barrett, C.R., and Sherby, 0.D., Trans. AIME, 230, 1322 (1964)

Bird, J.E., Mukherjee, A.K., and Darn, J.F., Proc. Haifa Conf. (1969)
Boettner, R.C., and Robertson, W.D., Trans. AIME, 22, 613 (1261)

‘Brown, L.M., Electron Microscopy in Materials science Ed U. Valdre
(Acadenic Press) p. 360 (1971) ,

Cannon, W.R., and Sherby, 0.D., Mat. Trams., 1, 1030, (1970)
Challenger, K.D., and Moteff, J., Met, Trans‘ 4, 749 (1973)

Clauer, A.H., Hﬂcox, B.A., and Hirth, J.P., Acta. Met. 18, 381 (1970)
Cottrall, A.H., and Aytekin, V., J.I.M., 77, 389 (1950)

Cottrell, A.H., and _Jaswén, M.A:, Proc. Roy. Secc., A189, 104 (1949)
Daily, S., and-Ahlquist, C.l., Scripta Met., 6, 95 (1972)

Davies, P. H., and Dennisun, J.P., 3. 1M, 20, 53 (1051) -
Evans, H. E.. and Hﬂ'liams, K.R., Phtl, Mag 26 1399, (1972)

Evans, W.J., and Hilshire, B., Metal sci. J., 4, 89 21970; <
“Rat. Trans., 1,72133 (1970

Exell, S. F., and Farrington, D, H., Phi‘l nag., 26, 121 (1972)
Friedel, J., Dislocations, Pergan:on Press. Londoulesé) '
 Fiichs, Res and Iischner 8., Asta. Het., 17 701 (1959)
.Fu‘llman R. L., Trans. AIHE, 197, 447 (1953)




206

Garofalo, F., Fundamentals of Creep and Creap-Rupture 1n Metals
(Mactillan Series in Materials Science 1965

Gasca-Neri, R,, Ahlquist, C.N. . and Nix, W. D.. Acta Met., 18, 655,
663, (1970)

Gibbs, 6.5, Phil. Mag., 23, 771 (1971) S
Gittus, J.H., Phil. Mag., 23, 1281 (1971)

Gupta, I., and Li, J.C.M., Met. Trans., 1, 2323 (1970)

Gupta, 1., and Strutt, P.R., Canad. J. Phys., 45, 1213 (1967)
Hansen, M., "Constitution of Bimary Alloys”, Hc@éaw—ﬂi11 (1958)

‘aamey. H.0., Technometrics, 3,°269 {1961)

Hasegawa. T., Sato, H. and Karashima, Ses Trans. Japan Inst. Metals,
11, 2371 (1970) ‘

Hirsch, P.B., Howie, A., Nicholson, R. B.. Pash%ey, D.W., and Hhelan, M.J.,
"Electron Microscopy of Thin Crystals”, London Butterworths 1965

kolt; D.L.,*J. App. Phys., 41, 3197 (1970)

Horiuchi R., Yoshinaga, H., and Hama, S., Trans. Japan Inst. Metals,
123 (1265)

Howe, L.M., Gilbert, R.M., and Piercy, G.R., App. Phys. Letter, 3, 128 (1963)
lmmar1geon J-P.A., and Jonas, J.dy, Acta Met., 19, 1053 (1971)

‘Johnston, H.G,, J. App. Phys., 33, 2716 (1962)

Jones, B.L., and SeIlars. C.H., Met. Sci. J., 4, 95, (1970)

Karashima. S.s Likubo, Tos wafanabe. and Oikawa, H., Trans.
Japan Inst. Metals, 12,369 (19715

Keh, A.S.. and Naissman S., Electron Microscopy and Strength of Crystals,
- Hiley, Hew York (1¢83) o

Koster, w.. z. Metallkde. 39, 1,.(1848)
Lagnebcrg. R,. Hetal. sci. d., 3 18 (1969a)
Lagnéborg. ey Nﬂtal Scf dox 3, 161 (195%0)

. Lagneharg, Res Int. Net. Rev., 37. 130 (1972)

Lagneborg, R., Fonsen. B. H., and Wiberg, J., Proc. of the Conf. on
th.in Stee!s-and High Texperature.Alloys“ Sheffield

[P



s
'
H
\
1%y
{
i

WS TR Sl M

e

PP

A9

.i

° - C 207

*

At 2t g

Lawley, A, Col], J.A., and Cahn, R.W., Trans. AIME, 218, 166 (1960)
Li, J.C.M., J. App. Phys., 33, 2958 (1962)
Li, J.C.M., 'Recrystallization, Grain-growth and Textures!, A.S.M. 1966

Li, J.C.M., Dislocation Dynamics, edited by' Rosenfield, A.R., Hahn, G.T.,
Benet, A.L., and Jaffee, R.1., (McGraw-Hi1l Books Co.) 1968 .

Lloyd, D.J., and/ Embury, J.D., Metal Sci. J., 4, 6 (1970)

Lloyd, D.dJ., Horthington, P.J., and Embury, J.D., Phil. Mag, 22, -
147, (1970) ° :

Lubahn, J.D., and Felgar, R.P., "Plasticity and Creep of Metals",
[0, Witey) 1961

Lytton, J.L., Barrett, C.R., and Sherby, 0.D., Trans. AINE, 233,
1399 (1965) ’ . Q

" Mclntyre K.G., and Brown, L.M., J. Physics, 27, C3 178 (1966)

McLean, D., Report on Progress in Physics, 29; 1 (1866)

McLean, D,, High Temperature Materfals: The Controlling Physical Process,
Edited by Kennedy, A.J., {Oliver and Boyd) 1968 ’

Mecking, H., and Lucke, K., Scripta Het., 4, 427 (1970)
Mitra, S.K., and McLean, D., Metal Sci. J., 1, 192 (1967)
Morris, C.E., Metal Progress, 55, 696 (1949)

' Mukherjee, A.K., Bird, J.E., and Dorn, J.E., Trans. ASH, 62, 155 (1989)

Myshlyaev, M.M., Olevskii, S.S., and Maksimov, S.K., Phys. Stat. Sol.
(a) 15, 391 (1973) : ol

teny, A.S., and Rhives, F.N., Trans. AIME, 215, 992 (1959)
Nichols, F.A., Mater. Sci. Eng., 8, 108 (1971)

»

-:- Oden, A., Lind, E., and Lagnebni*g,. Res Pm&. of the Conf. on 'Crecp

Strength fn Steels and High Temperature {\‘I‘loys'. Sheffield 1972

" Oikawa, H. Iikubo, I. and Karashirma, S.; Int. C‘onf.” on "The Sc:ham:e~

-~

and- Technology of Iron and Steel” Tokyo, Sept, 1970°
Orlova, A., ‘and Cadek, d., -Phﬁ. ﬁﬁg.;'@}__ , \5019 {1970) '
Grlova, A., ~Pahuto'va, M., and Cadek, J., Phil. Hag. 23, 303 (197) "
"+ "A., Pahutova, H., and Cadek, 3., Phil, hag, 25, 865 (1972)

Y



o 208

Pahutova, M, Cadek, J., and Rys, P., Phil. Mag. 23, 509 {1971)
Pahutped; M., Hostinsky, T., and Cadek, J.; Acta Met., 20, 693 (1972)

shley, D.W., and Presland, A.E.B., Proceedings European Conf..on
Electron Microscopy, Delft 417. 429 (1960)

“Perry, M., d. Mat. Sci., 9, 1016 (1974)
. Pickering, H.M., Acta Met., 13, 437 (1985)
Raymond, L., and Dorn, J.E., Trans. AIME, 230, 560 (1964)
Reppich, B., J. Hat. Sci., 6, 267 (1971)
Sargent, C., Private Communication (1973)_
Schmatz, 0.J., and Bu;h R.H., Acta Mat., 16, 207 (1968)
| Sherby,‘-O.D., Trozera, T.A., and Dorn, J.E., Proc. AS‘IM. §§_, 789 (1956)
Solemon, A.A., Ahlquist, C.N., and Nix, W.D., Scripta Met., 4, 231 (1970)
Solonon, A.A., and Rix, W.D., Acta Mat., 18, 863 (1970)
Staker, H.R., and Kolt, D.L., Acta Met., 20, 569 (1972)
Steads, J.M., Proc. Roy. Soc., A292, 343 (1956)
'Stecds, J.H. and Hirsch, P. 8., Relation Batwaen the Structure and
© Mechanical. Properties of Metals, N.P.L. Symp. No. 15, p. 39 |,
London, KYSO (1964)
Stevens, R.N., Met. Rev., 11, 129 (1966)
‘atanabe, T, and Karashima, ., Trans. Jdapan Inst. Hetals, 11, 159 (1970)

i

x’ ' att, O.F,, Ph.D. Thasis, Hcitaster Untversity 1957
i : ¥aartman, Jdi, J. App. Phys. , 28, 362, 1185 (1957)
A Y tecrtman, J. Trans. AsH, 61, 61 (1903)




