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Preface

This Ph.D. thesis is an integrated article thesis, also known as sandwich thesis, which

has been composed of six main chapters all dealing with the computational and

experimental study of the LPBF-processesed INCONEL 625. The thesis is composed

of three journal papers and one conference paper:

Chapter 1: Presents a review on LPBF process, IN625, and rapid solidification

as well as the motivation, objectives, and research plan of this thesis.

Chapter 2: A version of this chapter is published in Additive Manufacturing

Journal as a research paper: Mohammadpour, Pardis, Alex Plotkowski, and Andre

B. Phillion. ”Revisiting solidification microstructure selection maps in the frame of

additive manufacturing.” Additive Manufacturing 31 (2020): 100936.

Chapter 3: A version of this chapter is published in IOP Conference Series: Ma-

terials Science and Engineering (MCWASP XV online conference, Stockholm, Swe-

den). Mohammadpour, P., and A. B. Phillion. ”Solidification microstructure selection

maps for laser powder bed fusion of multicomponent alloys.” IOP Conference Series:

Materials Science and Engineering. Vol. 861. No. 1. IOP Publishing, 2020.

Chapter 4: A version of this chapter is published in Additive Manufacturing

Journal: Mohammadpour, P., H. Yuan, and A. B. Phillion. ”Microstructure evo-

lution of Inconel 625 alloy during single-track Laser Powder Bed Fusion.” Additive
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Manufacturing 55 (2022): 102824.

Chapter 5: A version of this chapter is to be submitted to Acta Materialia: Mo-

hammadpour, P., H. Yuan, Z. Li, and A. B. Phillion. ”Evaluation of Microstructure

Heterogeneity in INCONEL 625 Thin-wall Fabricated by Laser Powder Bed Fusion

Additive Manufacturing.”.

Chapter 6: Summarizes the main conclusions of the thesis, outlines the strength

and limitations the outcomes, and highlights some future work suggestions. Moreover,

it presents the contribution of this research to the literature.
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Abstract

This study aims to improve the Additive Manufacturing (AM) design space for the

popular multi-component Ni alloy Inconel 625 (IN625) thorough investigating the

microstructural evolution, namely the solidification microstructure and the solid-state

phase transformations during the Laser Powder Bed Fusion (LPBF) process. Highly

non-equilibrium solidification and the complex reheating conditions during the LPBF

process result in the formation of various types of solidification microstructures and

grain morphologies which consequently lead to a wide range of mechanical properties.

Understanding the melt’s thermal conditions, alloy chemistry, and thermodynamics

during the rapid solidification and solid-state phase transformation in AM processes

will help to control material properties and even produce a material with specific

microstructural features suited to a given application. This research helps to better

understand the process-microstructure-property relationships of LPBF IN625.

First, a set of simple but effective analytical solidification models were employed

to evaluate their ability to predict the solidification microstructure in AM appli-

cations. As a case study, Solidification Microstructure Selection (SMS) maps were

created to predict the solidification growth mode and grain morphology of a ternary

Al-10Si-0.5Mg alloy manufactured by the LPBF process. The resulting SMS maps

were validated against the experimentally obtained LPBF microstructure available
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in the literature for this alloy. The challenges, limitations, and potential of the SMS

map method to predict the microstructural features in AM were comprehensively

discussed.

Second, The SMS map method was implemented to predict the solidification mi-

crostructure and grain morphology in an LPBF-built multi-component IN625 alloy. A

single-track LPBF experiment was performed utilizing the EOSINT M280 machine to

evaluate the SMS map predictions. The resulting microstructure was characterized

both qualitatively and quantitatively in terms of the solidification microstructure,

grain morphology, and Primary Dendrite Arm Spacing (PDAS). Comparing the ex-

perimentally obtained solidification microstructure to the SMS map prediction, it

was found that the solidification mode and grain morphology of the primary phase

were correctly predicted by the SMS maps method. However, this technique does not

predict the formation of precipitates thus requiring a more comprehensive numerical

method such as CALculation of PHAse Diagrams (CALPHAD) approach.

Third, to further investigate the microsegregation and precipitation in IN625,

Scanning Transmission Electron Microscopy (STEM) using Energy-Dispersive X-ray

Spectroscopy (EDS), High-Angle Annular Dark-Field Scanning Transmission Elec-

tron Microscopy (HAADF-STEM), Scheil-Gulliver (with solute trapping) model, and

DIffusion-Controlled TRAnsformations (DICTRA) method were employed. It was

found that the microstructural morphology mainly consists of the Nickel-Chromium

(γ-FCC) dendrites and a small volume fraction of precipitates embedded into the

interdendritic regions. The precipitates predicted with the computational method

were compared with the precipitates identified via HAADF-STEM analysis inside the

interdendritic region. The level of elemental microsegregation was overestimated in
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DICTRA simulations compared to the STEM-EDS results; however, a good agree-

ment was observed between the Scheil and STEM-EDS microsegregation estimations.

Finally, the spatial variations in the mechanical properties and the underlying mi-

crostructural heterogeneity of a multi-layer as-built LPBF part were investigated to

complete the process-structure-properties relationships loop of LPBF IN625. Towards

this end, numerical thermal simulation, electron microscopy, nano hardness test, and

a CALPHAD approach were utilized to investigate the mechanical and microstruc-

tural heterogeneity in terms of grain size and morphology, PDAS, microsegregation

pattern, precipitation, and hardness along the build direction. It was found that

the as-built microstructure contained mostly columnar (Nickel–Chromium) dendrites

that grew epitaxially from the substrate along the build direction. The hardness was

found to be minimum in the middle and maximum in the bottom layers of the build’s

height. Furthermore, smaller melt pools, grains, and PDAS as well as higher thermal

gradients and cooling rates were observed in the bottom layers as compared to the top

layers. Microsegregation patterns in multiple layers were also simulated using DIC-

TRA, and the results were compared with the STEM-EDS results. The mechanism

of the formation of precipitates in different regions along the build direction and the

precipitates’ corresponding effects on the mechanical properties were also discussed.

Keywords: Rapid solidification, Solidification microstructure selection maps,

Additive Manufacturing (AM), Columnar to Equiaxed Transition (CET), Inconel625,

Laser Powder Bed Fusion (LPBF), Microsegregation, Microstructure heterogeneity
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Chapter 1

Introduction

1.1 Background

1.1.1 Additive Manufacturing

Additive Manufacturing (AM) has developed significantly and experienced a fast-

growing industrial adoption since its advent in the 1980s. AM can be defined as a

layer-by-layer deposition of the feedstock materials to fabricate a net-shaped 3-D part

from a Computer Aided Design (CAD) model [1,2]. According to the American So-

ciety for Testing and Materials (ASTM) International Committee F42, AM processes

can be categorized into seven groups; VAT Photopolymerization, Powder Bed Fusion

(PBF), Directed Energy Deposition (DED), Material Jetting (MJ), Binder Jetting

(BJ), and Sheet Lamination (SL). These AM methods can be used to build parts

made of different materials in various industries [3,4].

There are commercial applications of all these AM techniques in the metal AM

market. The largest industrial adoption of metal AM processes belongs to the Powder
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Bed Fusion (PBF) method, with 54% of the whole market [5]. To initiate the PBF

process, a 3D CAD model of the part must be designed and then sliced to be used in

the PBF machine. The process starts by spreading a thin layer of metal powder as a

feedstock over the substrate, and a heat source (electron beam or laser beam) melts

the first layer based on the data from the sliced 3D design. Afterward, the build plate

is lowered, and another layer of metal powder is spread across the build plate. The

layering and melting process is repeated till the part is complete [2].

Laser Powder Bed Fusion (LPBF) LPBF is one of the most used PBF methods

because it is a hihgly versatile and excellent candidate for fabricating non-ferrous ma-

terials such as aluminum, copper, titanium, and nickel-based superalloys . Although

there are other techniques that have higher outputs, the better surface quality and

higher dimensional accuracy of the LPBF process make it an exceptional choice for

the metal AM industry in terms of quality assurance [6].

Figure 1.1 presents the overall correlations between the processing parameters, mi-

crostructure, and mechanical properties in LPBF processing. Frame (1) shows how

alloy composition, powder characteristics, and processing parameters critically influ-

ence the governing thermal condition during the LPBF process. Frame (2) shows the

different microstructural evolution modes that can occur during the LPBF process.

All the parameters introduced in the first frame greatly affect the final microstruc-

ture. Due to the high laser power, scanning velocity, and repeated thermal cycles

during the LPBF process, metal powders experience a complex thermal condition

with rapid melting and solidification, high thermal gradient, and localized reheating

and remelting, which results in obtaining various solidification microstructures and
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the occurrence of solid-state transformation. Finally, frame (3) links the microstruc-

tural features to the physical properties and, consequently, the mechanical properties

of the LPBF-produced products. The mechanical properties are strongly influenced

by the grain morphology, modes of solidification, Primary Dendrite Arm Spacing

(PDAS), grain size, solid-state transformation, and the type, size, and distribution of

the precipitates in the microstructure. A small change in any of these microstructural

features can significantly affect the final properties of the LPBF parts [7,8,9].

1.1.2 Inconel625

Inconel 625 (IN625) is a nickel-based superalloy strengthened mainly by the strength-

ening effect of alloying elements, like niobium and molybdenum, in a nickel-chromium

(γ-FCC) matrix. The nominal chemical composition of IN625 based on the ASTM

F3056 standard [10] is shown in Table 1.1. This alloy shows outstanding corrosion and

oxidation resistance in high-temperature corrosive atmospheres, as well as excellent

yield strength, creep strength, and fatigue strength due to the formation of inter-

metallic precipitates like γ”-Ni3Nb, δ-Ni3(Nb; Mo), laves-(Ni; Cr; Fe)2(Nb; Mo; Ti)

and complex carbides, including MC, M2C, M6C, and M23C6, etc., in the -FCC ma-

trix. These properties make Inconel alloys a perfect candidate in aerospace, marine,

and nuclear industries and other high-temperature application [11,12,13,14,15,16,17].

Furthermore, as a result of the low aluminum and titanium content in IN625, this

alloy has good weldability, making it suitable for LPBF processing [18,19]. On the

other hand, this alloy has been known to have poor machinability due to low thermal

conductivity and the occurrence of work hardening [20].

In IN625 LPBF part, columnar grain growth is dominant due to the large thermal
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Figure 1.1: Schematic showing the overall correlations between the processing
parameters, microstructure, and mechanical properties in the LPBF process.
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Table 1.1: Nominal chemical composition of Inconel 625 based on the ASTM F3056
standard [10].

Element C Mn Si Cr Co Mo Nb Ti Al Fe Ni
Min (wt%) - - - 20.00 - 8.00 3.15 - - - balance
Max (wt%) 0.10 0.50 0.50 23.00 1.00 10.00 4.15 0.40 0.40 5.00

gradient present ahead of the solid/liquid interface during the solidification. As a

result of rapid solidification, the dendritic structure contains mainly fine primary arms

with a few tiny secondary arms. Some nano-size precipitates may also form in LPBF

microstructure of IN625 [14,15,16,21]. This is in contrast with wrought material in

which equiaxed grains, larger dendrites with the classical secondary arms, and bigger

precipitates are present [22]. As shown earlier in Figure 1.1, the mechanical properties

of the LPBF part are strongly influenced by microstructural evolution. For example,

γ”, γ’, and δ enhance the hardness and tensile strength while the brittle laves and

MC carbides precipitate can degrade the ductility. Moreover, the columnar grain

growth causes severe anisotropic mechanical properties, and finer microstructural

features result in higher hardness and tensile strength [23,24]. Several studies have

been conducted to investigate the link between the initial processing parameters and

the mechanical properties of the LPBF IN625 part while paying less attention to the

microstructural evolution during the LPBF process and the process-microstructure-

properties relationship [25,26,27,28]. Microstructure development is at the heart of

all metal manufacturing processes linking properties to composition. One can control

the mechanical properties of the final LPBF part by manipulating the microstructure.
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1.1.3 Modeling of Microstructural Evolution during AM

Controlling the microstructure is impossible without solidification knowledge. In-

situ microstructural observation is difficult during the LPBF process because of the

melt pool’s rapid solidification and complex thermal condition. This makes numer-

ical methods such as the Phase-Field (PF) method and Cellular Automata (CA)

as well as analytical approaches, i.e., Solidification Microstructure Selection (SMS)

maps, an effective alternative to investigate the relation between solidification pa-

rameters and microstructure evolution. The use of such simulation methods has

enabled the prediction of solidification characteristics, including dendrite tip shape,

dendrite arm spacing, grain size and morphology, and segregation patterns, amongst

others [29,30,31,32].

Although the numerical simulation of solidification microstructure is a powerful

method to predict the microstructure, these methods are too complex and time-

consuming. Since the simulations are on the scale of a dendrite, it will be highly

time-consuming to predict the microstructure of the whole part. On the other hand,

growth-controlled analytical modeling combined with interface responses (the inter-

face temperatures as a function of interface velocities), SMS maps, and Columnar to

Equiaxed Transition (CET) models have collectively grown into a simple but consis-

tent method for predicting microstructure during rapid solidification, which can be

used to expand the diversity of printable alloys with desirable properties, and con-

sequently, take advantage of AM in different metal industries. The other advantage

of the analytical approach over numerical simulation is predicting the microstructure

over a wide range of composition and growth velocity in a short time. Analytical

growth models [33,34,35,36], which describe the behavior of solid/liquid interface
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during rapid solidification, have been proposed by Kurz, Trivedi, and colleagues for

various types of growth, including planar, dendritic, eutectic, and banded. Concur-

rently, the columnar to equiaxed transition grain morphology has been proposed by

Hunt [37], which has been extended by Gaumann et al. [38] to describe the CET

transition in rapid solidification. These analytical models, combined with thermal

data, can be used to create SMS maps to predict the solidification microstructures

and grain morphologies that are expected to form for a given set of alloy compositions

and thermal conditions.

Two types of SMS maps can be defined. Type 1 shows the stable solidification

morphology for a set of growth velocities and alloy compositions under a constant

thermal gradient. Type 2 indicates whether the morphology for a specific alloy com-

position will be expressed by columnar or equiaxed grains. Both are needed to ratio-

nalize the different kinds of microstructures achieved in AM. A tool that efficiently

maps the structure–process relationship would be very informative in guiding AM

development [32].

Although the SMS map method will be shown to be an efficient technique for

rationalizing the microstructure and the grain morphology of a rapidly solidified mi-

crostructure, it is unable to accurately predict the formation of precipitates, especially

those forming at very small volume fraction. Further, this method cannot fully predict

phase formation during a commercial LPBF process due to the complicated thermal

cycles that results in microstructural heterogeneity and solid-state phase transforma-

tions. The repeated thermal cycles during AM can lead to partial remelting, reheat-

ing, and resolidification in the solidified layers, which may change the local composi-

tion, microsegregation pattern, and phase transformation conditions [7,8,9]. Thus in
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addition to developing the SMS map method for LPBF processing it is necessary to

investigate the correlation between the spatial variations in mechanical properties and

the underlying microstructural heterogeneity using alternative modelling technique.

Combined electron microscopy with numerical thermal simulation and CALculation

of PHAse Diagrams (CALPHAD) [39] method is an effective technique to understand

the solidification and solid-state phase transformations that occur during the LPBF

process of IN625.

1.2 Motivation

The industrial adoption of metal AM is growing very fast, with the largest market in

North America [40]. The global metal AM market is anticipated to grow by about

USD 8 billion from 2022 to 2030 [5]. Although many well-known companies, such

as General Electric (GE), NASA, Airbus, and Boeing have been investing in metal

AM, some manufacturing experts are not optimistic about the future of the AM

market. A robust understanding of the AM technology and identification of the

barriers and challenges associated with the AM application is required. The product’s

quality assurance plays one of the most critical roles in the survival of this technology.

Among all metal AM processes, LPBF is one the most dominant technique due to

its dimensional accuracy, versatility, and better surface quality [41]. Moreover, IN625

accounts for 20% of the nickel-based superalloys production and is very demanding

in different industries [5,6,24]. Although the IN625 has proven to be printable via

LPBF, it is necessary to investigate the whole of its microstructural features to achieve

complete industrial adoption, elevate the quality of the LPBF part, and develop the

required post-processing design procedures end-to-end.
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1.3 Research Objectives

This thesis aims to develop new knowledge of linking the processing parameters,

microstructure, and properties of LPBF-produced parts. IN625, one of the most

commonly used nickel-based superalloys, is the main focus of this thesis. The specific

objective of this research can be divided into four areas:

(i) To develop an analytical technique based on the SMS map approach to predict

the solidification microstructure of the multi-component metal AM parts for a

wide processing window;

(ii) To create SMS maps for IN625 multi-component alloy for a wide range of pro-

cessing parameters. Then, to evaluate the SMS map predictions against the

experimentally characterized solidification microstructure and grain morphol-

ogy of an as-built LPBF IN625;

(iii) To investigate microsegregation and mechanism of the precipitate formation in

LPBF microstructure of IN625; and

(iv) To explore the microstructural and mechanical heterogeneity in an as-built

LPBF IN625 by investigating the correlation between microstructure, thermal

evolution, and mechanical properties.

1.4 Thesis Outline

The main findings of this thesis have been written in three journal papers and a

conference paper. Thus, this thesis includes the following chapters:

9



Ph.D. Thesis - P. Mohammadpour McMaster - Material Science and Engineering

Chapter 1 briefly presents the background of metal LPBF processing, as well as the moti-

vation behind this research and the thesis objectives.

Chapter 2 is the first published journal paper that addresses objective (i) centering around

“SMS maps” for AM applications. In this study, a set of simple but effective

analytical models is revisited and developed in the context of AM to predict the

solidification microstructure and grain morphology of LPBF multi-component

parts. The model is applied to the Al-10Si-0.5Mg alloy, and then the sim-

ulation results are validated against the experimental results available in the

literature. Please note that this ternary alloy was chosen, instead of the IN625

10+ component alloy, because it is a simple alloy system with readily available

thermodyanic information and much experimental data for validation.

Chapter 3 is a published conference paper that fulfills objective (ii). This study aims to

improve the AM design space for the popular multi-component Ni alloy In-

conel 625 (IN625) processed by LPBF by combining knowledge of microstruc-

ture development gained through analytical predictive approaches (discussed

in chapter 2) and experimentation. Both types of SMS maps are created for

the non-equilibrium solidification of this alloy. The microstructure of LPBF

processed material is then characterized to validate the SMS maps predictions

both qualitatively and quantitatively in terms of the solidification microstruc-

ture, grain morphology, and PDAS.

Chapter 4 is the second published journal paper that satisfies objective (iii). This study

aims to take advantage of computational thermodynamics and kinetics and

electron microscopy to set up a comprehensive investigation of the solidification

10
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microstructure as well as the detailed mechanism of the formation of the pre-

cipitates during the single-track LPBF processing of IN625. Thus, this study

improves our fundamental understanding of the solidification and solid-state

phase transformations in nickel-based superalloys.

Chapter 5 is the third journal paper that investigates the microstructural heterogene-

ity in order to fulfill objective (iv). In this chapter, the correlation between

the spatial variations in mechanical properties and the underlying microstruc-

tural heterogeneity of a multi-layer as-solidified LPBF IN625 part are inves-

tigated using modern electron microscopy techniques, nano-hardness testing,

FEA thermal simulation [42], Scheil, and DIffusion-Controlled TRAnsforma-

tions(DICTRA) [43] simulations. The results from this study can be used as

a guide to better understand the as-build LPBF microstructure to design an

appropriate post-treatment process to achieve suitable mechanical properties.

Chapter 6 summarizes the overall conclusions of this thesis, introduces the strength and

limitations of this study, presents suggestions for future work, and highlights

the contributions of this thesis to the literature.
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Abstract: Understanding microstructural development in additive manufacturing

under highly non-equilibrium cooling conditions and the consequent effects on me-

chanical properties of the final component is critical for accelerating industrial adop-

tion of these manufacturing techniques. In this study, simple but effective theoretical

solidification models are recalled to evaluate their ability to predict of microstruc-

tural features in additive manufacturing applications. As a case study, the resulting

solidification microstructure selection maps are created to predict the stable growth

modality and the columnar to equiaxed transition (CET) of an Al-10Si-0.5Mg alloy

processed via selective laser melting. The potential of this method in microstructural

predictions for additively manufactured products, as well as outstanding challenges

and limitations, are discussed.

Keywords: Rapid solidification, Solidification microstructure selection maps, Addi-

tive manufacturing, Columnar to equiaxed transition
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2.1 Introduction

Metal-based additive manufacturing (AM) promises a great ability to produce com-

plex geometries, and reduced lead times by eliminating expensive downstream pro-

cessing stages [1]. However, there are a number of significant challenges that must be

overcome for this set of techniques to reach wide industrial adoption. In metal AM,

the process of part consolidation begins via laser, electron beam, or arc melting. The

resulting non-equilibrium solidification conditions lead to a variety of microstructures

- often preferentially selecting non-equilibrium growth modes or displaying variations

in columnar or equiaxed grain morphologies [2,3,4] which consequently result in a

wide range of mechanical properties. The microstructure achieved during solidifica-

tion is a result of the melt thermal conditions, alloy chemistry, and thermodynamic

properties. Understanding these phenomena will aid in reducing unwanted variabil-

ity in material properties and even enable the design of site-specific microstructural

features to suit a given application.

About 30 years ago, Kurz, Trivedi, and colleagues proposed a set of analytical

models that describe the growth of planar [5], dendritic (KGT model [6]), eutectic

(TKM model [7]), and banded [8] microstructures during rapid unidirectional solid-

ification. Concurrently, Hunt proposed an analytical model [9], later extended by

Gaumann et al. [10], to identify the thermal conditions required to transition from

columnar to equiaxed grain morphologies. Collectively, these analytical expressions

can be used to create Solidification Microstructure Selection (SMS) maps, i.e. to

predict the solidification microstructure and grain morphology that forms for a set of

alloy composition and thermal conditions. A tool that efficiently maps the structure

- process relationship would be very informative in guiding AM development.
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The creation of SMS maps is computationally efficient when compared to more

complex approaches such as phase field and cellular automata and has been used

to predict microstructure during laser treatment processes [11,12,13,14,15], among

others. Although solidification during AM is not unidirectional at the scale of the melt

pool, the assumption of local unidirectional solidification at the scale of the dendrite

tips is required in order to create SMS maps using the provided analytical expressions.

Recently, Kurz and Trivedi’s expressions have been used to create SMS maps for

an Al-12%Ce alloy to validate the suitability of this alloy for AM applications (16;

17). Although only limited thermodynamic data was available for the Al-Ce system,

the authors predicted reasonably well the developed microstructure when compared

against experimental data for different thermal conditions. Further, variations on

Hunt’s expression has been used by a number of authors to predict whether columnar

or equiaxed microstructures form during metal AM [18,19,20,21,22,2].

In this study, we revisit the above analytical expressions required to create SMS

maps in the context of Selective Laser Melting (SLM), a powder-bed metal AM pro-

cess. The main advantages of analytical expressions is their high-throughput and

simple extension to multi-component systems. Although accuracy is sacrificed, SMS

maps provide the opportunity to efficiently assess a wide parameter space and to act

as a guide for more detailed numerical simulations. This work provides a detailed yet

concise presentation of the equations, assumptions, and limitations of the different

models so that future researchers can fully utilize the SMS approach to improve the

properties of SLM -produced components. As a case study, these models are applied

to the Al-Si-Mg ternary system. This system is the current standard for AM of Al

alloys and has readily available thermodynamic data.
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2.2 Growth Models for Solidification Microstru-

tures

Interface response, i.e. the solid/liquid interface temperature of a specific solidifica-

tion mode as a function of interface growth velocity, V for a given alloy composition,

C0 and thermal gradient, G form the basis of Kurz and Trivedi’s analytical models

for predicting solidification microstructure under the non-equilibrium solidification

conditions. The set of solidification modes to be considered depends on the alloy sys-

tem. For a simple binary eutectic phase diagram, four possible microstructures exist:

planar, dendritic, eutectic, and banded, irrespective of the actual alloy content. The

microstructure having the maximum interface temperature is the one that is most

stable [12].

The underlying assumption of the theoretical equations used to predict the inter-

face responses is columnar (directional) and steady-state growth conditions on the

scale of the transport phenomena that control microstructure selection. With respect

to AM, on one hand the thermal behaviour in the melt pool is highly transient and

may vary by many orders of magnitude. On the other hand, the analytical models are

applied on the length scale of the transport phenomena (e.g. solute diffusion at the

length scale of the dendrite tip) which are indeed quite short. Although additional

research is required to properly quantify the limits of this assumption, it is reasonable

at present to assume that this methodology can be used to rationalize microstructure

trends during AM.
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2.2.1 Planar Growth

Assuming linear superposition of the effects of various solute elements, the interface

response for planar morphology can be written as

TPL = Tm −
i∑

C0,i
mv

i

kv
i

− V

µk,i

, (2.1)

where TPL is the temperature at the planar interface, Tm is the melting point of the

pure metal, the summation symbol along with the subscript i allow for generalization

to multi-component systems, C0,i is the initial composition, mv
i , k

v
i , and µk,i are the

liquidus slope, partition coefficient and interface kinetic coefficient for each element,

and V is the interface velocity. The superscript v is added to both mi and ki to denote

the velocity-dependency because of the non-equilibrium state of the interface. This

is needed to predict solidification morphologies under the complex non-equilibrium

conditions found in SLM. Note that a convention of defining the liquidus slopes and

all compositional gradients as positive values is adopted.

The velocity-dependent liquidus slope and partition coefficient can be defined

as [23,24]

mv
i = mi

(
1 +

ki − kv
i [1− ln(kv

i /ki)]

1− ki

)
, and (2.2)

kv
i =

(ki + Pei)

(1 + Pei)
, (2.3)

where mi and ki are the equilibrium liquidus slope and partition coefficient for each

element assuming a linearized phase diagram, and Pei is the interfacial Péclet number

for solute redistribution. Often, phase diagrams are not linear; this assumption is an
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important limitation of current growth models for accurately predicting microstruc-

ture. Furthermore, µk,i is approximated as

µk,i ≈
V0(1− ki)

mi

, (2.4)

in which V0 is the speed of sound in the pure metal in the solid state, and Pei is given

by

Pei =
a0V

D
, (2.5)

where a0 is the interatomic spacing and D is the solute diffusion coefficient in the

liquid. D is assumed to be the same for all alloying elements while diffusion in the

solid state is assumed to be negligible.

2.2.2 Dendritic Growth

The KGT [6] model and later work by Trivedi and Kurz [25] have been used for several

years to calculate dendritic growth under rapid solidification conditions. Following

their research, the non-equilibrium dendrite tip undercooling, ∆Ttip, can be written

as

∆Ttip =
i∑( kv

i∆T v
0,iIv(Ped)

1− (1− kv
i )Iv(Ped)

+ C0,i(mi −mv
i ) +

V

µk,i

)
+

2Γ

R
+
GD

V
, (2.6)

where ∆T v
0 is the non-equilibrium solidification interval, Iv is the Ivantsov function,

Γ is the Gibbs-Thomson coefficient, and Ped is the solutal Péclet number. The first

four terms on the right-hand side represent the effects of the growth dynamics / non-

equilibrium state, solute, kinetic attachment, and dendrite curvature on the dendrite
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tip undercooling for each solute element. The last term is related to the cell growth

at low interface velocities. Although not strictly required for studies of AM, it is

included for completeness.

The non-equilibrium solidification interval, which is obtained from thermodynamic

considerations, is given by

∆T v
0,i =

mv
iC0(k

v
i − 1)

kv
i

. (2.7)

The Iv function, for different morphologies of the dendrite [25,26], is given by

Iv(Ped) = Ped exp(Ped)E1(Ped), needle
Iv(Ped) = (πPed)

1/2 Ped ≪ 1 plate

Iv(Ped) = 1− 1
2Ped

+ 3
4Ped

2 Ped ≫ 1

(2.8)

where the exponential integral function, E1(Ped), is estimated based upon the ap-

proximation of Barry, Parlange and Li [27].

The solutal Péclet number ahead of the dendrite tip is defined as

Ped =
RV

2D
, (2.9)

with the dendrite tip radius estimated from linear stability analysis [28] as

R =

(
Γ

σ∗(
i∑
miGc,iξd,i −G)

)1/2

. (2.10)

where σ∗ is the dendrite tip selection parameter, R is the dendrite tip radius, Gc,i
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is the concentration gradient in the liquid ahead of the dendrite tip, and ξd,i is the

deviation from the equilibrium state also known as the dendritic function of Péclet

number. ξd,i and Gc,i are given by

ξd,i = 1− 2kv
i[

1 + 1
σ∗Pe2i

]1/2
− 1 + 2kv

i

, (2.11)

and

Gc,i =
(Ct,i − C0,i)V

D Iv(Ped)
, (2.12)

where Ct,i is the dendrite tip composition,

Ct,i =
C0

1− (1− kv
i )Iv(Ped)

. (2.13)

Note that kv
i is used in Eq. 2.13 instead of the equilibrium partition coefficient.

R and Ped are thus inter-related. Eqs. 2.8-2.13 are iteratively solved in order to

determine R and Ped. These values are then used to calculate ∆Ttip. Finally, the

interface temperature for dendritic morphology, TD, can be determined,

TD = Tliq −∆Ttip, (2.14)

where Tliq is the equilibrium liquidus temperature.

It should be noted that the term σ∗ comes from the dependence of the solute

diffusion in the liquid on the Péclet number, which only gives the product of R and

V and not the relationship between them. So, an additional constraint is required,

specifically it is assumed that σ∗ is constant for a given alloy system [25]. This

assumption is valid as long as linear stability in dendritic growth remains valid [29].
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It has been shown in more recent studies using phase field simulations that σ∗ and thus

dendritic growth directions can vary under certain conditions with alloy composition

as well as imposed undercooling [30,31]. σ∗ could thus be calculated as a function of

interfacial energy, alloy composition and imposed undercooling. But this is beyond

the scope of the present study.

2.2.3 Eutectic Growth

The model of lamellar eutectic growth during rapid solidification is based on the TMK

approach [7], which links the eutectic undercooling, ∆Teut, to V and lamellar spacing,

λ. In this model,

∆Teut = K1λV +
K2

λ
, and (2.15)

λ2 V =
K2

K1

, (2.16)

where K1 and K2 are given by velocity-dependent parameters,

K1 =
i∑(mv

eut,iC
v
0,i

D

P

fα,ifβ,i

)
, and (2.17)

K2 = 2
i∑

mv
eut,i

(
Γα,i sin θα,i
mv

α,ifα,i
+

Γβ,i sin θβ,i
mv

β,ifβ,i

)
. (2.18)

For planar and dendritic growth, the calculations are performed on a single phase;

however calculations for eutectic growth must consider two phases: the solute lean α

phase and the solute rich β phase. Thus fj,i and θj,i are the the volume fraction and

contact angle of phase j for the binary system with solute i, mv
j,i is calculated using
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Eq. 2.2, mv
eut,i is the average velocity-dependent liquidus slope at the eutectic point,

Cv
0,i is the difference between the non-equilibrium composition of the two phases at

the eutectic temperature, and P is an infinite series. Some of these terms require

further definition. Specifically,

mv
eut,i = mi

(
1 +

ki − kv
i [1− ln(kv

i /ki)]

1− ki

)
, (2.19)

where mi is the average equilibrium liquidus slope given by mi =
mα,i·mβ,i

mα,i+mβ,i
,

Cv
0,i = Cβ,i − kv

β,i

(Tm,i − TE

mv
β,i

)
− kv

α,i

(Tm,p − TE

mv
α,i

)
, (2.20)

where kv
j,i is calculated by Eq. 2.3, Tm,p is the melting temperature of the pure metal,

Tm,i is the melting temperature of the second element or the intermetallic compound,

and

P ≈ 0.335
(
fα,ifβ,i

)1.65
ξe,i. (2.21)

For eutectic growth, the solutal Péclet number, Pee and the eutectic function of

the Péclet number, ξe,i, are given by

Pee =
λV

2D
, and (2.22)

ξe,i = 1− 2.5π/Pee[
1 + (2.5π

Pee
)2
]1/2

− 1 + 2kv
i

. (2.23)

The use of kv
i within Eq. 2.23 implies that the partition coefficient of the α and

β phases are equal. Either this assumption or the assumption that the α and β

liquidus slopes are equal is required for the problem to be analytically tractable. A
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numerical model could be used to eliminate this assumption, but this would obviously

be more complex and computationally expensive. Finally, the interface temperature

for eutectic growth, TE, is calculated by

TE = Teut −∆Teut , (2.24)

where Teut is the equilibrium eutectic temperature. Eqs. 3.3-2.24 are iteratively

solved in order to determine TE.

In some alloying system like Al-Si, due to the faceted interface of the Si phase,

the resulting eutectic is irregular. For an irregular eutectic, the Jackson-Hunt growth

model can be extended by defining a criterion to describe this microstructure in which

the lamellar spacing varies. Specifically, when λ = λmin, lamellae will stop growing

and when λ = λmax, branching will occur [28,32]. Thus, the average spacing λ̄ can

be defined as

λ̄ =
λmin + λmax

2
= φλext , (2.25)

where λext is the lamellar spacing corresponding the minimum undercooling (∆Teut)

at a given interface velocity and φ is a material property. The Jackson-Hunt growth

kinetic model is then

λ̄∆Teut = (φ2 + 1)K2, (2.26)

∆Teut = (φ−1 + φ)
√

K1K2

√
V , and (2.27)
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λ̄2V = φ2K2

K1

. (2.28)

2.2.4 Banded Structure

The final probable microstructure that could form during rapid solidification occurs

when solute trapping causes a loss of equilibrium in the moving interface. This inter-

face instability results in oscillatory behaviour between the plane front and dendritic

microstructures, i.e. a banded structure [8,15,33]. Solute trapping occurs solely due

to the high interface velocity and is not dependent on the thermal gradient [28,25].

Based on a stability analysis of the interface, the banded structure will form between

the range of velocities corresponding to the minimum dendritic growth interface tem-

perature, and the maximum planar front interface temperature. This condition can

be expressed as:

V min
B :

dTD

dV
= 0 and

dT 2
D

dV 2
> 0, (2.29)

V max
B :

dTPL

dV
= 0 and

dT 2
PL

dV 2
< 0. (2.30)

where VB is the velocity of formation of the banded structure.

2.2.5 Grain Morphology

In both dendritic and eutectic solidification [9], one must also differentiate between

columnar and equiaxed grains. Most metallic AM components show anisotropy in

mechanical properties due to the favourability in forming columnar grains. For some
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applications this is desirable, but others require instead equiaxed grains to improve

both process and product performance. In recent years there has been considerable

experimental research carried out to enhance the homogeneity of AM microstructures

through manipulation of G and V . Predicting the columnar-to-equiaxed transition

(CET) is challenging owing to the complexity of this phenomenon. Gaumann’s ex-

pression [10], building on Hunt’s criterion [9], can be used to predict whether the

rapidly solidified grain morphology will be columnar or equiaxed. This expression

relates the volume fraction of equiaxed grains, ϕ, to G as

G =
1

1 + n
3

√
−4πN0

3 ln (1− ϕ)
∆Tc

(
1− ∆T n+1

n

∆T n+1

)
, (2.31)

where N0 is the nucleant volume density for equiaxed grains, ∆T is the undercool-

ing for columnar growth, ∆Tn is the nucleation undercooling for equiaxed grains, and

n is a material constant. Based on several studies, a fully equiaxed microstructure

is achieved with ϕ > 0.49, while a fully columnar microstructure is achieved with

ϕ < 0.0066 [21,34].

There are two main limitations to this approach to determining the CET. The first

is the assumption of constant values for nucleant density and nucleation undercooling

as these are known to be linked to alloy and nuclei composition, the presence of

impurities, and the kinetics of atom attachment, and are better represented as a

distribution of nucleation site characteristics [35]. A precise prediction of CET can

only be obtained if the effect of these parameters on N0 and ∆Tn are known; however,

this is extremely challenging in cases where grain refiner particles are not intentionally

added. Consequently, they represent a significant source of uncertainty in these CET

models.
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The second limitation lies within the derivation of Hunt’s criterion itself, as a sim-

plified relationship between dendrite growth velocity and undercooling that neglects

the effects of thermal gradient was utilized, i.e. ∆T =
√

V C0/A where A is a fitting

parameter, instead of a more complex relationship such as the KGT model shown in

Section 2.2. Furthermore, the same growth model was applied for both the directional

growth of columnar dendrites, and non-oriented growth of equiaxed dendritic grains.

The generality of the model could be improved by adopting an approach following

Haines et al. [21] whereby the KGT model is used to predict undercooling for colum-

nar dendritic, which is then substituted directly into Eq. 3.4. However, the equiaxed

growth velocity was still calculated using a simplified relationship, and an appropriate

equiaxed growth algorithm to assist CET predictions has not been determined.

2.3 Results and Discussion

The above set of models defines the interface temperatures of planar, dendritic,

banded, and eutectic solidification microstructures, as well as the transition in grain

morphology from columnar to equiaxed for a given V , G, and C0,i. Their appli-

cation requires considerable thermo-physical properties. Tm, mi and ki, fj,i can be

taken from thermodynamic databases while a0, V0, σ
∗, Γ , θj and D must typically

be experimentally-determined, or estimated from atomistic simulations [36] and are

sometimes found in the literature. All used thermophysical and thermodynamic prop-

erties are summarized in table. 3.2 The terms kv
i and mv

i can be calculated from Eqs.

2.2 and 2.3, and are assumed to be the same for all types of growth. Furthermore, it

is assumed that the maximum value of the interface growth velocity, V , is maximally

bounded by the scanning speed[37]. Scanning speeds in SLM typically vary between
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≈0.3-1.4 m/s. The corresponding thermal gradient in the mushy zone duing SLM can

be determined, as a first approximation, using the Rosenthal Equation [38]-an ana-

lytical solution to the heat conduction equation developed for welding that is able to

estimate the temperature field around a moving heat source. The general Rosenthal

solution equation is given by

T = T0 +
λP

2πkr
exp

[
− Vs(x+ r)

2α

]
(2.32)

where T0 is the temperature far from the heat source, r is the radial distance from

the moving point, λ is absorptivity, k and α are thermal conductivity and diffusivity,

and P is laser power. Applying this equation to the common AM alloy Al-10wt.%Si-

0.5wt.%Mg (AlSi10Mg) while assuming an energy input of P = 200W and a scanning

speed Vs = 1.4 m/s [39], the SLM thermal gradients along the edge of the radius of

the melt pool range from 106K/m to 109K/m.

Although the Rosenthal solution is a very quick way to predict the thermal his-

tory, due to the use of various simplifying assumptions, it gives only a rough es-

timation of the temperature profile. One of the most important limitations of the

Rosenthal solution is the neglection of convection, latent heat, and the effects of

temperature-dependent properties in the melt pool. Marangoni flow, i.e., an in-

evitable phenomenon resulting from a high heat input during laser heating and its

influence on the local temperature-dependent surface tension, may cause significant

variation in the melt pool shape and resulting thermal profile. To address this lim-

itation, future work will involve a precise thermal-flow calculation using numerical

methods.
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Table 2.1: Physical and thermodynamic properties of Al-Si-Mg
system [13,35,40,41,42].

Parameter Unit

Initial composition of Si, C0,Si 10 wt%
Initial composition of Mg, C0,Mg 0.5 wt%
Melting temperature of pure Al, Tm,Al 933.33 K
Melting temperature of pure Si, Tm,Si 1687 K
Eutectic composition, CEut 12.63 wt%Si
Eutectic temperature, TEut 848 K
Liquidus slope of phase α in Al-Si isopleth system, mα,Si 6.74 Kwt%−1

Liquidus slope of phase α in Al-Mg isopleth system, mα,Mg 3.1 Kwt%−1

Liquidus slope of phase Si Al-Si isopleth system, mSi 9.59 Kwt%−1

Partition coefficient of phase α in Al-Si isopleth system, kα,Si 0.131 -
Partition coefficient of phase α in Al-Mg isopleth system, kα,Mg 0.47 -
Partition coefficient of phase Si in Al-Si isopleth system, kSi 5× 10−11 -
Gibbs-Thomson coefficient for the phase α, Γα 1.96× 10−7 mK
Gibbs-Thomson coefficient for the phase Si, ΓSi 1.7× 10−7 mK
Contact angle of phase α, θα 30 degrees
Contact angle of phase Si, θSi 65 degrees
Volume fraction of phase α, fα 0.8684
Volume fraction of phase Si, fSi 0.1316
Diffusion coefficient in the liquid, D 3× 10−9 m2s−1

Speed of sound in pure Al, V0 5100 ms−1

Interatomic distance, a0 10−9 m
Material property, φ 3.2
Nucleation undercooling, ∆Tn 2 K
Nucleation density, N0 5× 1010 m−3

Material parameter, n 2.5 -
Dendrite Tip Selection Parameter, σ∗ (2π)−2 -
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2.3.1 Interface Response

As shown in Fig. 2.1, the isopleth Al-Si phase diagram with 0.5 wt% Mg - calculated

via the Thermo-Calc software using the COST 507 database-, shows that the mi-

crostructure of AlSi10Mg may possibly contain α-Al (FCC), Si (Diamond cubic) and

eutectic phases. The resulting possible solidification microstructure are α-Al plane

front, α-Al dendritic, Si-primary, and eutectic. The Si-planar growth is neglected due

to the extremely low solubility of Al in Si. Further, it is assumed that the Si-primary

growth morphology is plate-like. Thus, the second Ivantsov function in Eq.2.8, for

plates, has been used for this interface response calculation.

Fig. 2.2 shows the resulting set of interface responses for the possible solidifica-

tion microstructures. As previously explained in Section 2, the stable solidification

microstructure is the one with the highest interface temperature. For this alloy, the

stable solidification microstructure changes with increasing growth velocity as: eu-

tectic → α-Al dendritic → banded → planar. Further, as shown in the figure, the

stable solidification microstructures during SLM is expected to be eutectic, α-Al den-

dritic, and perhaps banded. These predictions and micrographs of SLM-produced

AlSi10Mg [39,43,44,45] show reasonable agreement, specifically primary dendritic Al

and a novel eutectic structure containing very small Si particles depending on the

scanning speed. No banded structures have been reported in the literature. Match-

ing predicted microstructures and micrographs is complicated by the fact that the

prediction is limited to the melt pool scale; however, in AM the processing of sub-

sequent layers will affect the microstructures of previous layers. Although it was

assumed that interface growth velocity and scanning speed are equivalent, it will be

the center of the melt pool which has the maximum growth velocity and thus the most
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probable location for forming a banded microstructure. Regardless of the scan pat-

tern used in AM, the top-most region of the melt pool experiences the maximum rate

of growth velocity and consequently banded microstructure. In the case that layers

are subsequently printed on each other, the banded microstructure will be eliminated

due to the partial melting of upper regions of those previously-processed layers. The

center of the melt pool is most-likely to remelt upon processing subsequent layers.

It should also be noted that although the figure was created using G = 106K/m,

simulations at higher values up to G = 109K/m showed no appreciable differences in

form.

Figure 2.1: The iso-pleth phase diagram of Al-Si at (0.5wt%) Mg content,
calculated using Thermo-Calc Software.

2.3.2 SMS Maps

SMS maps are graphical representations to show the stability of microstructures under

specific conditions. They are useful to track phase transformation and to design AM
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Figure 2.2: The variation in interface temperature with solidification velocity for all
possible growth morphologies of the AlSi10Mg alloy experiencing a thermal gradient

of 106K/m.

processes that will contain desirable mirostructures through manipulation of process

parameters. Two types of SMS maps can be defined. Type 1 shows the stable

solidification morphology for a set of growth velocities and alloy compositions under

constant thermal gradient. Type 2 shows whether (or not) the morphology for a

specific alloy composition will be expressed by columnar or equiaxed grains. Both are

needed to rationalize the different kinds of microstructures achieved in AM.

A Type 1 SMS map for the Al-Si-Mg system, assumingG = 106 K/m and CMg=0.5

wt.%, is shown in Fig. 2.3, identifies the predominant solidification mode for a set of

compositions and interface velocities. For this system at constant Mg content, the

eutectic and dendritic morphologies are seen to dominate in the processing range of

SLM as shown previously in Fig. 2.2 for the specific AlSi10Mg alloy. Type 1 SMS
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maps can thus be thought of as interface response diagrams extended over a range

of alloy nominal compositions to show trends in solidification microstructure evolu-

tion. Although there are some dissimilarities with respect to the banded structure

attributed to the layered nature of the AM processing, such maps can be very effective

in guiding SLM process and chemistry design to control solidification microstructure.

A Type 2 SMS map for the same alloy is shown in Fig. 2.4. This map is derived by

combining the undercooling for the stable microstructure morphology predicted by the

interface response with Eq.3.4. The nucleation density was estimated from [40,41,42].

Extending upon Haines’s proposed approach, which utilized the undercooling from

the KGT growth model to predict CET in electron beam AM (21), the term ∆T is

taken as the stable value determined through the interface response analysis. Fig. 2.4

shows the stability range of dendritic grain morphologies for the AlSi10Mg alloy over

a range of thermal gradients and interface velocities. As can be seen in the figure,

the conditions present during SLM are predicted to result in both columnar dendritic

and mixed equiaxed/columnar grain morphologies. Experimentally, the mixed region

has been rarely found in the micrographs of SLM-produced AlSi10Mg [43,44,45]. It

is hypothesized that this is for the same reasons as a lack of evidence for the banded

structure, namely that the centre of the melt pool is likely remelted in subsequent

layers. Another possible reason for a lack of experimental results showing the mixed

region is that because the thermal gradients are very high, one would expect the

mixed microstructure to still result in grains that compete towards columnar growth.
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Figure 2.3: Type 1 SMS map for the Al-Si-Mg ternary system assuming
G = 106K/m and CMg = 0.5%wt.

2.4 Conclusions

SMS maps provide significant opportunities for improving microstructure selection

during additive manufacturing. The use of analytical models that predict the interface

response of the possible solidification morphologies that could exist at high thermal

gradients and high solidification velocities, coupled with an analytical expression for

CET will allow for new AM alloy and process development in an efficient manner, and

should be used by the research community. Due to the layered nature and thermal

complexity of SLM, coupling the SMS map approach with macro-scale numerical

methods of heat transfer would further assist in predicting microstructure resulting

from this process.
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Figure 2.4: Type 2 SMS map for the Al-10wt.%Si-0.5wt.%Mg alloy.

To improve the utility of SMS maps, there is need for advancement both in ma-

terials data and with respect to the method’s application to additive manufacturing.

Specifically, there is need to improve the availability of thermodynamic data for new

alloy systems (which is also a requirement for other modeling techniques, such as

phase field), develop new approaches that do not require assumptions of a linearized

phase diagram and a constant dendrite tip selection parameter, and enhance the char-

acterization method for more accurate estimation of nucleant density and equiaxed

nucleation undercooling. Furthermore, there is a need to derive strategies that can use

the interface responses without the assumption of uni-directional heat flow. Although

this is often a valid assumption at the scale of dendrite growth during additive man-

ufacturing, thermal gradients and velocities may vary by several orders of magnitude
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over distances as small as tens of microns.
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Abstract: Solidification Microstructure Selection (SMS) maps provide a simple yet

effective approach to predict the non-equilibrium solidification microstructure and

grain morphology during Additive Manufacturing. In this study, SMS maps have

been created for the Inconel 625 (IN625) alloy processed by Laser Powder Bed Fusion

(LPBF). Toward this end, theoretical solid growth models, a model of the Colum-

nar to Equiaxed Transition (CET), interface response theory, thermal simulation

results and computational thermodynamics are utilized. The predicted microstruc-

tures are compared both qualitatively and quantitatively to experimentally-obtained

micrographs. The theoretical analysis was also compared to the earlier analytical cal-

culation for Al-10Si-0.5Mg alloy to show how differences in thermophysical properties

affect the microstructural predictions. The theoretical predictions are shown to be in

good agreement with the experimental results in terms of the resulting microstruc-

ture and dendrite arm spacings. A discussion on the use of SMS maps, formed over a

broad range of thermophysical conditions, to help guide industry in improving LPBF

microstructure, is provided.
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3.1 Introduction

Laser Powder Bed Fusion (LPBF) is a mature Additive Manufacturing (AM) process

that uses metal powder as a raw material, along with a laser heat source, to fabricate

end-use parts with complex geometries. In metallic components, the mechanical

properties are significantly affected by the microstructure—grain size, morphology,

and crystallographic orientation. Although metal LPBF has been recently adopted

on an industrial scale, the knowledge to optimize the microstructure and consequently

mechanical properties of the final product remains inadequate. In this regard, the

advanced investigation between processing parameters, solidification microstructure,

and mechanical properties is necessary [1]

LPBF is characterized by extremely high solidification rates, V , due to the high

laser scan speed, Vs, on the order of 0.1-1.5 m/s, and micron-sized melt pools, which

thus leads to high thermal gradients, G, on the order of mega K/m. The laser power

needs to be high enough to avoid a lack of fusion during laser melting, but not too

high to produce keyhole-induced defects [2]. Large values of G and V change the

diffusion length and finally lead to non-equilibrium effects at the solid/liquid inter-

face during solidification [3]. Due to this complicated heat transfer condition at

small length scales during LPBF, in situ microstructural observation is challenging.

This makes numerical methods—including Phase-Field method (PF) and Cellular

Automata (CA) as well as analytical approaches, i.e. solidification microstructure

selection (SMS) maps [4,5]—an effective alternative for investigating the relationship

between solidification parameters and microstructure. Although numerical simulation

of solidification is a powerful method for predicting microstructure, these methods
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are quite computationally expensive, especially for exploring structure-processing re-

lationships [5]. Unlike PF and CA, SMS maps provide faster and more comprehensive

predictions of microstructure in non-equilibrium solidification [4] and, being computa-

tionally efficient, allow for investigation over a wide range of compositions and growth

velocities in a short time [4].

SMS maps are graphical charts that show the stable solidification microstructure

and grain morphology under specific solidification conditions. They are useful for

controlling solidification morphology through manipulating the processing parame-

ters in order to obtain AM components with specific properties. Two types of SMS

maps can be defined. The first type identifies the stability region of different solidi-

fication structures for a set of growth velocities and alloy compositions at a constant

thermal gradient. For LPBF, the relevant microstructures include planar, dendritic,

eutectic, and banded morphologies. The second type identifies the critical combina-

tion of interface velocity and thermal gradient at which the Columnar to Equiaxed

Transition (CET) occurs for the dendritic morphology in an alloy with constant com-

position [3,4,6].

The analytical prediction of solidification morphologies is based on a set of growth

models that describe the behaviour of the solid/liquid interface during non-equilibrium

solidification. They were first proposed by Kurz et al. for various types of solid

growth during directional solidification and laser treatment applications [3,7]. Utiliz-

ing Hunt’s analytical model for the CET [8], later extended by Gauman et al. [6] to

describe this transition during non-equilibrium solidification, columnar and equiaxed

morphologies were also included. These analytical models, combined with thermal

and thermodynamic data, can be used to create SMS maps [4].
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This study aims to improve the AM design space for the popular multi-component

Ni alloy Inconel 625 (IN625) processed by LPBF by combining knowledge of mi-

crostructure development gained through analytical predictive approaches and exper-

imentation. The SMS maps were created for nonequilibrium solidification of this alloy.

The microstructure of LPBF processed material, specifically the primary-dendrite-

arm-spacing, was then characterized to validate the SMS maps both qualitatively

and quantitatively. Finally, SMS map results for IN625 have been compared with

previously published results for AlSi10Mg alloy [4]. These maps can be used to show

how microstructure and properties are influenced by changing in solidification param-

eters and composition.

3.2 Creation of SMS maps

3.2.1 Description of material and phase formation

IN625 is a nickel-based superalloy which is strengthened mainly by solid solution

strengthening via niobium, molybdenum, and chromium within the nickel-based (γ-

FCC) matrix [9]. The nominal chemical composition of IN625 based on the ASTM

F3056 standard is shown in Table 1 [10]. This alloy shows outstanding corrosion and

oxidation resistance in elevated temperature/corrosive atmosphere conditions, as well

as excellent yield strength, creep strength and fatigue strength due to the formation

of intermetallic precipitates including γ” -Ni3Nb, δ-Ni3(Nb; Mo), laves-(Ni; Cr; F

e)2(Nb; Mo;Ti) and MC carbides in the γ-FCC matrix [9,11].

Fig. 3.1 shows an isopleth section of the Ni-Cr-Nb-Fe- Mo phase diagram with

21 wt% Cr, 5 wt% Fe, 9 wt% Mo, and 0.8 wt% Co calculated via the Thermo-Calc
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Table 3.1: Chemical composition of Inconel 625 [10].

Element C Mn Si Cr Co Mo Nb Ti Al Fe Ni
Min (wt%) - - - 20.00 - 8.00 3.15 - - - balance
Max (wt%) 0.10 0.50 0.50 23.00 1.00 10.00 4.15 0.40 0.40 5.00

software using the TCNI9 database [12]. The composition of IN625 is shown by the

dashed line. As can be seen, equilibrium solidification of this alloy results in a single

solid phase, γ-FCC. However, based on the Scheil solidification path [12] and previous

experiments, the microstructure of IN625 parts fabricated via LPBF contain multiple

phases: γ” -Ni3Nb, laves, and (on rare occasions) δ-Ni3Nb in addition to γ-FCC(Ni-

Cr)[9,13,14]. As can be seen in Fig. 3.1, the γ” -Ni3Nb and laves phases must have

formed through a eutectic reaction.

3.2.2 Analytical calculation

The aforementioned Kurz’ and his colleagues’ non-equilibrium growth models and

interface response theory, i.e. the relationship between the solid/liquid interface tem-

perature and velocity, as well as Gaumann’s CET model, have been employed to

create the type (1) and type (2) SMS maps. These models and calculation proce-

dures have been documented in the literature [3,7,8] and most-recently summarized

in [4] and are not completely repeated, but they are briefly discussed in this paper.

The general idea is based on calculating the undercooling of the S/L interface for

all possible solidification growth morphologies while taking into account the effect

of interface velocity on thermodynamic parameters in order to estimate the interface

temperature over a range of C0, G, V , and finally, to predict the microstructure under

53



Ph.D. Thesis - P. Mohammadpour McMaster - Material Science and Engineering

Figure 3.1: Isopleth section of Ni-Cr-Nb-Fe-Mo phase diagram with 21 wt% Cr,
5wt% Fe, 9wt% Mo, and 0.8wt% Co - calculated via the Thermo-Calc software [12].

non-equilibrium solidification conditions. The stable morphology is then the one with

the highest interface temperature. The interface temperatures for planar, dendritic,

and eutectic growth, i.e. the relevant morphologies for the IN625 system, are shown

below,

TPL = Tm −
i∑

C0,i
mv

i

kv
i

− V

µk,i

, (3.1)
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TD = Tliq −∆Ttip,with

∆Ttip =
i∑( kv

i∆T v
0,iIv(Ped)

1− (1− kv
i )Iv(Ped)

+ C0,i(mi −mv
i ) +

V

µk,i

)
+

2Γ

R
+
GD

V
(3.2)

TE = Teut −∆Teut,with∆Teut = K1δV +
K2

δ
, andδ2 V =

K2

K1

, (3.3)

where Tpl, TD, and TE are the planar, dendritic, and eutectic interface tempera-

tures, ∆Ttip and ∆Teut are the dendrite tip and eutectic solidification undercool-

ing, Teut, Tliq, and Tm are equilibrium eutectic, liquidus, and pure metal melting

temperatures, V is the solidification velocity, Dl is the diffusion coefficient in the

liquid, R the dendrite tip radius, Γ the Gibbs-Thomson coefficient, µk,i the ki-

netic attachment, δ the lamellar spacing, and C0, m
v
i and kv

i the initial composi-

tion, velocity-dependent liquidus slope, and velocity-dependent partition coefficient.

The i subscript refers to the alloying element. The terms mv
i and kv

i are calculated

via Aziz’ model [15] for solute redistribution during nonequilibrium solidification as

mv
i = mi

(
1 + (ki − kv

i [1− ln(kv
i )/ki])/1− ki

)
, and kv

i = (ki + Pei)/(1 + Pei) where

Pe is the Péclet number, mi and ki are the equilibrium liquidus slope and partition

coefficient for element i.The general equation of the CET model is defined as

G =
1

1 + n
3

√
−4πN0

3 ln (1− ϕ)
∆Tn

(
1− ∆T n+1

n

∆T n+1

)
, (3.4)

where ∆Tn and N0 are the nucleation undercooling and nucleation density of the

equiaxed grains, n is a constant and ϕ is the volume fraction of the equiaxed grains.

Previous studies of IN625 have shown that the microstructure contains the γ-

FCC(Ni-Cr) phase as a matrix with the texture in < 100 > as well as γ” -Ni3Nb and
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laves precipitates. Potentially, each of these phases could form during non-equilibrium

solidification and as such the possible solidification microstructures that must be con-

sidered include: Planar- γ-FCC(Ni-Cr), dendrite-γ-FCC(Ni-Cr), planar- γ” -Ni3Nb,

primary- γ” -Ni3Nb, planar-laves, primary-laves, eutectic (γ- γ”), eutectic (γ-laves)

and the banded structure. Of these nine different microstructures, only four are prob-

able, Planar- γ-FCC(Ni-Cr), dendrite- γ-FCC(Ni-Cr), eutectic (γ-γ”), and eutectic

(γ-laves), given the alloys’ low Nb content. Thus, only these four microstructures will

be considered within the calculation of SMS maps.

To perform the necessary calculations, material physical properties are needed.

Thermodynamic data, including the equilibrium liquidus slope (m), partition coef-

ficient (k), liquidus temperature (Tliq), and solidus temperature (TS) are calculated

with Thermo-Calc software using TCNI9 database [12]. Other needed properties were

taken from the available literature. Furthermore, the thermal gradient of the LPBF

melt pool must be known. Although sophisticated methods exist, we have used the

Rosenthal solution [16]—an analytical solution to the heat conduction equation devel-

oped for welding that is able to estimate the temperature field around a moving heat

source—to match the desire for a computationally efficient prediction of microstruc-

ture during LPBF. The general Rosenthal solution formula, eq. 3.5, was utilized to

predict the temperature history:

T = T0 +
λP

2πkr
exp

[
− Vs(x+ r)

2α

]
(3.5)

where T0 is the temperature far from the heat source, r is the radial distance from the

moving point, λ is absorptivity, k and α are thermal conductivity and diffusivity, and

P is laser power. The thermal gradient for LPBF processing of IN625 is estimated to
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be 106 to 1010 K/m within a meltpool when utilizing P=200 W and Vs=1100 mm/s

as scanning power and velocity during single track LPBF processing.

3.3 LPBF single track experiments

3.3.1 Laser powder bed fusion experiment

In order to verify the microstructures predicted by the SMS maps, a single-track LPBF

experiment has been performed utilizing the EOSINT M280 machine equipped with

a 400 W Ytterbium fiber laser. The IN625 powder had a size distribution of 15-45µm

and was processed using a power of P=200 W, scan velocity of Vs=1100 mm/s, and

layer thickness of 30µm.

3.3.2 Characterization

After fabrication via AM, samples were prepared for metallography. First, samples

were cut transverse cross-sectionally, mounted, polished and then etched chemically

using aqua regia 3 HCl: 1 HNO3. Then, the melt pool microstructure was investi-

gated by a KEYENCE optical microscope (OM) and a JEOL JSM-7000F Scanning

Electron Microscope (SEM) equipped with an Oxford AZtecHKL Electron Backscat-

ter Diffraction (EBSD) detector. It should be noted that cross-sections of the single

track were extracted from 3 different locations along the processed track. Optical mi-

croscopy was carried out at each cross-section; However, only one location - showing

the most variation in microstructure - is shown in this study.
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3.4 Results

3.4.1 Qualitative comparison of the SMS maps of LPBF IN625

with experimental findings

Fig. 3.2(a) shows the interface responses of the four solidification microstructures

that are expected to form during LPBF processing of IN625 as a function of interface

velocity at the thermal gradient of 2 × 107 K/m. Based on the maximum interface

approach, dendrite-γ-FCC(Ni-Cr) has the most stable morphology in the processing

range of LPBF, as expected. The information contained in Fig. 3.2(a) can be used

to create the SMS Maps. Fig. 3.2(b) and 3.2(c) show the type 1 and type 2 maps,

respectively, as well as the LPBF processing conditions. As can be seen in these maps,

the dendritic γ-FCC(Ni-Cr) and banded-FCC(Ni-Cr) solidification microstructure, as

well as fully columnar grains, are expected to form during LPBP processing of IN625.

Fig. 3.3(a) shows an OM micrograph of the transverse crosssection of single-track

LPBF processing of IN625 for the case with a scan velocity of 1100 mm/s and laser

power 200 W; the hump represents the deposited layer. Fig. 3.3(b) and 3.3(c) pro-

vide the corresponding high-resolution SEM-BSE (BackScattered Electron) micro-

graph and the EBSD-IPF (Inverse Pole Figure) Z of the melt pool. As can be seen

in Fig. 3.3(b), the microstructure consists of dendritic γ-FCC(Ni-Cr). As a result

of the non-equilibrium solidification process, the dendritic structure contains mainly

primary arms with very short secondary arms that result in the structure appearing

to have a cellular morphology. Further, at the base of the melt pool, Fig. 3.3(c),

the columnar grains appear to have the same orientation as the substrate, providing

evidence that they grew epitaxially towards the centre of the deposit. The epitaxial
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Figure 3.2: The variation of interface temperature with solidification velocity for
possible growth morphologies of the IN625 alloy at G = 2× 107K/m, (b) Type (1)
SMS map for the IN625 alloy at G = 2× 107K/m over a range of composition for

Nb, (c) Type (2) SMS map for the IN625 alloy.

growth is related to the partial melting of the substrate while the elongated morphol-

ogy is a result of the high thermal gradient and localized directional heat extraction

at the edge of the melt pool.

Comparing Fig. 3.3(b) to the SMS map prediction in Fig. 3.2(b), it can be seen that

while dendritic γ-FCC(Ni-Cr) is correctly predicted by the SMS map, the formation

of γ-banded is not anticipated from the analytical solution. This is likely because, as

shown in Fig. 3.3(c), equiaxed dendrites have formed instead ahead of the columnar
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Figure 3.3: (a) OM (b) SEM-BSE micrographs, and (c) EBSD-IPF Z image of the
transverse cross-section of IN625 single track melt with powder at scan

velocity=1100 mm/s and laser power= 200 W.

dendrites. Neither of the SEM image, SMS map, and equilibrium phase diagram

(Fig. 3.1) anticipated the formation of precipitates in the microstructure. On the

other hand, Scheil solidification predicts the formation of a γ” and laves precipitates

at the end of the solidification through eutectic reactions. The amount of Nb (4wt%)

in IN625 is much smaller than the eutectic composition (10wt%Nb for eutectic (γ-

γ”) and 20wt%Nb for eutectic (γ-laves)). So, these precipitates might have formed

due to the microsegregation of the alloying element in the interdendritic region.

Finally, comparing Fig. 3.3(c) to the SMS map prediction in Fig. 3.2(c), it would
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appear that while columnar solidification is correctly predicted by the SMS map to-

wards the base of the melt pool, the formation of equiaxed grains was not anticipated

by the analytical solution. These equiaxed grains have nucleated ahead of the colum-

nar front due to a drop in the thermal gradient at the end of melt pool’s solidification.

The calculation shown in Fig. 3.2(c) indicates that a CET will occur when the ther-

mal gradient is less than approx. 5 × 105 K/m. Thus, it is likely that the thermal

gradient near the top of the melt pool is significantly reduced as compared to what

is predicted via the Rosenthal equation.

3.4.2 Quantitative comparison of primary arm spacing be-

tween experiment and calculation

Based on knowledge of the thermal gradient, Kurz and Fisher’s model [17] can be

used to quantify the Primary Dendrite Arm Spacing (PDAS) during dendritic growth,

λ = 4.3

(
∆T

G

) 1
2
(

DlΓ

V k∆T0

) 1
4

(3.6)

where λ is the primary arm spacing, k the equilibrium partition coefficient, and ∆T0

and∆T the equilibrium and non-equilibrium solidification range. The thermophysical

parameters are listed in table 2, while the non-equilibrium solidification interval is

given by ∆T = mvC0(k
v − 1)/kv.

Fig. 3.4(a) shows a comparison between the experimentally measured PDAS and

the values calculated with Eq. 3.6. The calculated values are shown by the solid and

dotted lines, for two thermal gradients. The experimentally-measured points are given

by black squares. As expected, the calculation shows that an increase in the growth
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Table 3.2: Thermophysical properties used for SMS maps and PDAS calculations in
IN625 [12,18].

Parameter Unit

Initial composition, C0 21Cr-9Mo-5Fe-4.1Nb-0.8Co wt%
Liquidus slopes for: mNb,γ , mNb,laves, mNb,Ni3Nb 1199,1356,737 Kwt%−1

Partition coefficients for: kNb,γ , kNb,laves, kNb,Ni3Nb 0.5,0.48,0.37 -
Gibbs-Thomson coefficients for:Γγ , Γlaves, ΓNi3Nb 10−7, 2× 10−7, 2× 10−7 mK
Diffusion coefficient in the liquid, Dl 3× 10−9 m2s−1

Material property, n 3.4 -
Nucleation undercooling, ∆Tn 1.5 K
Nucleation density, N0 2× 1015 m−3

Equilibrium solidification range, ∆T0 75 K

velocity and thermal gradient decreases the PDAS. For the range of conditions [19]

seen in LPBF processing, the calculated PDAS at G = 107 K/m and G = 2×107 K/m

are seen to change from 0.75 to 1.08 µm and 0.5 to 0.76 µm respectively for different

growth velocities. These values match quite closely the experimental points, with

locally-averaged measurements of 0.4 and 0.7 µm at two different positions within the

melt pool, given uncertainties in materials properties especially Dl and the potential

for Marangoni-induced convection. The PDAS is seen to decrease from the melt pool

edge to the center due to the increase in the solidification velocity and the decrease in

the thermal gradient. It should be noted that the experimental values of PDAS were

measured from the SEM images taken from the labeled locations in the melt pool in

Fig. 3.4(b).

3.4.3 Comparison of IN625 and AlSi10Mg SMS maps

SMS maps can provide guidance to improve LPBF processed microstructure and

understand phase formation. To give an example, the differences between the SMS
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Figure 3.4: (a) Predicted PDAS over a range of growth velocity at the thermal
gradient of G = 107 and 2× 107 K/m (b) experimental PDAS.

maps of IN625, and AlSi10Mg [4], Fig. 3.5, are striking, owing to the different thermal

and thermodynamic properties and compositions.

AlSi10Mg has a near-eutectic composition (12wt% Si), which leads to the forma-

tion of the eutectic microstructure. However, in IN625, the composition is far from the

eutectic composition and as a result, the only predicted phase is dendritic γ-FCC(Ni-

Cr). Furthermore, the grain morphology for LBPF processed AlSi10Mg is expected

to be both columnar and equiaxed, whereas only the formation of columnar grains is

predicted for IN625. Different parameters can affect the critical G in the columnar

to equiaxed transition, such as type and composition of alloying elements, thermody-

namic parameters (liquidus slope and partition coefficient), nucleation density, and

nucleation undercooling. The overall contribution of these parameters produces a

lower critical G for CET in IN625.
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Figure 3.5: SMS maps for the AlSi10Mg alloy (a) Type (1) at G = 106 K/m and (b)
Type (2) over a range of Si compositions [4].

3.5 Conclusion

The modes of solidification and grain morphology formed during LPBF processing

are dependent on the G, V , and initial composition of the material. G and V are

a function of not only processing parameters but also the position within the melt

pool. Due to the high G and V during LBPF processing, the formation of planar,

eutectic, columnar dendrite, bands and equiaxed dendrite are expected. The SMS

maps predict that columnar dendritic and banded microstructure form in LPBF mi-

crostructure of IN625. However, columnar to equiaxed transition has been observed

in the experimentally micrograph of this alloy; this can be related to the drop in the

thermal gradient in the center of the melt to the lower value than the predicted value

by the Rosenthal solution. Since the heat source is moving, the amount of G and V

are changing in the melt pool, which leads to the uneven distribution of solidification

modes, grain size and PDAS in the single melt pool. The microstructure of LPBF
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processed IN625 mostly contains columnar dendrites with a PDAS ranging from 0.4

to 0.7 µm, in agreement with the analytical calculation results in terms of both the

mode of solidification and primary arm spacing.

Funding: The authors acknowledge funding from the National Sciences and En-

gineering Council of Canada, and experimental support from McMaster’s Additive
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Abstract: Elemental microsegregation and precipitate formation are inevitable dur-

ing solidification of Additive Manufacturing (AM) parts. In this study, single-track

Laser Powder Bed Fusion (LPBF) has been combined with optical and electron mi-

croscopy, as well as thermodynamic (CALPHAD) simulations, to evaluate the solid-

ified microstucture and also the formation of the precipitates in an as-built LPBF

microstructure of Inconel625 (IN625). It is shown that the microstructure consists

mainly of columnar Nickel-Chromium (γ-FCC) cell-like dendrites which grew epi-

taxially from the substrate. Utilizing Scanning Transmission Electron Microscopy

(STEM) with Energy-Dispersive X-ray Spectroscopy (EDS) and High-Angle Annular

Dark-Field Scanning Transmission Electron Microscopy (HAADF-STEM), we have

detected NbC, γ′′-Ni3Nb, and laves precipitates embedded into the interdendritic

regions. The level of microsegregation and the microsegregation patterns during

the solidification of primary arms are obtained by STEM-EDS, and calculated using

the Scheil-Gulliver (with solute trapping) and DIffusion-Controlled TRAnsformations

(DICTRA) methods. Good agreement is seen between the Scheil-Gulliver predictions

and STEM-EDS observations of microsegregation, however the level of elemental
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microsegregation was overestimated in DICTRA simulations as compared to the ex-

perimental result. The formation of precipitates was also evaluated computationally

by calculation of driving force for the nucleation of the precipitates from the last

solidified liquid where the composition and thermal information for the last solidified

liquid extracted from the Scheil solidification simulation. The precipitates predicted

via CALPHAD were compared with the precipitates identified via HAADF-STEM

analysis inside the interdendritic region.

Keyword: Inconel625, Additive manufacturing, Laser Powder Bed Fusion (LPBF),

Microsegregation, Precipitation
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4.1 Introduction

Inconel 625 (IN625), a nickel-based superalloy, is used extensively in aerospace, ma-

rine, and chemical applications due to its excellent high-temperature corrosion re-

sistance, as well as high yield, creep, fatigue, and tensile strength. Although this

alloy, with a high content of hardener elements, namely niobium and molybdenum,

was developed initially as a solid solution strengthened material, it also gains sig-

nificant strength via precipitation hardening. In IN625, the precipitates form in a

nickel-chromium matrix named γ phase [1,2,3].

The manufacture of IN625 components with complex geometries has always been

a challenge due to its low thermal conductivity, poor machinability, and high hard-

ness. However, its excellent weldability makes it a brilliant choice for high-heat-input

fabrication methods. Additive Manufacturing (AM) is a layer-by-layer metal fabri-

cation method used to produce a net-shaped 3-D part from a digital model. Laser

Powder Bed Fusion (LPBF) as an AM technique uses metal powder as a feedstock

and laser beam as an energy source to create a 3-D part. LPBF has attracted much

attention from several Inconel alloy producers over the last decade [4,5,6,7].

Metallurgical phase transformation are highly related to thermal condition and

chemical composition. In the LPBF process, metal powders experience large ther-

mal gradient and solidification rate. Thus, the laser melted microstructure of IN625

contains mostly fine columnar γ-FCC(Ni-Cr) dendrites. However, equiaxed dendrites

have also been observed in this microstructure [8,9, 10]. The formation of the various

grain morphologies is dependent on the local thermal conditions as well as the local

chemical composition [11,12,13].

Recently, Mohammadpour et al. [8] have analyzed the solidification microstructure
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and grain morphology of a single-track IN625 processed by LPBF using Solidification

Microstructure Selection (SMS) maps [13] considering the non-equilibrium solidifica-

tion process. Their analytical simulations predicted the formation of γ phase but did

not predict the presence of precipitates. On the other hand, using CALculation of

PHAse Diagrams (CALPHAD) approach- Scheil simulation [14], they found that pre-

cipitates were predicted to form at the end of solidification. Experimental evidence

of precipitation formation during laser melting of IN625 is relatively limited, but

generally speaking, higher level of elemental microsegregation and less homogeneous

solidification microstructures have been observed. A high amount of microsegrega-

tion can facilitate the formation of the secondary phases [15,16,17,18]. Thus, different

types of precipitates, including Nb-rich, Laves-(Fe,Cr)2Nb, σ, and complex carbides,

including MC, M2C, M6C, and M23C6, etc., can form within the γ phase matrix

during the solidification of IN625. In IN625 the dominant form for MC is niobium

carbide (NbC) due to having relatively high amount of Nb. This MC type carbide may

transform to M6C and M23C6 carbides with the subsequent heat exposure during AM

process. M23C6 normally contains only Cr, while M6C may contain Nb, Mo, and Ni,

depending on the degree and distribution of alloying elements [19,3,20,21,1,2,22,23].

Microstructure development of LPBF produced IN625 has been studied previ-

ously. In one study, Dinda et al. [24] evaluated microstructural evolution of IN625

during the laser aided Direct Metal Deposition (DMD) process via X-Ray Diffraction

(XRD). Although the formation of precipitates was not observed directly, they at-

tributed the change in lattice parameters to the formation of γ′-Ni3Al, γ
′′-Ni3Nb, and

δ-Ni3Nb precipitates. Later, Amato et al. [25] and Li et al. [9] detected Nb-riched
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precipitates in the interdendritic region of an as-built IN625 LPBF part via Trans-

mission Electron Microscopy (TEM) and XRD, which they attributed to γ′′-Ni3Nb.

However, as crystallographic evidence was not presented, these precipitates could

have also been δ-Ni3Nb. In another study, Li et al. [26] identified NbC and MoC

precipitates in the heat-treated IN625 LPBF part utilizing XRD analysis however

no precipitates has been observed in an as-built part. Kreitcberg et al. [27] inves-

tigated the precipitate formation in the as-built, heat-treated, and deformed LPBF

IN625 via TEM and XRD methods. They detected δ-Ni3Nb, MC, and M6C carbides

in the heat-treated and deformed parts without identifying any precipitates in the

as-built part. Meanwhile, Keller [28] studied the microsegregation of IN625 solute el-

ements within the interdendritic region using Energy Dispersive X-Ray Spectroscopy

(EDS). They identified considerable microsegregation of Mo and Nb in the interden-

dritic region. Although γ′′-Ni3Nb, δ-Ni3Nb and M6C carbides along with the Laves

precipitates were observed in the heat-treated microstructure, they did not detect

any precipitates in the as-built specimen. Later, Marchese et al. [29] observed some

precipitate-like particles high in Nb and Mo which could have been NbC or Ni3Nb

precipitates. Zhang et al. [15] and Hu et al. [30] carried out elemental segregation

analysis to investigate the mechanism for precipitate formation in IN625. While they

showed that Nb and Mo locally segregate to interdendritic regions, they did not de-

tect any precipitates in the as-built LPBF part. Lass et al. [31,32] and Gola et al. [21]

confirmed the presence of the γ′′-Ni3Nb and δ-Ni3Nb precipitates in the microstruc-

ture of the annealed LPBF IN625 using selected area electron diffraction (SAED)

analysis. Recently, Dubiel et al. [33] detected MC, M23C6, and laves precipitates

in an as-built Laser-Based Directed Energy Deposition (L-DED) microstructure of
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IN625 using high-resolution electron microscopy (HRTEM) imaging in combination

with SAED and EDS analysis. However, they did not detect any precipitates in an as-

built LPBF part. Finally, Lindwall [34] performed a kinetic simulation to investigate

the microstructure evolution in a heat-treated LPBF IN625 part. Their simulation

showed that larger degrees of Nb segregation lead to richer interdendritic region and

consequently precipitate formation.

The above studies provided rich insight into precipitation formation in heat-

treated LPBF IN625 parts. However, to date there has not been a complete mi-

crostructural study on the precipitate formation in this alloy as a result of the LPBF

process. To evaluate the impact of these precipitates on the mechanical properties of

an LPBF part or to design an appropriate post-build heat-treatment procedure, one

needs to fully identify the present precipitates in an as-built part. The purpose of

this study is to take advantage of computational thermodynamic and kinetics mod-

eling, and modern electron microscopy techniques to comprehensively investigate the

solidification microstructure as well as the detailed formation mechanisms of the pre-

cipitates during single-track LPBF processing of IN625. Thus, this study will improve

our fundamental understanding of the solidification and solid-state phase transforma-

tions in nickel-based superalloys. In addition, it will provide the necessary knowledge

basis for evaluating microstructure evolution during industrial, i.e. multi-pass laser

additive manufacturing.
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4.2 Methods

4.2.1 Single-track LPBF Experiment and Characterization

A single-track IN625 sample was made from gas atomized Inconel 625 powder, sup-

plied by Carpenter Additive Inc, utilizing an EOSINT M280 machine equipped with

a 400 W Ytterbium fiber laser. The nominal chemical composition of the alloy as re-

ported by Carpenter was C (0.02), S(0.002), Si (0.13), Mn (0.03), Co (0.18), Al (0.28),

Ti (0.35), Fe(0.72), Nb(3.8), Mo(8.3), Cr(20.8), Ni (balance) (wt%), and with a size

distribution of 15-45 µm. The powder was processed over a solid IN625 substrate

using a laser scanning speed, vlss, of 1400 mm/s, and a power, p, of 100 W. These

processing parameters were determined based on an initial study whereby 35 single

laser-track melts were created over a laser power range between 50 and 250 W, and a

scan velocity range between 200 and 2000 mm/s. The cross-section of all these single

tracks was characterized using optical microscopy, from which the processing condi-

tions for this study were identified as being optimal in terms of melt pool geometry

and defects.

For microscopy analysis, the as-built LPBF sample was cut transverse cross-

sectionally; mounted, polished to a 0.05 µm surface finish; and then chemically etched

with aqua regia 3 HCl: 1 HNO3 for 25 s. The specimen was characterized initially

using Optical Microscopy (OM) to detect the melt pool. Then, Scanning Electron

Microscopy (SEM) and Electron Backscatter Diffraction (EBSD) followed by High-

Angle Annular Dark-Field-Scanning Transmission Electron Microscopy (HAADF-

STEM), and Scanning Transmission Electron Microscopy-Energy-Dispersive X-ray
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Spectroscopy (STEM-EDS) analyses were utilized to investigate the microsegrega-

tion and precipitation inside the as-solidified melt pool.

OM and SEM microscopy were performed using a KEYENCE OM and a JEOL

JSM-7000F SEM with an Oxford Instruments Nordlys II EBSD detector. A thin

foil TEM specimen was prepared using the surface Focused Ion Beam (FIB) lift-out

method with a Thermo Scientific Helios G4 UXe DualBeam Plasma-FIB. The foil was

extracted from a grain having a matrix < 101 > crystallographic orientation within

the melt pool’s XZ plane. Before TEM experiments, it was cleaned with a Gatan

low-energy Solarus plasma cleaner for 180 s. STEM-EDS was performed within a

ThermoFisher Scientific Talos F200X TEM microscope equipped with 4 in column

SDD super-X detectors operated at 200kV. HAADF-STEM imaging was performed

in a FEI Titan cubed 80-300 TEM at 200 kV with a semi-convergence angle of 19

mrad and a semi-collection angle of 64-200 mrad.

4.2.2 CALPHAD-based thermodynamic calculations

Microsegregation of IN625 during LPBF processing was simulated via Thermo-Calc

v2021b using two different approaches: (1) the Scheil-Gulliver model with the built-in

solute tapping algorithm and (2) the DIffusion-Controlled TRAnsformations (DIC-

TRA) kinetics diffusion model [35,36]. The calculations were performed using the

NITC10, and MOBNI5 thermodynamic and mobility databases [37]. The formation

of the δ-Ni3Nb precipitate was suppressed in the Scheil-Gulliver simulation, as it was

not observed experimentally anywhere in the LPBF as-built microstructure.

The Scheil-Guilliver solidification model allows for direct estimation of the level of

microsegregation during solidification of multicomponent alloys assuming no diffusion
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in the solid phase and perfect mixing in the liquid phase. During rapid solidification,

a phenomenon known as solute trapping can occur whereby the solid/liquid interface

advances without partitioning of some alloying elements. These can then become

entrapped inside the solid phase thus changing phase evolution and precipitation

during solidification. The amount of solute trapping and consequently the Scheil-

Gulliver microsegregation predictions are dependent on the solidification speed. In

the IN625 system, Nb commonly experiences solute trapping within the γ phase.

Within the Thermo-Calc software, the degree of solute trapping is dependent on the

solidification rate, vsr. During LPBF, vsr can be estimated as the product of vlss and

the angle between the direction of laser beam motion and a vector normal to the

solidification front, i.e. vsr = vlsscos(α). In this experiment, α ≈ 80o, thus vsr ≈0.25

m/s.

The DICTRA kinetics diffusion model directly calculates elemental microsegre-

gation by applying a 1-D non-isothermal multi-component diffusion model. Figure

4.1 shows both (a) an idealized view of two adjacent primary dendrite arms during

LPBF processing and (b) the corresponding 1-D simulation domain of solidification.

Initially, the domain is fully liquid at t = 0. At t>0 the solid-liquid interface has

advanced from the core of the primary dendrite to the interdendritic region and thus

the domain contains both liquid IN625 and solid γ dendrites. Elemental segregation is

greatest in the last liquid to solidify, usually the liquid surrounding the secondary den-

drite arms. However, since no secondary arms were observed within the LPBF-built

IN625 microstructure, microsegregation from the primary dendrite core to the inter-

dendritic liquid was investigated. Thus the domain size was assumed to be 200 nm,

i.e. the one-half width of the Primary Dendrite Arm Spacing (PDAS) as measured
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from the SEM micrographs. This value matches closely the analytically-calculated

value of 175 nm [8], following the Kurz and Fisher model for rapid solidification.

The input cooling rate, 7× 104 K/s, was estimated from in-situ measurements of the

surface temperature evolution during single-track laser melting. The measurements

were made using the same thermal measurement setup as described in Rezaeifar’s

study [38] , i.e using an infrared thermal camera (Optris PI 08 M), but with emissiv-

ity excluded from the camera settings. Finally, to reduce the computational cost, only

the alloying elements having an amount greater than 1 wt.%, as well as Fe and C were

considered. This reduced alloy composition was C (0.02), Fe(0.72), Nb(3.8), Mo(8.3),

Cr(20.8), Ni (balance) (wt.%). To further reduce computational cost, precipitate

formation was excluded.

Figure 4.1: Schematic of a) two adjacent primary dendrite arms, and b) the
corresponding 1-D simulation domain of the interdendritic region at t = 0 and t>0

for the left-most primary dendrite arm.
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4.3 Experimental Results

4.3.1 Microstructure Characterization

Figure 4.2a shows an optical micrograph of the single-track as-built LPBF sample;

the hump represents the transverse cross-section of deposited single-track protruding

above the substrate. Figure 4.2b depicts an Inverse Pole Figure (IPF) Z images of

same cross-section as Figure 4.2a; the melt pool boundary is shown with the white

dashed line. As can be seen, the columnar grains appear to have the same orientation

as the substrate, providing evidence of epitaxial growth towards the center of the

deposit. The epitaxial growth is a result of partial melting of the substrate while the

elongated morphology is a result of the high thermal gradient and localized directional

heat extraction at the edge of the melt pool. The IPF Z image also demonstrates

that columnar grain growth from the melt pool boundary to the center of the melt

pool is the dominant growth mechanism. During the melt pool’s solidification a

Columnar to Equiaxed Transition (CET) may occur and as a result equiaxed grains

nucleate ahead of the columnar front due to a drop in the thermal gradient. The

specific thermal gradient and solidification rate enabling CET strongly depends on

alloy composition [11,12,13]. Figure 4.2b does not show equiaxed grains, meaning that

the thermal and compositional conditions within the melt pool were not favorable for

the CET transition to occur.

Figures 4.3 shows the HAADF-STEM micrograph of a LPBF built IN625 grain

having a matrix < 101 > crystallographic orientation relative to the melt pool’s XZ

plane. The location of the grain within the melt pool is shown by the black dashed

rectangle in Figure 4.2b. The gray area indicates the primary arms, whereas the white

79



Ph.D. Thesis - P. Mohammadpour McMaster - Material Science and Engineering

Figure 4.2: (a) OM transverse cross-sectional view, and (b) EBSD-IPF Z image of
the single-track IN625 in the as-built condition. With white dashed line

representing the melt pool boundary.

area shows the interdendritic region. As shown, the microstructure consists of mostly

cell-like primary dendrite arms. Such microstructure is known as cellular/dendritic

since the specific solidification and thermal conditions during LPBF create dendritic

morphology but without secondary arms. Thus the microstructure appears cellular.
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From the line intercept method, the PDAS was estimated to be 0.4 µm.

Figure 4.3: HAADF-STEM image of a single-track LPBF-built IN625. The grain is
oriented transverse to the build direction, with a zone axis closely parallel to [101]γ.

Figure 4.4a shows another HAADF-STEM micrograph of the primary dendritic

structure, this time containing precipitate-like features mainly within the interden-

dritic region. Examples of these features are shown by black arrows. The microstruc-

ture is further magnified in Figure 4.4b, and examined via STEM-EDS in Figures

4.4c and 4.4d. As can be seen, the EDS maps clearly identify both the interdendritic

region and precipitate-like nanoparticles as being rich in Nb.

To further quantify the composition variation traversing the interdendritic re-

gion and precipitate-like nanoparticles, Figures 4.5a and 4.5b show STEM-EDS scans

across lines 1 and 2 shown in Figure 4.4b. As can be seen, a homogeneous distri-

bution of Cr (≈ 21 wt.%) is observed in both interdendritic and Nb-rich regions.

However, the amount of Nb increases significantly in the interdendritic region and

the precipitate-like nanoparticle as compared to the bulk value of 3.8 wt.%, reaching

≈11 wt.% and ≈ 22 wt.%, respectively.

Although it would appear from Figures 4.4b and 4.5b that line 2, with such a high
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amount of Nb, contains a Nb-rich precipitate, which precipitate is it? Figure 4.6 shows

a Ni-Nb isopleth section of the Ni-Nb-Cr-Fe-Mo-C-Si-Mn-Co-Al-Ti-S phase diagram.

In this calculation, the initial composition of powder was utilized. As can be seen,

NbC, δ-Ni3Nb, and Laves can form via L → γ+NbC; L → γ+ δ; and L → γ+Laves

eutectic reactions respectively. The first occurs with [Nb]>3 wt.%, while the second

and third occur with [Nb]>10 wt.% and [Nb]>22 wt.%. However, other precipitates

can also form including the metastable γ′′-Ni3Nb and thus a definitive identification

can only be made via crystallographic investigation.

Figures 4.7a, 4.7b, and 4.7c present three HAADF-STEM micrographs showing

three potential precipitates sites and 4.7d, 4.7e, and 4.7f depict their corresponding

Fast Fourier Transform (FFT) diagrams. In d the green and blue circles represent

the matrix γ phase and the γ′′-Ni3Nb precipitate; in e the red circles represent the

NbC precipitates; in f the light blue and yellow circles both represent the Laves

phase [39]. Thus, the FFT diagrams identify the presence of γ′′-Ni3Nb, NbC, and

Laves precipitates within the interdendritic region of the LPBF-built IN625 alloy. No

other precipitates were detected in our HAADF-STEM analysis.

4.4 Thermodynamic simulation results

Figure 4.8a and 4.8b respectively present the Scheil-Gulliver phase evolution with

temperature in IN625 during solidification as well as the segregation of all alloying

elements in the γ phase during the solidification sequence. As can be seen, this

simulation predicts the formation of NbC, σ, and γ′′-Ni3Nb precipitates within the γ

phase. The simulation also predicts that while all solute elements become segregated,

the majority of the segregation occurs within the last 10% solidified γ. The highest
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Figure 4.4: (a) HAADF-STEM image from the grain with a matrix < 101 >
crystallographic orientation. The black arrows identify the potential precipitate
sites within the interdendritic region. (b) Magnified HAADF-STEM view of the
interdendritic region. Composition line scans 1 and 2 are provided in Figure 4.5.

(c,d) Corresponding STEM-EDS map of Ni and Nb for Figure 4.4(b).

degree of segregation occurs for C (700%), Mn (281%), Si (250%), Nb (242%), Ti

(122%), and Mo (68%). Concurrently, Cr (-5%), Co (-36%), Fe (-47%), and Al (-

53%) inversely segregate out of the γ phase. the γ phase is depleted of C at the end

of the solidification due to the formation of NbC precipitate.

Figure 4.9 shows the microsegregation profile within γ as a function of distance

from the dendrite core calculated with DICTRA for Cr, Mo, Nb, Fe, C elements.
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Figure 4.5: (a) STEM-EDS line scan traversing the a) interdendritic region (line1).
(b) precipitate-like region (line2) in Figure 4.4b.

As can be seen, microsegregation patterns are qualitatively similar findings to the

Scheil-Gulliver simulation, Figure 4.8b but considerably more microsegregation is

predicted to have occurred. This is likely because the DICTRA simulation is limited

to segregation within the γ phase; no other phases are allowed to form.
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Figure 4.6: Ni-Nb isopleth section of the Ni-Nb-Cr-Fe-Mo-C-Si-Mn-Co-Al-Ti-S
phase diagram for the

20.8Cr-0.72Fe-8.3Mo-0.02C-0.13Si-0.03Mn-0.18Co-0.28Al-0.35Ti (wt.%) alloy. All
potential phases other than L, γ, γ′′, NbC, σ, M2C, M6C, and M23C6 were

suppressed.

4.5 Discussion

Heat treatment is an important step after building an additively manufactured part.

This post-processing stage improves the part’s properties by releasing internal stresses

and removing microstructure heterogeneity. Heat treatment may also lead to the for-

mation of new precipitates or help grow the as-built precipitates thus modifying me-

chanical properties. Understanding which precipitates exist in the microstructure of

as-LPBF-built components as well as the development of elemental microsegregation

will enable an improved post-build heat treatment process to be created.

The solidification microstructure of as-LPBF-built IN625 mainly contains colum-

nar γ primary dendrites with the average width of 0.4 µm. Some precipitates have
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Figure 4.7: (a-c) High-resolution HAADF-STEM images of potential precipitates
from Figure 4.4. (d-f) Corresponding FFT diagrams for each potential precipitate

site.

also been detected in the interdendritic region. Generally, the PDAS value is depen-

dent on the laser power, scan speed, and laser beam size. Low laser power, small

beam size, and high scan velocity lead to the formation of a small melt pool and, con-

sequently, smaller PDAS during the LPBF process compared to conventional welding.

The PDAS for both single-track and multi-layer LPBF has been estimated in some

studies and reported in the range of 0.2 µm to 1 µm [40,41,26,29]. Gan et al. [42]

showed that the nonuniform distribution of G and V within the melt pool during

single-track laser melting led to the primary dendrite arm spacing varying from 0.23

µm to 0.79 µm. In another study, Keller et al. [28] used the same processing param-

eters as Gan and estimated the PDAS as 1 µm in a multi-layer LPBF part. Overall,
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Figure 4.8: Scheil-Gulliver simulation of the phase transformation from
L → γ +NbC + σ + γ′′ using the full alloy composition. (a) Fraction solid evolution

as a function of temperature. (b) Elemental microsegregation as a function of
fraction γ during solidification.

Figure 4.9: Dictra simulation of elemental microsegregation in γ as a function of
distance from the dendrite core during solidification for the reduced alloy

composition.
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Figure 4.10: Comparison of the Scheil-Gulliver (with solute trapping), DICTRA,
and STEM-EDS microsegregation profiles for a)Ni b)Nb, c)Cr, and d)Mo within the

γ phase as a function of distance from the dendrite core.

our measurements fall within the range identified by Gan. Although our measurement

is below the value measured by Keller, that was for a multi-layer LPBF part where

the multiple passes would result in dendrite coarsening.
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As shown through Figures 4.4, 4.5, and 4.7, Nb-rich precipitate-like regions were

detected by HAADF-STEM and STEM-EDS in the as-built IN625 microstructure.

To identify which precipitates were present, HAADF-STEM analysis was carried out

on a couple of the potential precipitate sites. The resulting FFT diagrams, identified

these regions as γ′′, Laves, and NbC. The formation of precipitates during rapid

solidification was also been investigated via Scheil-Gulliver simulation, considering

solute trapping. As was shown in Fig.4.8, precipitation of only the γ′′ and NbC phases,

and not the Laves phase, was predicted to occur at the end of the solidification.

To further investigate the sequence of precipitate formation, the driving force

for phase nucleation, δGnuc, for all precipitates at the end of IN625 solidification is

given in Table 4.1. The temperature, T , and composition, C, of the last 1 wt.%

liquid was estimated using the Scheil-Gulliver simulation as T=1383 K and C= C

(0.14), Fe(0.37), Nb(18.5), Mo(13.2), Cr(16.6), Ti(0.9), Al(0.058), Si(0.87), Mn(0.13),

Co(0.094), Ni (balance) (wt.%). Only precipitates having negative δGnuc are premis-

sible, and are thus listed in the table.

Based on the driving force values, the formation of a given precipitate becomes

more thermodynamically favourable towards the end of solidification due to microseg-

regation of Mo, Nb, and C in the interdendritic region. From a thermodynamic point

of view, ignoring the kinetic and interfacial energy contributions, it is expected for

NbC to nucleate first followed by the formation of M2C, δ, M6C, µ, and γ′′. Inter-

estingly, although Scheil-Gulliver with solute trapping predicted the formation of the

σ phase, it does not have a negative free energy and thus is not thermodynamically

favorable in the last 1 wt.% solidified liquid. Since δ and γ′′ have a similar chemical

formula but different crystal structures, there will also be a competition in which
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of these precipitates form earlier in the interdendritic region. Although the last so-

lidified liquid is more favourable for the formation of δ than γ′′ thermodynamically,

only γ′′ was observed in the LPBF microstructure. M2C, µ, and M6C were also not

seen in the as-LPBF-built IN625 microstructure in spite of them also having negative

δGnuc values. Of course, even a thermodynamically stable precipitate may not be

able to nucleate at specific thermal and compositional conditions due to the kinetic

considerations [43].

Table 4.1: Driving forces for the formation of permissible precipitates from the last
1wt% solidified IN625 liquid (T=1383 K and C= C (0.14), Fe(0.37), Nb(18.5),

Mo(13.2), Cr(16.6), Ti(0.9), Al(0.058), Si(0.87), Mn(0.13), Co(0.094), Ni (balance)
(wt.%) as calculated by the Thermo-Calc CALPHAD software.

Last 1 wt.% solidified liquid (1383 K)

Precipitate ∆Gnuc (j mole−1)

NbC -10896
M2C -5447
δ -544
M6C -521
µ -498
γ” -29

Figure 4.10 compares the amount of microsegregation of all alloying elements in

the γ phase during the rapid solidification as calculated via Scheil-Gulliver with so-

lute trapping, DICTRA, and experimentally-measured via STEM-EDS to carry out

a deep study of microsegregation during rapid solidification. For this comparison, the

x-axis of the Scheil-Gulliver simulation shown in Figure 4.8b was scaled to the half-

length of the measured primary dendrite arm spacing. As can be seen in the figure,
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all three methods confirm the occurrence of microsegregation in γ towards the inter-

dendritic region. A very good agreement is observed between the Scheil-Gulliver sim-

ulation with solute trapping and the STEM-EDS microsegregation measurements, for

throughout the dendrite core, for all elements microsegregation. DICTRA, however,

greatly overestimates the microsegregation within the interdendritic region towards

the end of solidification.

The simulation results shown in Figure 4.10 are a result of the inherent assump-

tions made for both Scheil-Gulliver and the DICTRA simulations. The first reason

for having an overestimation of microsegregation by DICTRA is that this model as-

sumes an equilibrium solid/liquid interface during the whole solidification process.

When the solidification rate is low, the solid/liquid interfacial compositions remain

near equilibrium condition. However for rapid solidification processes like LPBF, the

solid/liquid interface is far from the equilibrium. The solute trapping effect during

non-equilibrium solidification will greatly affect the partition coefficient and composi-

tional undercooling thus changing the microsegregational pattern and the formation

of supersaturated solid solution and the secondary meta-stable phases [44]. The sec-

ond reason for having overestimation of microsegregation by DICTRA is that the

formation of secondary solid precipitates and the curvature effect during dendritic

solidification have been ignored for the sake of simplicity [45]. However, in the Scheil-

Gulliver simulation, the effect of the solute trapping and also the formation of the

secondary solid phases are inherently considered. Thus, with inclusion of the so-

lute trapping phenomenon, this model is able to greatly reproduce microsegregation

during LPBF processing.

The repeated thermal cycles during the multi-layer LPBF process can lead to
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partial remelting, reheating, and resolidification in the solidified layers, which may

change local composition, microsegregation patterns, and phase transformation con-

ditions. Previous microstructural studies [28,15] of as-built multi-layer IN625 showed

that the remelted material solidifies following a similar pattern as the initial solidified

liquid. Although solid-state diffusion would occur in the reheated area to affect the

microsegregation pattern, we feel that the impact is not terribly significant due to

the short holding time at high temperatures. As shown in Figure 4.11, the single-

track microsegregation levels for Nb and Mo measured in this study are higher than

multi-layer LPBF microsegregation levels measured by Zhang et al. [15] for similar

processing conditions. Thus, it seems clear that homogenization of Mo and Nb occurs

as a result of multi-layer LPBF processing, with greater extent of homogenization for

Nb than Mo.

Figure 4.11: Comparison of the Mo and Nb microsegregation in the IN625 γ phase
as measured in our single track LPBF experiments and by [15] using EDS in a

multi-layer/multi-track build.
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The results from this study help to better understand the microstructural evo-

lution during rapid solidification of IN625. These findings can be used as a base

guideline to study the phase transformations in multi-layer LPBF parts and to de-

sign an appropriate post heat treatment process to achieve the desired properties.

4.6 Conclusions

In this study the as-LPBF-built microstructure of IN625 has been investigated utiliz-

ing optical and electron microscopy, along with computational thermodynamics, to

better understand solidification microstructure, microsegregation patterns, and the

formation of the precipitates. The findings of this study can be summarized as follows:

• The formation of the precipitates was investigated by HAADF-STEM analysis

and by calculation of nucleation driving force for the formation of the poten-

tial precipitates from the last solidified liquid. Highly concentrated Nb areas

were identified via HAADF-STEM analysis as γ′′, Laves, and NbC precipitates.

Scheil-Gulliver solidification simulation, with solute trapping, also confirmed

the formation of γ′′ and NbC but not Laves at the end of rapid solidification.

• Although the driving force analysis indicated that all of NbC, M2C, µ, δ, M6C,

and γ′′ precipitates possibly nucleate from the last solidified liquid, the M2C,

µ, δ and M6C precipitates were not observed in the as-LPBF-built microstruc-

ture. This is because they may not be able to nucleate at specific thermal and

compositional conditions due to having non-equilibrium solid/liquid interface

and the occurrence of solute trapping.

• STEM-EDS, Scheil-Gulliver, and DICTRA simulation analyses confirmed the
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occurrence of significant microsegregation with the highest level of segregation

towards the interdendritic region.

• The Scheil-Gulliver with solute trapping simulation provided a good match

to the experimentally-obtained microsegregation patterns, while the DICTRA

simulation significantly overestimated the extent of microsegregation.
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Abstract: Spatial Microstructure heterogeneity is ubiquitous in as-built Laser Pow-

der Bed Fusion (LPBF) parts due to the unique thermal and solidification conditions

during Additive Manufacturing (AM) process. This multi-scale microstructure het-

erogeneity leads to variability in the mechanical properties of LPBF parts. This study

aims to complete the process-structure-properties relationship loop in an as-built

multi-layer LPBF IN625. Towards this end, numerical thermal simulation, scanning

electron microscopy (SEM), Scanning Transmission Electron Microscopy (STEM)

with Energy-Dispersive X-ray Spectroscopy (EDS), High-Angle Annular Dark-Field

Scanning Transmission Electron Microscopy (HAADF-STEM), Electron Backscatter

Diffraction (EBSD), nanohardness test, Scheil solidification model, and DIffusion-

Controlled TRAnsformations (DICTRA) methods were utilized to investigate the

spatial heterogeneity in terms of grain size and morphology, Primary Dendrite Arm

Spacing (PDAS), microsegregation pattern, precipitation, and hardness along the

build direction. It was found that the as-built microstructure contains mostly colum-

nar (Nickel–Chromium) dendrites growing epitaxially along the build direction. The

hardness was found to be minimal in the middle and maximal in the bottom layers of
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the build’s height. Smaller melt pools, grains, and PDAS and higher thermal gradi-

ents and cooling rates were observed in the bottom layers compared to the top layers.

Microsegregation patterns in multiple layers were also simulated using Dictra, and the

results were compared with the STEM-EDS results. Different precipitates, including

γ′, γ′′, δ, laves, NbC, Ni2Al, and Al4C3, were observed along the build direction from

the bottom to the top layers of the LPBF part. The mechanism for the formation of

these precipitates and the dependency of the mechanical properties on the type and

distribution of these precipitates were discussed.

Keyword: Inconel625, Additive manufacturing, Laser Powder Bed Fusion (LPBF),

Microsegregation, Precipitation, Microstructure heterogeneity
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5.1 Introduction

Inconel 625 (IN625) is a solid solution- and precipitation-hardenable nickel-based su-

peralloy, strengthened by the solid-solution hardening effect of chromium, niobium,

and molybdenum and through the formation of precipitates within nickel-chromium

(γ) matrix. The precipitation hardening in this alloy is mainly due to the forma-

tion of γ′′ (Ni3Nb) metastable phase. Moreover, some precipitates such as laves

(Ni2(Cr,Mo)), MC carbides, and (on rare occasions) δ-Ni3Nb have been observed in

the microstructure of this alloy [1,2,3,4,5,6,7]. These microstructural features, in addi-

tion to this alloy’s excellent high-temperature corrosion and oxidation properties, and

weldability, make this alloy a common choice for aerospace, automotive, and marine

applications, as well as a potential choice for Additive Manufacturing (AM) [8,9].

Laser Powder Bed Fusion (LPBF), an AM method, is a layered fabrication method

to produce cost-efficient near-net shape 3-D parts with complex geometries through

laser melting of metal powders [10,11]. The IN625 microstructure formed during laser

melting is different from that of a wrought material as a result of the nonequilibrium

solidification conditions and the unique microsegregation patterns of the alloying

elements within the as-solidified microstructure [12,13,14].

The strengthening of the IN625 alloy depends on the local composition and the

morphology of available precipitates. A small change in the quantity of alloying

elements may lead to a significant variation in the precipitation behavior and, conse-

quently, the mechanical properties. Microstructural evolution under rapid solidifica-

tion conditions and in the post-build heat-treatment has been investigated in some

previous studies on LPBF IN625 [15,16,17,18,19,12,20,21,22]. Broadly, the results

from these studies confirmed the formation of NbC, MoC, M6C carbide, γ′′ (Ni3Nb),
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δ-Ni3Nb and laves precipitates after heat treatment of the LPBF part, but did not

examine the as-solidified structure. Recently, Mohammadpour et al. [23] carried out

a comprehensive study examining the microstructural evolution and precipitate for-

mation in an as-built single-track LPBF IN625 using electron microscopy and the

CALculation of PHAse Diagrams (CALPHAD) numerical approach. They detected

NbC, γ′′ (Ni3Nb) and laves precipitates in the as-built IN625. Importantly for opti-

mizing heat treatment, they also confirmed, both experimentally and via CALPHAD,

that significant microsegregation towards the interdendritic region was occurring.

Although [23] provided an initial view of the as-LPBF-solidified IN625 microstruc-

ture, commercial application of LPBF contains layer-by-layer melting and rapid so-

lidification of the metal powders during the multi-layer building. These repeated

thermal cycles can lead to partial remelting, reheating, and resolidification of the so-

lidified layers, which may change the local composition, microsegregation pattern, and

thus the phase transformation conditions, and mechanical properties [24,11,25,26, 27].

The heterogeneity of mechanical properties and the correlation between microstruc-

ture and mechanical properties in a multi-layer as-built AM IN625 has only been

discussed in a few of the previous studies. Fujia et al. [28] noted that the size and

morphology of dendrites vary along the build direction in a Pulsed Plasma Arc Depo-

sition (PPAD) part. Specifically, in comparison with the bottom part that contained

dendrite arms, a coarser dendrite structure with classical secondary dendrite arms

was observed in the upper part of the build. They have also observed the presence

of fine laves precipitates in the bottom layers but a large number of γ′′ precipitates

in the upper layers. A higher hardness and tensile strength were seen in the bottom

layers of the PPAD part, which was correlated to the smaller size of dendrites and
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finer distribution of precipitates. In another study, Gola et al. [22] detected finer

dendrites in regions of overlapping melt pools as compared to regions where this did

not occur. This was attributed to the reheating effect during the multi-layer LPBF

process. Wang et al. [26] used Neutron diffraction along with thermomechanical fi-

nite element modeling to demonstrate that the thermal history, residual stress, and

elemental composition are location-dependent within IN625 walls fabricated by laser-

based directed energy deposition (DED) AM. For example, the upper layers of the

DED part experienced higher temperature causing the depletion of Cr via vaporiza-

tion. They also showed that the repeated thermal cycling leads to a residual stress

pileup.

The previous studies described above provided a comprehensive microstructural

investigation of as-build IN625 PPAD and DED AM processes, i.e. conditions having

a much larger melt pool and much lower cooling rates as compared to LPBF. To better

understand the industrial potential of LPBF-produced IN625, it is necessary to better

understand the correlation between the spatial variations in mechanical properties and

the underlying microstructural heterogeneity of a multi-layer as-solidified LPBF part.

In this study, modern electron microscopy techniques, nano-hardness testing, Scheil,

DIffusion-Controlled TRAnsformations (DICTRA), and numerical thermal simula-

tions were implemented to comprehensively characterize IN625 in the as-solidified

condition produced via multi-layer LPBF.
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5.2 Methods

5.2.1 Thin-wall LPBF Experiment and Characterization

A 20×1×6 mm3 multi-layer LPBF part was built from IN625 powder using a Ren-

ishaw AM400 machine. The composition of the powder, given in Table 5.1, was

measured via Inductively Coupled Plasma (ICP) atomic emission spectroscopy . The

part was fabricated using a laser scanning speed (vlss) of 800 mm/s, a power (p) of

195 W, a hatch spacing (H ) of 100 µm, and a layer thickness (t) of 30 µm. The build

geometry, build direction, and laser scanning direction are shown in Figure 5.1(a).

Owing to the 6 mm wall height and the layer thickness of 30 µm, 200 layers were

built. In the multi-layer LPBF process, it is essential to build the consecutive layers

slightly differently to achieve a strong bond between the layers. Known as scan strat-

egy rotation (SSR), it involves slightly rotating the path of the laser beam. In this

study a commonly-used SSR value of 67◦ counterclockwise has been utilized.

Table 5.1: Chemical composition of IN625 measured by inductively coupled plasma
atomic emission spectroscopy (ICP).

Element C Mn Si Cr Co Mo Nb Ti Al Fe Cu Ni
Composition (wt%) 0.02 <0.01 0.07 22.0 0.05 9.3 3.74 0.19 0.12 2.8 0.01 61.7
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Figure 5.1: a) Schematic of the build geometry; b) Transverse cross-section of the
multi-layer build. In (a), the planes Horizontal (perpendicular to the build

direction, parallel to the laser scan direction), Longitudinal (parallel to the build
direction, parallel to the laser scan direction), and Transverse (parallel to the build
direction, perpendicular to the laser scan direction) are shown as indicated. In (b)
the black diamonds indicate the approximate positions of the micrographs given in

Figures 5.4 and 5.5.

Transverse, longitudinal, and horizontal cross-sections were then machined from

the as-solidified part, and characterized in terms of grain morphology and melt-pool

morphology. To further investigate the microstructure and mechanical heterogeneity

along the build direction, the transverse cross-section was characterized in the bot-

tom, middle, and top layers of the build (see Figure 5.1(b)) in terms of dendrite size,

grain size and morphology, melt-pool size, microsegregation pattern, precipitation,

and nanohardness using Optical Microscopy (OM), Scanning Electron Microscopy
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(SEM), Electron Backscatter Diffraction (EBSD), High-Angle Annular Dark-Field-

Scanning Transmission Electron Microscopy (HAADF-STEM), and Scanning Trans-

mission Electron Microscopy-Energy-Dispersive X-ray Spectroscopy (STEM-EDS)

analyses. The microscopy samples were mounted, polished to a 0.05 µm surface

finish and then the polished samples were etched chemically in aqua regia (3 HCl: 1

HNO3) for 25 s. Nikon-ECLIPSE LV100ND and JEOL JSM-7000F SEM were used

for OM and SEM microscopy. EBSD maps were acquired in a Thermo Scientific

Helios G4 UXe Dual Beam Plasma-FIB using an Oxford Instruments Symmetry S2

camera at 20 kV and a step size of 0.5 µm. Three thin foils were then lifted out from

the bottom, middle and top sections of the transverse cross-section from grains close

to < 101 > crystal orientation using the same PFIB. STEM specimens were cleaned

with a Gatan low-energy Solarus plasma cleaner for 180 s just before the experiments.

STEM-EDS was carried out using a ThermoFisher Scientific Talos F200X TEM mi-

croscope equipped with four in-column SDD super-X detectors operated at 200 kV.

For HAADF-STEM imaging, a FEI Titan 80–300 cubed TEM was used at 200 kV

with a semi-convergence angle of 19 mrad and a semi-collection angle of 64–200 mrad.

Finally,the nano-hardness within the transverse cross-section along the build direction

was measured using an Anton Paar NHT3 nanoindenter machine with the maximum

load of 50 mN. The hardness was measured at 27 different locations with 200 µm

intervals along the build’s height from the bottom to the top layers. It should be

noted that the hardness at each point is the average of 4 measurements.
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5.2.2 Thermodynamic and Thermal Simulations

Thermo-Calc v2021b, with the commercial NITC10 and MOBNI5 thermodynamic

and mobility databases, was used to simulate the microsegregation of alloying ele-

ments in IN625 during the multi-layer LPBF process [29,30,31].

The initial solidification was simulated using Scheil-Gulliver to acquire the com-

plete microsegregation pattern of all alloying elements including the precipitation

of various secondary phases. The input composition matched the experimentally-

determined composition of the powder (Table 5.1). Solute trapping is needed since,

during rapid solidification, this phenomenon can occur within the γ phase of IN625

thus affecting the microsegregation patterns. The effect of solute trapping on the

microsegregation profile was considered by including the solidification rate in the cal-

culation via Thermo-Calc’s new solute trapping algorithm. The solidification rate

was estimated as ≈0.14 m/s, i.e. the product of the laser scan speed (0.8 m/s) and

the scanning angle (80o).

Note that in the Scheil simulations, the formation of δ, µ, ρ, σ, and β phases were

suppressed. This assumption was shown to be valid in our previous study [23].

Finally, the re-heating phase of LPBF was simulated using the 1-D non-isothermal

DICTRA kinetics diffusion model to calculate the final elemental microsegregation

occurring within the bottom, middle, and top layers during LPBF processing. For

the sake of simulation time, only Nb, Mo, Cr, C, and Ni elements were included in

the DICTRA simulation.

DICTRA requires three inputs: the initial composition profile, the temperature

evolution with time (assumed to be the same throughout in the domain), and the size

of the domain. These inputs are described below:
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• The initial composition profile was taken from the output of the Scheil solidifi-

cation simulation.

• The temperature evolution with time was taken from a thermal simulation of

the thin wall LPBF build process, described below.

• The size of the domain was assumed to be the distance from the core of γ to the

interdendritic region, i.e. the one-half width of the Primary Dendrite Arm Spac-

ing (PDAS). These distances, measure from the SEM images in Figures 5.4(c)

were found to be 193 nm, 557 nm, and 762 nm, respectively, for the bottom,

middle, and top layers.

In order to determine the temperature evolution for the DICTRA simulations

at the bottom, middle, and top layers, a finite-element thermal simulation of the

LPBF multi-layer build process was performed using the ABAQUS software. In this

simulation, a Gaussian-distributed moving heat source was adopted, and temperature-

dependent materials properties were considered. For the sake of the simulation time,

only the deposition of 20 layers was simulated, and the temperature distribution in

the substrate and the deposited layers is calculated. The dimensions of the substrate

and deposited layer are set as 6 mm × 2mm × 0.6mm and 6 mm × 2mm × 0.03mm,

respectively. As a high temperature gradient and cooling rate is expected during the

AM process, a finer mesh is adopted where 57600(240× 80× 3) elements are defined

in each layer. During the LPBF process, the governing equation of the heat transfer

process is formulated as [32]

ρcp
∂T (X, Y, Z, t)

∂t
= −∇ · q⃗(X, Y, Z, t) +Q(X, Y, Z, t) (5.1)
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where ρ is the density, cp represents the specific heat capacity under constant

pressure and T is the local temperature. Additionally, q⃗ = −k(T )∇T is the heat flux

resulting from the temperature gradient, which represents the heat conduction, and

k(T ) is the temperature-dependent heat conductivity of the material. Q represents

the other heat sources, which includes heat input from lasers and the release of latent

heat in this model, while convection and radiation are not considered.

In the present FEA model, the heat input from the laser beam is simulated by a

Gaussian distributed moving heat source, written as [33]

q(x, y) =
2λP

πr20
exp{−2[(x− x0)

2 + (y − y0)
2]

r20
} (5.2)

where λ is the absorptivity of the material, P is the laser power, r0 is the laser

radius and (x0, y0) is the position of the laser center varying with the time. To

simulate the multi-layers printing process, an element death and birth method are

applied, i.e. the deposited 20 layers are deactivated before the deposition process,

and it will be activated one by one once the laser is going to scan through the layer.

Please note the following additional model assumptions. First, the SSR was as-

sumed to be 0◦. Second, a recoating time of 17 s was assumed to homogenize the

heat between laser passes. The Finite Element Analysis (FEA) process parameters

and material properties of this simulation are listed in table 5.2.
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Table 5.2: Material properties for IN625 and the processing parameters [34,29]

Density (Kg/m3) 8440
Specific heat (J/Kg K) T<Ts, 0.2437T + 338.98

T>Tl, 735
Conductivity (W/mK) T<Ts, 0.015T + 5.331

T>Tl, 30.5
Latent heat (KJ/Kg) 227
Solidus temperature (K) 1623
Liquidus temperature (K) 1348
Laser radius (mm.radius) 0.1
Waiting time between 17
consecutive layers (s)
Layer thickness (µm) 30

5.3 Experimental Results

5.3.1 Microstructure Characterization and Nano-hardness

Figure 5.2 shows the 3-D OM and EBSD-Inverse Pole Figure (IPF) Z view of the

middle layer of the build, i.e. the horizontal, longitudinal, and transverse images

combined on one plot. As can be seen in (a), a fish-scale like melt-pool morphology

is observed in the longitudinal and transverse cross-sections, while the melt track of

the deposited laser is seen in the horizontal direction. The EBSD-IPF Z views, (b)

shows clearly that columnar grain growth is dominant along the build direction, i.e.

the longitudinal and transverse cross-sections. However, the ”cut” columnar grains

appear equiaxed in the horizontal plane.

Figure 5.3 shows the measured nano-hardness in the transverse cross-section along

the build direction from the bottom to the top layer of the build. As can be seen,

the maximum nano-hardness occurs at the bottom layer, 414 HV. Then, a decrease

in hardness was observed until reaching a plateau in the central layers of the build

114



Ph.D. Thesis - P. Mohammadpour McMaster - Material Science and Engineering

Figure 5.2: 3-D combined a)OM and b)EBSD-IPF Z views of the middle layer
within the multi-layer LPBF IN625.

with an average hardness value of 350 HV. At the top of the build, the hardness is

seen to increase again achieving a hardness of 410 HV in the top-most layer.

Figure 5.3: Nano-hardness in transverse cross-section along the build direction from
the bottom to the top of the build.
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Figure 5.4 shows the (a) EBSD-IPF Z, (b) OM, and (c) SEM images from the

bottom, middle, and top layers inside the transverse cross-section of the build. As can

be seen in (a), the microstructure mainly contains columnar grains growing epitaxially

from the substrate (or previous layer) along the build direction. This is in contrast

with wrought material where equiaxed grains would have formed [35]. Epitaxial

growth results from partial remelting of the top layer during the deposition of the

subsequent layers. A few tiny equiaxed grains are observed in the bottom layer,

as well as at the edge of the build (in all three locations). Generally, a columnar

to equiaxed transition (CET) occurs at a specific range of solidification rate and

thermal gradient during solidification [14]. The edges of the build experience a lower

solidification rate due to a lower heat transfer between the edges of the build and the

surrounding unmelted powder as compared to the deposited layers. This is in favor

of the occurrence of a CET. In addition, the grains in the inner region of the build

are seen to be larger and show a lower level of misorientation as compared to the ones

on the sides. This is because the heat transfer in the center of the thin-wall is largely

uni-directional while the heat transfer towards the edges becomes multi-dimensional

with cooling from the unmelted powder. From the line intercept method, the width of

the elongated grains was estimated as 20.5 µm, 42.4 µm, and 54.8 µm in the bottom,

middle, and top layers, respectively.

The morphology of the melt pools, Figure 5.4(b), looks similar in all three OM

images, from the bottom to the top layers. The size of the melt pools in the bottom,

middle, and top layers is seen to vary from 222 µm, 240 µm, to 298 µm, respectively.

The size of the grains and melt pools increases from the bottom to the top of the

build as a result of the heat accumulation and lower solidification rate in the top
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compared to the bottom.

Finally, the γ dendritic structure is shown in Figure 5.4(c). As can be seen, cell-

like dendrites exist in the bottom and middle layers, while the dendrites in the top

layer appear to be more dendritic with long dendrites containing small secondary

arms interspersed with cells. This is in contrast to our previous single-track LPBF

study [23], and shows the importance of carrying out not only detailed research on

single-track-produced material, but also multi-track builds. The PDAS in the bottom,

middle, and top were estimated using the line intercept method as 0.39 µm, 1.12 µm,

and 1.52 µm, respectively.

Figure 5.4: a) EBSD-IPF Z (grains), b) OM (melt pools), and c) SEM (dendrites)
on the LPBF microstructure from the bottom, middle, and top Regions.
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Figure 5.5 shows EDS maps for C, Nb, and Mo taken from STEM-HAADF im-

ages at the bottom, middle, and top layers of the multi-layer build. These EDS

maps show that the interdendritic region is rich in Nb and Mo in all three regions.

Furthermore, within the interdendritic region, some Nb- and C- rich precipitate-like

particles (marked with white arrows) were also detected. The concentration of the

precipitate-like particles is relatively similar in all layers examined.

Figure 5.5: (a) STEM-HAADF images, along with STEM-EDS maps of (b)C,
(c)Nb, and (d)Mo from the bottom, middle, and top layers.

Figure 5.6 shows the detailed variation in C, Nb, Cr, and Mo composition across

the interdendritic regions. These line scans were performed on cross lines 1,2, and 3
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shown in Figure 5.5. The 0 positions on the x-axes correspond to the center of the

interdendritic region and the vertical dotted lines represent the edges of the interden-

dritic regions. As can be seen, both Nb and Mo show appreciable segregation, with

the concentration of Nb and Mo being greatest at the center and then decreasing to-

wards the edge of the interdendritic region, in all layers. In contrast, the distribution

of C and Cr is relatively homogeneous. A much higher level of microsegregation is

observed in the top layer as compared to the bottom layers. The degree of segregation

of Nb, i.e. wt% (max)/ wt%Nb (as measured by ICP), is seen to increase from 1.6 at

the the bottom layer to 2.6 at the top layer of the build.

To further investigate the precipitate-like particles found in Figure 5.5, HAADF-

STEM analysis was implemented. Figures 5.7-5.9 show HAADF-STEM images of

various precipitate-like particles in the bottom, middle, and top layers, along with

their corresponding Fast Fourier Transform (FFT) diagrams. The FFT 5.7(e-h) anal-

ysis for the bottom layer (Figure 5.7(a-d)) confirmed the presence of γ′, δ, laves,

and Al4C3 precipitates within this inital region of the built part. However, the FFT

analysis for the middle layers, Figure 5.8, showed γ′, NbC, and Ni2Al precipitates.

Finally, the NbC precipitate was found in the top layer, Figure 5.9. Please note a

few Nb-rich precipitate-like particles were found in the bottom and top layers whose

FFT diagrams could not be detected. However, the STEM-EDS line scan traversing

these precipitate-like particles showed that these particles might have been γ′′. The

HAADF-STEM images of these precipitates and the corresponding STEM-EDS line

scans are presented in appendix.A (5.8).
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Figure 5.6: a) STEM-EDS Line scans traversing line a) 1, b) 2, and c) 3 in
Figure 5.5a-top, middle, and bottom. Note that the 0 positions on the x-axes

correspond to the center of the interdendritic region. Note also that the vertical
dotted lines represent the edges of the interdendritic regions

5.4 Simulation Results

Figure 5.10 shows the (a) Scheil phase evolution and (b) microsegregation of all al-

loying elements in the matrix (γ phase) during the initial solidification of the bottom

layer of the LPBF IN625 build. As can be seen, the Scheil simulation with solute

trapping predicted the formation of NbC, γ′′, and laves precipitates, as well as segre-

gation of all alloying elements toward the end of the solidification. Note that Scheil
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Figure 5.7: (a-d) HAADF-STEM images of the precipitates in the bottom layers of
the build, (e-h) Corresponding FFT patterns.

Figure 5.8: (a-c) HAADF-STEM images of the precipitates in the middle layers of
the build, (d-f) Corresponding FFT patterns.

simulations for the middle and top layers was also carried out, but are not shown as

they were nearly identical to the profiles given in Figure 5.10.
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Figure 5.9: (a) HAADF-STEM images of the precipitate in the top layers of the
build, (b) Corresponding FFT pattern.

The DICTRA simulation requires the alloying-element amounts at the end of the

initial solidification as well as the thermal evolution history within the part during the

LPBF process. The Scheil-predicted microsegregation profile of the alloying elements

in the first solidified layer, shown in Figure 5.10(b), was used as an input in the

DICTRA simulation.

Figure 5.11 (a) shows the thermal history of the bottom, middle, and top layers

as predicted by the 20-layer FEA simulation. As can be seen, a deposited layer

partially remelts during the deposition of the next layer but does not remelt during

the deposition of any additional layers. Further, the bottom and middle layers are

both reheated during the deposition, undergoing significant reheating for up to the

next nine layers; with a descending reheating peak temperature as the deposition

progresses. The solidification cooling rate and thermal gradient and well as the cooling

rate after reheating process have been extracted from the 3D FEA model results at

different nodal points in various layers. It should be noted that there were 3 elements

in the thickness of each layer and the thermal data was extracted from the middle

element. At each nodal point, The solidification cooling rate and the cooling rate

after reheating were calculated via eq. 5.3 and 5.4, respectively,
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Figure 5.10: The a) Scheil phase evolution and b) microsegregation of all alloying
elements in matrix (γ phase) during the solidification of the first layer of the LPBF

IN625 build.
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∂T

∂t
(Solidification) =

∣∣∣∣∣TS − TL

tS − tL

∣∣∣∣∣ (5.3)

∂T

∂t
(Reheating) =

∣∣∣∣∣TPeak − TMin

tPeak − tMin

∣∣∣∣∣ (5.4)

where TL and TS are liquidus and solidus temperatures reached at tL and tS.

While TPeak and TMin are the peak and minimum temperatures in each reheating

cycle captured at tPeak and tMin, respectively. The solidification thermal gradient at

each nodal point was determined at t=tl as

∂T

∂Z
=

∣∣∣∣∣ Tn − Tn−1

Zn − Zn−1

∣∣∣∣∣ (5.5)

where Tn and Tn−1 are the temperatures at two adjacent nodes, Zn and Zn−1,

along the Z direction.

Figure 5.11 (b) shows the corresponding cooling rate and peak temperature within

the first (bottom) and tenth (middle) layers during the deposition of their seven

subsequent layers. As can be seen, during the re-heating phase, the peak temperatures

and cooling rates decrease significantly as the heat source moves further away from

the initial layer.

Table 5.3 shows the corresponding thermal gradients, cooling rates, and peak

temperatures predicted by these simulations to occur during solidification. From the

bottom to the top, the thermal gradients and cooling rates are seen to decrease while

the peak temperature is seen to increase due to the heat accumulation in the upper

layers due to the multiple heat inputs and lower heat transfer into the substrate.

In the DICTRA simulations, for the bottom and middle layers, the temperature
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Table 5.3: Thermal information during the initial solidification of the bottom,
middle, and top layers estimated using FEA.

Layer number 1(Bottom) 10(Middle) 20(Top)
Ḡ (K/m) 11,113,178 10,788,469 10,046,267

Ṫ (K/s) 6,687,153 5,468,891 4,654,712
Peak Temp. (K) 4,822 5,052 5,094

evolution included all of the heat input during building of the additional nineteen

and nine layers, respectively. For the top layer, the temperature evolution considered

only the cooling curve during deposition of the last layer.

Figure 5.11: a) Thermal history of the bottom, middle, and top layers during the
multi-layer LPBF build process for IN625. b) the cooling rate and peak

temperature within the first (bottom) and tenth (middle) layer during the
deposition of their seven subsequent layers

Figure 5.12 (a) and 5.12 (b) depict the DICTRA microsegregation profiles for

Nb and Mo over the last 100 µm of solidification within the interdendritic region in

the bottom, middle, and top layers in the transverse cross-section of the multi-layer

LPBF IN625. As can be seen, Nb and Mo homogenized in the bottom layer due
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to the repeated solid-state heating post-remelting during the multi-layer build. In

contrast, the middle layer is seem to be less homogenized especially towards the end

of solidification, while the top layer shows no homogenization.

Figure 5.12: The DICTRA-predicted microsegregation profiles for a)Nb and b)Mo
over the last 100 µm of solidification within the interdendritic region in the bottom,

middle, and top layers.

5.5 Discussion

As shown in Figures 5.2 and 5.4, the as-built LPBF IN625 mainly consists of γ

columnar grains that grew epitaxially from the substrate or the previous layer along

the build direction, and opposite to heat flow. These appear as equiaxed grains in the

transverse direction. An elongated grain may contain a couple of melt pools. Or one

part of a single melt pool may fall partially into one grain and partially into another.

The micrographs in Figure 5.4 (c) show clearly that the very fast solidification of the

bottom (first) layer lead to the formation of cellular-like dendrites without secondary
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arms, whereas secondary arms developed in the top (last) layer owing to the slower

solidification rate (Figure 5.11) and larger melt pool. No consistent relationship

between the size of the primary arms in the overlapped and non-overlapped sections

was observed.

Figures 5.13a and 5.13b compare the level of microsegregation of Nb and Mo in

the γ phase in the bottom, middle, and top layers both measured experimentally

using STEM-EDS and simulated with Scheil including solute trapping. For both el-

ements, a promising agreement is observed between the STEM-EDS in the top-most

layer and the Scheil segregation patterns especially towards the end of solidification.

However, agreement between the bottom and middle layers experiencing reheating

is poor. The top layer was not remelted, resolidified, or reheated, and therefore the

microstructure is the nearest the solidification structure. In contrast, the bottom and

middle layers experience these processes, which affect the microstructure evolution as

a result of reheating, Figure 5.11 (a). Overall, although the Scheil with solute trap-

ping solidification results provides a reliable estimate for predicting the segregation

pattern resulting from solidification during LPBF, it is challenging to predict the final

segregation pattern owing to the reheating phenomena. Figure 5.13 also shows that

the bottom and middle layer have experienced homogenization due to the repeated

reheating cycles.

Figures 5.14a and 5.14b compare the level of microsegregation of Nb and Mo in

the γ phase in the bottom and middle layers as determined via STEM-EDS and the

DICTRA simulations considering the reheating effects. As can be seen, the prediction

is now much-improved, especially at the point of final solidification, and especially

for Nb.
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Figure 5.13: Composition profile of a) Nb b) Mo elements as within 100 µm
distance from the interdendritic region calculated using Scheil solidification model
and STEM-EDS line scan from the bottom region, middle region, and top region.

Figure 5.14: Composition profile of a) Nb b) Mo elements within 100 µm distance
from the center of the interdendritic region simulated using DICTRA after

reheating and EDS-line scan from the bottom region, middle region, and top region.

As shown in Figure 5.11, a deposited layer partially remelts during deposition of

the next layer which was excluded from the DICTRA simulation. Re-solidification

was also simulated using Scheil-Gulliver to evaluate the effect of resolidification on

the composition of the last-to-solidify γ. The results are reported in table 5.4. As
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Table 5.4: Scheil estimated the amount of alloying elements in the last 5 wt% of
resolidified γ [29].

Element Cr Nb Mo Fe C
IN625 Powder Composition (wt%) 22 3.74 9.3 2.8 0.02
Solidified γ composition (wt%) 20.61 10.84 13.57 2.05 0.022
Resolidified γ composition (wt%) 20.66 10.64 12.93 2.01 0.016

can be seen the amount of Cr, Nb, Mo,Fe and C are almost similar to the amount

of these elements in the initial solidified microstructure of the γ phase. These results

confirmed that using the as-solidified segregation profile as an input composition in

DICTRA simulation is a valid assumption.

Figure 5.15 depicts the schematic of the thermal evolution and microstructure

combined with the hardness results within the transverse cross-section from the bot-

tom to the top layers of the LPBF IN625. As can be seen in 5.15 (a), The bottom

and middle layer experience reheating that affect the level of homogenization and

the precipitate variation and distribution. From the bottom to the top layers of the

LPBF thin-wall, the magnitude of cooling rate and thermal gradient decrease which

lead to an increase in the size of PDAS and grain as shown in Figure 5.15(b).

As demonstrated in Figure 5.7, 5.8, and 5.9, and appendix.A (5.8), HAADF-

STEM analysis and the resulting FFT patterns identified γ′, γ′′, δ, laves, and Al4C3

precipitates in the bottom, NbC, γ′, and Ni2Al in the middle, and γ′′ and NbC in

the top layers of the build. As shown in (b), most of the precipitates were observed

within the interdendritic region, which formed as a result of microsegregation, while

only a few precipitates were observed inside the γ dendrites, mainly in the bottom

layers. In the bottom and middle layers, due to the repeated heating and cooling

cycles, the laves and NbC phases (i.e., the solidification products) can dissolve and
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enrich the matrix with Nb, resulting in the formation of new precipitates inside the

γ dendrites [36]. Solute trapping could be another reason to observe the precipitates

inside the γ. Due to the higher cooling rate in the bottom layers, solute trapping may

occur and result in the entrapment of Nb and the formation of the Nb-rich precipi-

tates inside the dendrite [19]. No NbC precipitate was detected in the bottom layers

because the higher cooling rate in this region suppresses the formation of the carbides

during solidification [37], or some NbC precipitates might have formed but dissolved

later during the reheating process. A few γ′-Ni3(Al,Ti) precipitates were observed in

the bottom and middle layers. Although γ′ is the dominant straightening precipitates

in most of the Inconel alloys, the formation of γ′ is not common in the microstructure

of IN625 due to the low content of Al in this alloy. However, γ′ may form in the

deposited layers (bottom and middle) during the deposition of the subsequent layers

due to the reheating effect in LPBF process [4]. γ′ might have been available in the

top layer, but because they are very fine, we could not detect them. However, the

γ′ precipitates might have been coarsened during reheating process in the bottom

and middle layers and became detectable. In the top layers, only the solidification

products (γ′′, Laves, and NbC) [23,18] was expected to be observed due to the min-

imal post-solidification heat exposure while the laves precipitate was not detected.

Although the top-most layer does not experience reheating, the solidification cooling

rate and thermal gradient are smaller and the melt’s peak temperature is larger in

the LPBF’s top layer compared to a single-track solidification. In the topmost layer,

a very high temperature might have caused the Cr evaporation and depletion of this

layer from Cr, which could be the reason for not seeing laves precipitates.
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Turning back to the hardness in Figure 5.15c, it is shown that hardness is location-

dependent in the build direction. Along the build direction, from the bottom to the

top, the hardness varied from 323 HV to 414 HV. The highest hardness is observed

within the bottom layer due to the smaller PDAS. The hardness decreases from the

bottom layer to the middle layer and then increases by moving toward the top layers,

creating a U-shaped hardness variation pattern along the height. Although the PDAS

increases from the bottom to the top layers, the hardness unexpectedly starts rising

from the middle of the build height to the upper layers.

The reason for this rise in hardness is discussed below through investigation of

links between the thermal evolution history, microstructural evolution, and hardness

variation pattern in the bottom, middle, and top layers.

Figure 5.15: Composition profile of a) Nb b) Mo elements as within 100 µm
distance from the interdendritic region calculated using Scheil solidification model
and STEM-EDS line scan from the bottom region, middle region, and top region.

• Homogenization effect: In previous studies [38,39], it was observed that the
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homogenized structure showed a lower hardness as compared to the as-built

structure, which can be one of the reasons for the increase of the hardness in

the upper layers as the level of the homogenization decreases from the bottom to

the top layers. Although the degree of homogenization is highest in the bottom

layer, precipitation hardening as well as the PDAS and grain size effects prevail

over the effect of homogenization on hardness resulting in the highest hardness

in the bottom layer.

• Precipitation effect: More NbC was observed in the middle layer compared

to the top layers, which could be responsible for the higher hardness in the

upper layers because generally, laves and carbides decrease the hardness and

tensile strength while γ′, γ′′ (Ni3Nb), and δ enhance the hardness and tensile

strength.

• Residual stress: An uneven distribution of the residual stresses and built-in

dislocation density could be another reason for the mechanical heterogeneity,

which is beyond the scope of this study.

We can use the results shown in Figures 5.2 to 5.15 to understand better the initial

microstructural heterogeneity in an as-built multi-layer LPBF IN625. Only through

doing all of this work one can demonstrate the process-microstructure-property rela-

tionship that exists for hardening behavior in nickel-based superalloys. LPBF man-

ufactured parts often show more inconsistent properties as compared to wrought

materials [35]. Thus, The LPBF processing is usually followed by heat treatment to

eliminate any microstructural heterogeneity and release the residual stresses. How-

ever, in IN625, an improper heat treatment design could also lead to the growth or

132



Ph.D. Thesis - P. Mohammadpour McMaster - Material Science and Engineering

formation of different precipitates, including laves and carbides, that might affect the

high-temperature mechanical properties, including part embrittlement. (16). Thus,

understanding the as-build LPBF microstructure and the process-microstructure-

properties relationship is also important to design an appropriate heat-treatment

process to achieve suitable mechanical properties and reduce the alloy development

cost.

5.6 Conclusions

In this study, a detailed analysis of the microstructural and mechanical heterogeneity

in an as-built LPBF IN625 thin-wall was performed utilizing electron microscopy,

FEA thermal simulation, and CALPHAD. The microstructure of the LPBF IN625

was found to contain mostly columnar grains that grew epitaxially from the substrate

or previous layer. From the bottom to the top layers of the LPBF build, the size of

the melt pools, grains, and dendrites increased due to the decrease in the cooling rate

and thermal gradient resulting from the heat accumulation. The hardness decreased

from 414HV to 323HV from the bottom layers to the middle layers, which was related

to the increase in the grains and dendrites sizes. However, an increase in hardness

was observed by moving from the middle to the top layers despite containing larger

grains and PDAS. Both STEM-EDS results and DICTRA simulation of the microseg-

regation profile from the bottom, middle, and top layers, confirmed that the bottom

layer was slightly homogenized in comparison to the upper layers, which could be the

reason for obtaining higher hardness in the upper layer. A promising agreement was

also observed between the experimental and DICTRA/FEA thermal simulations of

the microsegregation profile. Replacing experiments with a combined DICTRA/FEA
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thermal simulation approach would help to reduce alloy development costs for additive

manufacturing by reducing the number of expensive and time-consuming experiments

needed. A variety of precipitates, including γ′, γ′′, δ, laves, and Al4C3, was observed

in the bottom layers of the build. Most of these precipitates were seen in the inter-

dendritic region, while only a few were seen within the γ dendrites. In the middle

layer, NbC, γ′, and Ni2Al precipitates were found, while in the upper layers, the near

eutectic products i.e., NbC and γ′′ were observed. Compared to the middle layers,

more γ′′ and fewer NbC were found within the upper layers which could be another

reason for the higher hardness in this region.
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5.8 Appendix. A. STEM-EDS line scans from precipitate-

like particles

Figures 5.16 and 5.17 show the STEM-EDS line scans traversing the precipitate-like

particles in the bottom and top regions, respectively.
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Figure 5.16: STEM-EDS line scans traversing the precipitate-like particles in the
bottom region.

Figure 5.17: STEM-EDS line scans traversing the precipitate-like particles in the
top region.
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Chapter 6

Summary and Conclusions

6.1 Summary and conclusive remarks

INCONEL 625 (IN625) is one of the most widely used nickel-based superalloys be-

cause of its excellent properties, especially the high-temperature corrosion, fatigue re-

sistance, and high tensile strength. These properties make this alloy a prime candidate

in the marine, aerospace, and nuclear industries. IN625 exhibits poor machinability

while good weldability. Laser Powder Bed Fusion (LPBF) is an additive manufac-

turing (AM) technique with better dimensional accuracy and versatility compared

to other AM methods. Thus, LPBF can be used as a promising choice to fabricate

IN625 alloy. As mentioned, this alloy is being used in sensitive industries; therefore,

a high level of quality assurance is needed for the manufactured part.

The LPBF processing of IN625 alloy has been studied over the past decade. Most

of the studies focused on printability, mechanical properties, effects of heat treat-

ment on the properties, and the correlation of processing parameters and mechanical

properties of this alloy, but paying less attention to the Process-Structure-Property
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(PSP) relationship . Microstructure is the heart of any AM process, which links the

processing parameters to the properties of the AM part. Therefore, it is essential to in-

vestigate the microstructural evolution happening during the LPBF process of IN625

and the PSP relationship to guide, develop, and speed up the fabrication process or

part design and guarantee quality assurance. This study focuses on the correlation

between processing parameters, microstructure, and mechanical properties of IN625

manufactured using the LPBF process.

Knowledge of solidification is required to produce metal parts using AM tech-

niques. Solidification conditions control the microstructure, defects, and, therefore,

the properties of components. To study the resulting solidification microstructure

and grain morphology of LPBF-produced multi-component alloys, a theoretical con-

cept, so-called “Solidification Microstructure Selection (SMS) maps,” was revisited

and developed. The theory has been derived with analytical methods that predict

the grain morphology and the interface response of the possible solidification mor-

phologies that are potentially available at high thermal gradients and solidification

velocities. The results from the SMS map method study showed that this method is

an informative tool that efficiently maps the process–microstructure relationship for

a range of processing parameters which will enhance the tailoring of the final AM

part properties. The predictions of the SMS map method are approximate but useful

for efficient qualitative or semi-quantitative analysis of experimental results.

The SMS map approach was implemented to predict the solidification microstruc-

ture and grain morphology of an as-built single-track LPBF IN625. A set of single-

track LPBF experiments was also performed to validate the simulation results. It is

found that the modes of solidification and grain morphology formed during LPBF
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processing are significantly influenced by the thermal gradient (G), solidification ve-

locity (V ), and the initial composition (C0) of the alloy. The value of G and V is

dependent on the processing parameters and the location within the melt pool. The

moving heat source during the LPBF process causes the uneven distribution of G

and V values in the melt pool, leading to the variation of solidification modes, grain

size, and Primary Dendrite Arm Spacing (PDAS) in the single melt pool. The exper-

imentally LPBF microstructure of IN625 was found to mainly contain γ-FCC(Ni-Cr)

columnar dendrites, which grow epitaxially from the substrate. A few equiaxed grains

were observed to nucleate ahead of the columnar front due to a drop in the thermal

gradient at the end of the melt pool’s solidification. Although the columnar solidifica-

tion is correctly predicted by the SMS map, the columnar to equiaxed transition was

not anticipated by the analytical solution. This can be related to the overestimation

of the thermal gradient value at the center of the melt pool by the Rosenthal solu-

tion. The PDAS values measured experimentally were shown to closely agree with

the analytical models’ prediction. A small discrepancy shown between the experi-

mental and analytical results of PDAS values could be related to the uncertainties in

materials properties, especially the diffusion coefficient in the liquid and the potential

for Marangoni-induced convection.

Although the SMS map correctly predicted the dendritic gamma phase, the ana-

lytical solution was not incapable of predicting formation of precipitates. On the other

hand, using the CALculation of PHAse Diagrams (CALPHAD) approach, it is found

that some precipitates may form at the end of the solidification. Thus, electron mi-

croscopy and computational thermodynamics were implemented to further investigate

the solidification microstructure, microsegregation patterns, and the formation of the
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precipitates in the LPBF microstructure of the IN625. Both experimental (STEM-

EDS) and thermodynamic simulation (Scheil and DICTRA) results confirmed signifi-

cant microsegregation with the highest level of segregation towards the interdendritic

region. This caused the compositional heterogeneity in the microstructure and may

help meta-stable precipitate to nucleate within the interdendritic region. Although

the DICTRA simulation overestimated the level of microsegregation during the so-

lidification, the Scheil–Gulliver with solute trapping simulation was found to match

closely to the experimentally-obtained microsegregation patterns. HAADF-STEM

analysis identified the highly concentrated Nb areas as γ′′, Laves, and NbC precipi-

tates, while Scheil-Gulliver simulation (with solute trapping) confirmed the formation

of γ′′ and NbC but not Laves at the end of rapid solidification. The driving force for

the formation of potential precipitates at the end of solidification was also calculated

using the CALPHAD approach. Although the driving force analysis showed that

NbC, M2C, µ, δ, M6C, and γ′′ precipitates can form within the last solidified liquid,

M2C, µ, δ and M6C precipitates were not observed in the as-solidified microstructure

which can be related to the solute trapping effect. The non-equilibrium solid/liquid

interface and the occurrence of solute trapping may create specific thermal and com-

positional conditions unfavorable for the formation of these precipitates.

Finally, a detailed analysis of the layer-by-layer melting and rapid solidification

as well as the microstructural and mechanical heterogeneity in an as-built multi-layer

LPBF IN625 was carried out using electron microscopy, FEA thermal simulation,

and CALPHAD approach. The microstructure mostly contained columnar grains

that grow epitaxially from the substrate or previous layer. The size of the melt pools,

grains, and dendrites was found to increase from the bottom to the top layers of the
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LPBF part due to the decrease in the solidification cooling rate and thermal gradient

and the increase in the peak temperature. Heat accumulation during the layered

LPBF process was shown to be responsible for this governing thermal condition. The

microsegregation profile obtained by DICTRA/FEA thermal simulation showed to

match closely to the experimentally measured one. From the bottom to the top layers,

the hardness decreased toward the middle layers and then started increasing towards

the top layers despite containing larger grains and PDAS. The highest hardness (414

HV) was observed in the bottom layers, which was related to the smaller grains and

dendrites in this area compared to the upper layers. Both the experimental results and

the DICTRA simulations of the microsegregation profiles at the bottom, middle, and

top layers confirmed that the level of compositional homogenization slightly decreased

from the bottom to the upper layers because of the reheating effect. The increase

in the hardness in the top layers could be related to the minimal homogenization in

the top layers. Although the degree of homogenization is the highest in the bottom

layers, the effect of grain and dendrite size on the hardness seemed to prevail over the

homogenization effect. The distribution of the precipitates was shown to be location-

dependent in the multi-layer LPBF part. The various types of precipitates, including

γ′, γ′′, δ, NbC, laves, and Al4C3 were observed in the bottom layers. Most of these

precipitates were seen in the interdendritic region, while only a few were seen within

the γ dendrites. The presence of γ′, γ′′, and δ, could have been another reason for

the highest hardness in the bottom region. NbC, γ′, and Ni2Al precipitates were

detected in the middle layer, and the near eutectic products, i.e., NbC and γ′′ were

observed in the upper layers. Another reason for the higher hardness in the upper

layers compared to the middle region could be the presence of more γ′′ and fewer
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NbC in the top layers.

6.2 Limitations and future work

The limitations of this study, along with some potential future works to the present

findings, can be listed as follows:

• Study of SMS map: The first limitation is the availability of thermodynamic

data; for some alloying systems, only limited information is available in the

literature or the computational thermodynamic databases. The second limita-

tion could be all the simplifying assumptions made in SMS simulations; such

as directional solidification in the scale of dendrites, steady state solidification,

linear phase diagram, constant values for nucleant density and nucleation un-

dercooling in CET calculation, neglecting the convection in the melt pool and

Marangoni flow in Rosenthal thermal simulation, and unidirectional heat flow.

And finally, the prediction is limited to the solidification of a single melt pool;

however, in the industrial LPBF process, the deposition of the following layer

will affect the microstructure of the first layer. To enhance the functionality of

SMS map method in AM, there is a need to improve the availability of thermo-

dynamic data for new alloy systems and enhance the characterization methods

to estimate the nucleant density and equiaxed nucleation undercooling more

accurately. Further, it is required to develop new approaches that can use the

interface response method without the assumptions of a linear phase diagram

and a unidirectional heat flow. Eventually, due to the layered nature of AM, it

is also beneficial to couple the SMS map approach with micro-scale numerical
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heat transfer methods (considering the convection) to enhance the microstruc-

ture prediction.

• Study of microstructural and mechanical heterogeneity in the as-built

LPBF IN625: The mechanical properties evaluation was limited to the hard-

ness test in the multi-layer LPBF part. Investigating the other mechanical

properties, such as residual stress, tensile strength, and fatigue test, would be

beneficial in an as-built LPBF part. This will help to increase the understand-

ing of the PSP relationship and ultimately, obtain higher-quality products. In

another future study, one could use the finding from this work to design a

heat-treatment process to achieve the desired property. Further, in the FEA, a

few simplifying assumptions, including considering the single-track deposition

in each layer and scan strategy rotation (SSR) equal to 0◦, might have affected

the accuracy of the PSP evaluation. To improve the accuracy of the thermal

analysis, an FEA model that is able to simulate the thermal condition of all

deposited layers with different SSR angles is required. The other alternative

to the FEA thermal analysis could be the enhancement of the In-situ thermal

measurement methods.

6.3 Contribution

This study provides fundamental insight into the process-microstructure-property re-

lations during LPBF of IN625 and can help industries select appropriate processing

parameters selection and improve quality assurance. The overall contributions of this

study to the literature can be identified as follows:
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• Processing parameter selection: SMS maps are useful tools for predicting

and tracking phase transformation and designing the LPBF process as they ob-

tain desirable microstructure by manipulating process parameters. The knowl-

edge of the process-microstructure relationship will also aid in expanding the

use of LPBF for diverse applications.

• Quality assurance: The results from this study will help researchers to better

understand the correlation between microstructural evolution and mechanical

properties of as-built LPBF IN625. Moreover, the LPBF process is usually

followed by post heat-treatment process to eliminate the residual stresses or to

homogenize the microstructure. The findings from this study which include a

thorough investigation of solidification and solid-state transformation, can be

used as a guideline to design an appropriate heat treatment process to achieve

high-quality products with desired properties.

• Research and development: Replacing experiments with Scheil model (with

solute trapping) and a combined DICTRA/FEA thermal simulation approach

will help to reduce alloy development costs for additive manufacturing by reduc-

ing the number of expensive and time-consuming experiments needed to inves-

tigate the compositional segregation during rapid solidification and reheating

process.

To improve the accuracy of the thermal analysis, a FEA model that is to be able

to simulate thermal condition of all deposited layers with different SSR angles is

required.
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