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Lay Abstract

One of the largest challenges associated with incorporating the next generation of advanced
high strength steels into the automotive industry lies in processing these steels in existing industrial
production lines. In that regard, a two-stage heat treatment with an intermediate flash pickling
stage and process atmosphere compatible with existing industrial continuous galvanizing line
technology was developed for a prototype medium-Mn steel. The heat-treated prototype steel met
the target mechanical properties outlined for the next generation of advanced high strength steels.
Furthermore, the heat treatment and process atmosphere utilised in this research produced a surface
that facilitated the successful galvanizing of the prototype medium-Mn steel. This adherent and
high-quality galvanized coating will provide robust corrosion protection if the candidate medium-

Mn steel is used in future automotive structural applications.



Abstract

Medium Mn (med-Mn) third generation advanced high strength steels (3G AHSSs) are
promising candidates for meeting automotive weight reduction requirements without
compromising passenger safety. However, the thermal processing of these steels should be
compatible with continuous galvanizing line (CGL) processing capabilities as it provides cost
effective, robust corrosion protection for autobody parts. Hence, the main objective of this Ph.D.
research is to develop a CGL-compatible thermal processing route for a prototype 0.2C-6Mn-
1.5Si-0.5Al1-0.5Cr-xSn (wt%) (x = 0 and 0.05 wt%) med-Mn steel that will result in the 3G AHSS
target mechanical properties (24,000 MPa% < UTS x TE < 40,000 MPa%) and high-quality
galvanized coatings via enhanced reactive wetting.

It was found that the starting microstructure, intercritical annealing (1A) time/temperature, and
Sn micro-alloying had a significant effect on the retained austenite volume fraction and stability
and, thereby, the mechanical properties of the prototype med-Mn steel. For the as-received cold-
rolled (CR) starting microstructure, the intercritical austenite nucleated and grew on dissolving
carbide particles and resulted in blocky retained austenite. However, Sn micro-alloying
significantly effected the intercritical austenite chemical stability by segregating to the
carbide/matrix interface and retarding C partitioning to the intercritical austenite. This resulted in
lower volume fractions of low stability retained austenite which transformed to martensite (via the
TRIP effect) at low strains, thereby quickly exhausting the TRIP effect and resulting in a failure
to sustain high work hardening rates and delay the onset of necking. Consequently, the Sn micro-
alloyed CR starting microstructure was unsuccessful in achieving 3G AHSS target mechanical
properties regardless of the 1A parameters employed. Contrastingly, the CR starting microstructure

without Sn micro-alloying was able to meet target 3G mechanical properties via intercritical



annealing at 675 °C x 60 s and 120 s, and at 690 °C x 60 s owing to sufficiently rapid carbide
dissolution and C/Mn partitioning into the intercritical austenite such that it had sufficient
mechanical and chemical stability to sustain a gradual deformation-induced transformation to
martensite and maintain high work hardening rates.

On the other hand, the martensitic (M) starting microstructure produced higher volume
fractions of chemically and mechanically stable lamellar retained austenite regardless of Sn micro-
alloying. Intercritical annealing at 650 °C x 60 s and 675 °C x 60 s and 120 s produced 3G AHSS
target mechanical properties. It was shown that the stable lamellar retained austenite transformed
gradually during deformation. Furthermore, deformation-induced nano-twin formation in the
retained austenite was observed, suggesting the TWIP effect being operational alongside the TRIP
effect. As a result, a continuous supply of obstacle to dislocation motion was maintained during
deformation, which aided in sustaining a high work hardening rate and resulted in a high
strength/ductility balance, meeting 3G AHSS target properties. Based on these results, the
martensitic starting microstructure without Sn micro-alloying and the M-675 °C x 120 s IA
condition were chosen for the selective oxidation and reactive wetting studies.

The selective oxidation study determined the effect of a N2-5H2-xH20 (vol%) process
atmosphere pO2 (—30, 10, and +5 °C dew point (Tqp)) on the composition, morphology, and spatial
distribution of the external and internal oxides formed during the austenitizing and subsequent
intercritical annealing cycles. The objective of this study was to identify the process atmosphere
for the promising M-675 °C x 120 s heat treatment that would result in a pre-immersion surface
that could be successfully galvanized in a conventional galvanizing (GI) bath. The austenitizing
heat treatment (775 °C x 600 s) used to produce the martensitic starting microstructure resulted in

thick (~ 200 nm) external oxides comprising MnO, MnAIl204, MnSiO3/Mn;SiO4, and MnCr20a4,



regardless of the process atmosphere pO.. However, intermediate flash pickling was successful in
dissolving the external oxides to a thickness of approximately 30 nm along with exposing metallic
Fe in areas which contained relatively thin external oxides. Furthermore, extruded Fe nodules that
were trapped under the external oxides were revealed during the flash pickling process. Overall,
flash pickling resulted in a surface consisting of dispersed external oxide particles with exposed
metallic substrate and extruded Fe nodules. This external surface remained unchanged during 1A
owing to the multi-micron (~ 2-8 um) solute-depleted layer that formed during the austenitizing
heat treatment.

Subsequent galvanizing in a 0.2 wt% (dissolved) Al GI bath with an immersion time of 4 s at
460 °C was successful in achieving high-quality, adherent galvanized coatings through multiple
reactive wetting mechanisms. The dispersed nodule-type external oxides along with exposed
substrate and extruded Fe nodules on the pre-immersion surface facilitated direct wetting of the
steel substrate and promoted the formation of a robust and continuous Fe;AlsZny interfacial layer
at the steel/coating interface. Additionally, oxide lift-off, oxide wetting, bath metal ingress, and
aluminothermic reduction were operational during galvanizing. The galvanized med-Mn steels
met 3G AHSS target mechanical properties. Overall, this Ph.D. research showed that it is possible
to employ a CGL-compatible thermal processing route for med-Mn steels to successfully produce

3G AHSS target mechanical properties as well as robust galvanized coatings.
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1 Introduction

1.1 Overall Context

The research and development of advanced high strength steels (AHSSs) started during the
1970s to meet the weight reduction and fuel efficiency demands of the automotive market [1]. The
high strength and ductility balance of AHSSs allows the design of thinner cross-sections for
automotive body parts, which results in higher fuel efficiency and reduced greenhouse gas
emissions without compromising passenger safety. Although aluminum and magnesium alloys
have replaced some steel components in modern automotive designs, issues regarding cost and
formability for aluminum alloys and the relatively poor mechanical properties and poor corrosion
performance for magnesium alloys have limited their application [2]. As a result, first generation
AHSSs (1G AHSSs) are being extensively used in designing the vehicle body-in-white (BIW), as

shown in Figure 1.1.

Body Material Usage
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Previous TLX 2021 TLX

1.3%
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Figure 1.1: Schematic of different materials used in the construction of different generations of

the Acura TLX body-in-white [3].



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

The constant drive to improve the mechanical properties of AHSSs has resulted in the
development of three generations of AHSSs over the years. Dual phase (DP) steels, transformation
induced plasticity (TRIP) steels, martensitic (MART) steels, and press-hardened steels (PHS),
shown in Figure 1.2, are some of the widely used first generation advanced high strength steels
(1G AHSSs) in modern automotive designs. These steels have a typical ultimate tensile strength x
total elongation (UTS x TE) product of < 20,000 MPa% [4,5]. In particular, low alloy
TRIP-assisted steels —which typically contain approximately 2 wt% Mn with varying levels of Si
and Al- show an exceptional combination of strength and ductility owing to the
deformation-induced transformation of metastable retained austenite to martensite [6,7]. In
comparison, the second generation advanced high strength steels (2G AHSSs) have superior
combinations of strength and ductility (UTS x TE > 60,000 MPa%) owing to their austenitic
microstructure combined with both twinning and transformation induced plasticity effects [8].
Twinning induced plasticity (TWIP) steels are amongst the most widely researched 2G AHSSs.
These steels generally have 22-30 wt% Mn along with significant C contents (0.4-0.6 wt%) and
relatively high concentrations of Al, Si, and other alloying elements [9,10]. However, due to the
high alloying content, these steels are relatively expensive and are difficult to galvanize due to the
formation of external oxides of the major alloying elements, i.e., Mn and Si [10].

Hence, current research is focused on developing third generation advanced high strength
steels (3G AHSS) which would have superior mechanical properties compared to the 1G AHSSs
with less alloying elements and lower alloying costs compared to the 2G AHSSs. Target
mechanical properties for the 3G AHSSs were outlined by Matlock and Speer [5], where 24,000
< UTS x TE < 40,000 MPa% was targeted. Additionally, specific UTS and TE targets were

proposed by the U.S. Department of Energy (i.e., 1200 MPa UTS x 30% TE and 1500 MPa UTS
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x 25% TE) and the AutoSteel Partnership (i.e., 1500 MPa UTS x 20% TE) [11,12]. Figure 1.2
shows the different generations of advanced high strength steels with their respective mechanical

property ranges.
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Figure 1.2: The global formability diagram (2021) comparing strength and elongation of

different generation of AHSS [13].

Medium-Mn (med-Mn) steels are promising candidates for meeting 3G AHSS target
mechanical properties. These steels usually contain 5-10 wt% Mn along with significant
concentrations of alloying elements such as C, Si, Al, Cr, and microalloying elements such as Ti,
Nb, V, etc. Recent research [14-19] has shown that med-Mn steels can meet 3G AHSS target
mechanical properties through optimal thermal processing and starting microstructures. The
unique strength and ductility combination is obtained due to plasticity enhancing mechanisms
operating during deformation that maintain a high work hardening rate. However, the thermal
processing times used in those studies were quite long, often in the order of hours, which far

exceeds the typical heating and soaking times used in the continuous galvanizing line (CGL), i.e.,
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3-5 minutes depending on the line speed [20]. This adds complexity to the integration of the
annealing process to the subsequent galvanizing step, which is essential for the corrosion
protection of thinner gauge AHSSs. Therefore, the annealing parameters should conform to these
time limits in order to maintain the desired productivity of the CGL, while targeting the desired
microstructures and mechanical property balance.

Furthermore, selective oxidation of the alloying elements during the pre-galvanizing heat
treatment can significantly affect the galvanizibility of AHSSs. In particular, commonly used
alloying elements, such as Mn, Si, Al, and Cr, are known to selectively oxidize in the dew point
controlled process atmosphere used in CGL and, depending on the oxide chemistry, morphology,
and distribution, these external oxides can lead to poor reactive wetting during continuous
galvanizing [21-34]. Hence, it is important to determine the effect of process atmosphere oxygen
partial pressure (pO2) of the annealing furnace on the selective oxidation and reactive wetting of
med-Mn 3G AHSSs. Micro-alloying of surface active elements, such as Sn, Sb, and Bi, to modify
the oxide morphology and use of a high process atmosphere pO2 during the pre-galvanizing heat
treatment to suppress external oxidation have been successful in improving galvanized coating
quality in med-Mn steels [33,35]. However, the effects of annealing parameters and micro-alloying

of Sn on the mechanical properties of these steel substrates were not determined.
1.2 Research Objectives

Recent research has shown that the intercritical annealing parameters, starting microstructure,
steel chemistry, and the annealing process atmosphere pO. can significantly influence the
mechanical properties, selective oxidation, and reactive wetting of med-Mn steels [14-19,32-35].
While a certain number of intercritical annealing treatments designed for med-Mn steels have been

successful in obtaining 3G AHSS target mechanical properties, they were incompatible with CGL
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processing parameters [14-16,18,19]. Furthermore, there are only few studies on the mechanical

properties, selective oxidation, and reactive wetting of med-Mn steels with CGL-compatible

processing parameters.

Hence, the main objective of this Ph.D. research is to determine the effects of intercritical
annealing parameters, starting microstructure, and surface active element (Sn) micro-addition on
the mechanical properties, selective oxidation, and reactive wetting of a prototype 0.2C-6Mn-
1.5Si-0.5AI1-0.5Cr-xSn (wt%) (x = 0 and 0.05 wt%) med-Mn steel in order to develop a CGL-
compatible thermal processing route that will result in 3G AHSS target mechanical properties and
high-quality galvanized coatings via enhanced reactive wetting. In that regard, the research
objectives of this Ph.D. can be divided into:

1) Determining the effects of intercritical annealing parameters, starting microstructure, and
surface active element (Sn) micro-alloying on the microstructural evolution and mechanical
properties of the prototype med-Mn steels within the context of developing CGL-compatible
heat treatment parameters that would result in 3G AHSS target mechanical properties.

2) Determining the effect of process atmosphere pO- on the selective oxidation of the prototype
med-Mn steel during the most promising starting microstructure/thermal processing route from
the mechanical property development investigation.

3) Determining the effect of process atmosphere pO2 on the reactive wetting of the prototype

med-Mn steel during galvanizing in a conventional Gl bath containing 0.2 wt% dissolved Al.
1.3 Thesis Layout

This sandwich-style thesis comprises the following chapters:



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

e Chapter 1 — Introduction: This chapter presents a brief background on different generation of

AHSSs along with the motivation that is driving the development of med-Mn 3G AHSS.

Furthermore, the research objectives of this Ph.D. are also outlined in this chapter.

e Chapter 2 — Literature Review: This chapter comprises a concise and critical review of the

literature on the microstructural and mechanical property evolution of the med-Mn steels along

with works related to the selective oxidation and reactive wetting of AHSSs.

e Chapter 3 — Microstructure and Mechanical Properties Development: This chapter is a

reproduction of the manuscript entitled “Effects of CGL-Compatible Thermal Processing,

Starting Microstructure, and Sn Micro-alloying on the Mechanical Properties of a Medium-

Mn Third Generation Advanced High Strength Steel”, published in Materials Science and

Engineering A [36]. The effects of starting microstructure, annealing parameters, and micro-

alloying of Sn on the microstructural evolution and mechanical properties were determined in

this manuscript within the context of developing a CGL-compatible thermal processing route

which would result in 3G AHSS target mechanical properties in the prototype med-Mn steels.

e Chapter 4 — Selective Oxidation: This chapter is a reproduction of the submitted manuscript

entitled “Selective Oxidation of a Medium-Mn Third Generation Advanced High Strength

Steel during Austenitizing and Intercritical Annealing”. The effect of process atmosphere pO>

on the selective oxidation during austenitizing and promising intercritical annealing heat

treatment that resulted in 3G AHSS target mechanical properties was determined in this study.

The goal was to produce a pre-immersion surface on the prototype med-Mn steel which can be

successfully galvanized after intercritical annealing in a conventional CGL. The manuscript

has been submitted to Journal of The Electrochemical Society.
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e Chapter 5 — Reactive Wetting: This chapter is a reproduction of the draft manuscript entitled

“On Continuous Hot-Dip Galvanizing of a Prototype Medium-Mn Third Generation Advanced

High Strength Steel”. The effect of intercritical annealing process atmosphere pO2 on reactive

wetting of the martensitic prototype med-Mn steel was determined in this investigation. The

objective was to determine a process atmosphere for the promising intercritical annealing heat

treatment which can produce high quality galvanized coating in a conventional Gl bath. This

manuscript will be submitted to Surface and Coatings Technology.

e Chapter 6 — Global Discussion: This chapter links the major findings of the mechanical

property development, selective oxidation, and reactive wetting investigation and discusses

their relationship within the context of developing a CGL-compatible thermal processing route

that can produce 3G AHSS target mechanical properties and high quality galvanized coating.

e Chapter 7 — Conclusions and Future Directions: The primary findings of this research will be

summarised in this chapter. Moreover, this chapter also recommends some future research

projects regarding the physical metallurgy, selective oxidation, and reactive wetting of med-

Mn 3G AHSSs.
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2 Literature Review

This chapter summarises the research that has been conducted on medium-Mn steels, both to
develop the desired microstructure and mechanical properties as well as successfully galvanize
them via enhanced reactive wetting. However, there is limited literature on these emerging 3G
AHSSs as their physical metallurgy, selective oxidation, and reactive wetting are currently being
developed through extensive research. Hence, the relevant fundamental knowledge developed for
1G and 2G AHSSs are also discussed in this chapter. This would help elucidating design strategies,
strengthening mechanisms, and microstructure-mechanical property relationship of medium-Mn
steels. Furthermore, challenges encountered in continuous hot-dip galvanizing owing to selective
oxidation and strategies to improve reactive wetting of these new generation of steels are also

discussed in this chapter.
2.1 Approaches in Developing 3G AHSS

Different approaches have been considered in developing steels to meet the 3G AHSS target
mechanical properties. These approaches are mainly based on enhancing the mechanical properties
of 1G AHSSs via grain refinement, designing new thermal processing cycles, and alloy design. In
that regard, various research was conducted on enhanced DP steel [1,2], modified low alloy TRIP-
assisted steels [3,4], ultrafine bainitic steels [5-8], flash processing [9], delta ferrite TRIP steels
[10,11], and quench and partitioning (Q&P) steels [12,13]. However, the thermal processing
parameters used in most of these approaches were not compatible with CGL processing windows
[14]. Moreover, although some of these steels were able to meet 3G AHSS target mechanical
properties, the high C content in those steels would deteriorate weldability, which is a common

assembly process in the automotive industry.
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De Moor et al. [15] used a simplified composite model to calculate the mechanical properties
of martensite/ferrite and martensite/austenite microstructures with varying phase fractions. The
authors used the ultimate tensile strength (UTS) and uniform elongation (UE) of ferrite, austenite,
and martensite as the input parameters for the model. The model predicted that the property band
of the martensite/austenite mixtures corresponded with the 3G AHSS property regime. However,
in these cases, the austenite was considered to be fully stable, i.e., austenite would not transform
to martensite during deformation. In the next step of modeling, the authors considered four
different austenite stabilities and found that austenite stability — as exemplified by varying
deformation induced austenite to martensite transformation kinetics — had a significant effect on
the predicted mechanical properties, as shown in Figure 2.1. Based on these model calculations, it
was shown that 3G AHSS target mechanical properties could be achieved with approximately 40%
volume fraction of austenite which would have a moderate deformation induced austenite to

martensite transformation Kinetics, similar to curve B in Figure 2.1a).
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Figure 2.1: Effect of austenite stability on predicted mechanical property combinations: a) four
different austenite stabilities and b) corresponding predicted mechanical property combinations

where each data point corresponds to an initial austenite volume fraction [15].
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Research has also been carried out on medium-Mn steels as promising candidates for 3G
AHSSs by utilising plasticity enhancing mechanisms during deformation. Optimal selection of
intercritical annealing parameters and starting microstructure can lead to high volume fraction of
chemically and mechanically stable retained austenite with an appropriate (~20 mJ/m?) stacking
fault energy (SFE) which can result in gradual transformation of the retained austenite to
martensite and formation of mechanical twins in the retained austenite during deformation [16,17].
As aresult, high work hardening rates can be sustained during deformation by successful activation
of both TWinning Induced Plasticity (TWIP) and TRansformation Induced Plasticity (TRIP)
effects, both of which can contribute to delaying the onset of necking. Recent research [18,19] on
medium-Mn steels with martensitic starting microstructures has shown that it is possible to achieve
mechanical properties in the range of 3G AHSS with CGL-compatible thermal processing cycles.
However, the effect of the proposed thermal processing on the selective oxidation and reactive
wetting of the steels was not explored. On the other hand, successful reactive wetting has been
previously reported by Alibeigi et al. [20] and Pourmajidian and McDermid [21,22] for medium-
Mn steels annealed under CGL-compatible conditions. Nevertheless, the microstructure evolution

and mechanical properties were not determined in those studies.
2.2 Medium-Mn 3G AHSS
2.2.1 Alloy Design

Medium-Mn steels were first studied by Grange and Hribal [23] and later by Miller [24]. Their
studies revealed that a martensitic microstructure can be obtained for a 0.1C-6Mn (wt%) steel,
even when cooled at a very slow rate (1.7 °C/min) after annealing. Moreover, a tempering heat
treatment (640 °C for 1 hour) resulted in an excellent strength/ductility balance (1144 MPa UTS

x 30.5% TE) owing to the presence of significant volume fractions of chemically stable retained
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austenite in the microstructure and the resultant TRIP effect upon deformation [24]. The
chemically stable retained austenite in these microstructures arose from the initial martensite via
an Austenite Reversion Transformation (ART) reaction, where the intercritical austenite was
chemically stabilised due to C and Mn partitioning during the tempering treatment and was
retained in the final microstructure. Recent research [17,18] on medium-Mn steels has utilised this
approach to achieve large volume fractions of chemically stable retained austenite which has a
stacking fault energy compatible with the activation of deformation twins (i.e., the TWIP effect)
and later gradually transform to martensite to activate the TRIP effect during deformation. A high
work hardening rate was sustained during deformation resulting in a high strength and ductility
combination in these steels. Hence, the alloy design of medium-Mn steels has tended to focus on
retaining and stabilising large volume fractions of chemically stable retained austenite after
intercritical annealing which can later undergo the y — o transformation through mechanical
activation.

Medium-Mn steels usually contain 5-10 wt% Mn along with 0.1-0.4 wt% C, 0.5-3 wt% Al,
0.5-2 wt% Si, 0-0.5 wt% Cr, and 0-0.22 wt% Mo. While C and Mn stabilise austenite [25], high
alloy C contents can deteriorate weldability, which is used extensively for joining the automotive
body parts [14]. Si is added as a solid solution strengthener [26] which also delays carbide
precipitation [25], thereby assisting in the formation of retained austenite. However, the formation
of film-type SiO; at the steel surface during annealing in standard N2—(5-20)Hz2-xH20 (vol%)
process atmospheres is detrimental to reactive wetting and coating adhesion [27]. To avoid this
issue, Si can be partially replaced by Al in these steel grades as Al also delays carbide precipitation
[27,28,29,30]. However, in terms of solid solution strengthening, Al is less potent compared to Si

[26]. Cr and Mo are added to improve hardenability [31,32]. Furthermore, based on the beneficial
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effect of surface active element (Sn, Sbh, and Bi) micro-alloying on the selective oxidation and
reactive wetting of low-alloy Si-containing TRIP steels [33-36], Sn micro-alloying has been
investigated recently for a model medium-Mn steel [22,37].

It should be noted that the above alloying elements have a significant effect on the critical
transformation temperatures (Acz, Acs, and M) of these steels [38], as shown in Figure 2.2. Higher
Ac: and Acz temperatures can lead to faster austenite reversion kinetics during intercritical
annealing and make the annealing parameters compatible with CGL (i.e., shorter holding time at
intercritical annealing temperature) [14]. Hence, alloying elements such as Si, Al, and P play a
vital role in this regard along with other above-mentioned benefits. Furthermore, M, temperature
should be lowered in order to improve the stability of the retained austenite. In that regard, alloying
elements such as C, Mn, Si, Cr, Mo, Ni, and Nb are considered during alloy design as they can

lower the M, temperature of medium-Mn steels (Figure 2.2) [38].
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Figure 2.2: Influence of alloying elements on the TTT curve of ferrous alloys [38].
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2.2.2 Strengthening Mechanisms

The high strength/ductility balance of medium-Mn steels is usually achieved through
several strengthening mechanisms operating during deformation. Depending on the steel
chemistry and annealing parameters, solid solution strengthening, grain refinement, precipitation
strengthening, and plasticity enhancing mechanisms have been reported for medium-Mn steels
[15,17-19,39]. In particular, plasticity enhancing mechanisms (TWIP and TRIP) are important in
terms of achieving the target mechanical properties for 3G AHSS. Successful activation of the
TRIP/TWIP effect can maintain high work hardening rates during deformation and delay the onset
of necking, resulting in a superior combination of high strength and ductility. The following

section will discuss these two plasticity enhancing mechanisms in detail.

2.2.2.1 Transformation Induced Plasticity (TRIP) Effect

Retained austenite with suitable chemical and mechanical stability will transform gradually
to martensite during plastic deformation and result in a sustained high work hardening rate in 3G
AHSSs via two mechanisms [40]: the first being the formation of harder martensite phase from
the retained austenite which provides dynamic composite strengthening; the second is the
formation of dislocations in the surrounding phases due to the volume expansion associated with
martensite formation. These dislocations, known as “geometrically necessary dislocations”
(GNDs), along with dislocations in the adjacent ferrite grains, improve the local strength of the
ferrite grains. The presence of these newly formed GNDs was confirmed by the transmission
electron microscopy work on a low alloy TRIP steel by Jacques [40].

Spenger et al. [41] summarised the dislocation density evolution in TRIP-assisted steels

and compared it with mild and DP steels. As shown in Figure 2.3, the incremental work hardening

rate (2—‘:) in conventional mild steels is equal to the change in stored dislocation density (Aps). In
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other words, the work hardening rate would increase incrementally when the stored dislocation

density increased. However, GNDs are produced alongside the stored dislocations in DP steels
with hard martensite islands in a soft ferritic matrix. As a result, the i—‘: in DP steels would be

significantly higher compared to the conventional mild steels owing to the contribution from both
the stored dislocation and the GND densities (Aps + Apgeom)- IN addition to these, more mobile
dislocations are generated in TRIP-assisted steels during the deformation-induced austenite to
martensite transformation due to the associated volume change, as shown in Figure 2.3.
Consequently, high work hardening rates are maintained due to the high mobile dislocation
densities (i.e., Aps + Apgeom + Apmare) IN TRIP-assisted steels. However, the work hardening
rate also depends on the transformation kinetics of the retained austenite i.e., its stability during
deformation. A gradual transformation of the retained austenite is required in order to sustain a
high work hardening rate [42,43]. In that regard, the morphology of the retained austenite plays a
key role as it has been concluded by several researchers [18,19,43,44] that lath or film-type
retained austenite is more chemically and mechanically stable compared to blocky retained
austenite owing to higher C content and increased hydrostatic pressure from the surrounding

phases.

18



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

Single Phase (Mild): Dual Phase- TRIP-
........ Steel  ..i.....Steel Steel
; oy gl Iy s
c 2l i L 2N T
] > o 7 ‘
‘-% ‘ v W |SIenNiE
o) Martensite :
5 l
i

AR Lt %/Martensite

Ao i Ao : Ao
A},‘ = Ap; _EAPS+APM _ngps+ApGea-+Ap"m

Figure 2.3: Schematic of the evolution of dislocation density in mild, DP, and TRIP steels where
i—z = incremental work hardening rate, Ap, = change in stored dislocation density, Apgeom =

change in geometrically necessary dislocation density, and Apy.+ = change in dislocation

density from deformation-induced austenite to martensite transformation [41].

The transformation of austenite to martensite can be stress or strain activated depending on
the temperature range where the transformation is occurring. Olson and Cohen [45] classified these
transformation temperature ranges in a ferrous system, which can be explained by analysing the
schematic diagram shown in Figure 2.4. Spontaneous transformation of austenite to martensite is
observed when the temperature is below M, due to thermal activation. In the case where the
temperature is between the M, and M (the stress-induced martensite start temperature), the
austenite to martensite transformation takes place when the sum of the mechanical energy due to
an externally applied stress and the chemical driving force exceeds a critical activation energy.
This type of transformation is known to be “stress-activated” martensite transformation. On the
other hand, within the MJ and M, (deformation induced martensite temperature) range, “strain-

activated” martensite transformation occurs due to the applied stress exceeding the yield stress of
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the parent austenite. And finally, above M, austenite deforms plastically instead of transforming

to martensite.
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Figure 2.4: Schematic showing the temperature range for stress and strain activated austenite to

martensite transformation [45].

However, McDermid et al. [43] showed that it is possible to model retained austenite to
martensite transformation kinetics of conventional low alloyed TRIP-assisted steels as a function
of the normalized flow stress. The authors compared their model with the strain-based model of
Olsen and Cohen [45] and suggested that retained austenite to martensite transformation is stress-
induced for temperatures above MZ (the temperature at which the stress required to initiate
martensite transformation equals the yield strength of parent austenite). The stress-induced model
is less complex compared to the strain-induced models. Moreover, stress is a state function, i.e., it
is path independent.

Bhadhon et al. [18] reported a high strength and ductility combination for a prototype medium-
Mn steel (0.2C-6Mn-1.5Si-0.5AI1-0.5Cr wt%) with a martensitic starting microstructure that were
intercritically annealed with CGL-compatible parameters. The authors reported that plasticity

enhancing mechanisms (both TRIP and TWIP) were operative during deformation, which assisted
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in sustaining high work hardening rates and delayed the onset of necking. Interrupted tensile test
results confirmed the gradual transformation of retained austenite to martensite and successful
activation of the TRIP effect during deformation. It was concluded that sufficient TRIP and TWIP
effect along with other strengthening mechanisms can result in superior strength/ductility
combinations (UTS x TE > 30,000 MPa%) which met 3G property targets for their prototype
medium-Mn steel. Gradual transformation of chemically stable retained austenite to martensite
also resulted in attaining 3G AHSS target mechanical properties in a medium-Mn steel (0.15C-
6Mn-1.9AI-1Si wt%) investigated by Pallisco and McDermid [19]. The authors reported that high
work hardening rate was sustained during deformation owing to successful activation of plasticity
enhancing mechanism (marked by arrows in Figure 2.5b)) and gradual transformation of retained

austenite to martensite (Figure 2.5c)).

14000

1400 +— T T T T

9; 12000 ——CR-BE5°C| |
_ 1200 4 B et e VIF-665° C
a !‘5 10000 MF-710°C| |
E 1000 ] ﬁ B ﬁ |—— MF-740°C
a © 8000 ]
o | @
5 800 T o
2 2 8000 4
5 600 . 5
2 T 4000 g
o . T 1
c 400 ——— CR-565°C |
w e MF-665°C S 20004 w |
200 MF-710°C = lf"v“l
- MF-740°C 0 i
0 . . . i . T T T T T
0.00 005 010 015 0.20 025 0.00 b 010 015 b.20
True Strain

Engineering Strain

a)

21

b)



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

o
w
”

T

CR-665°C
MF-665°C
MF-710°C
MF-740°C

0.30

Volume Fraction of Retained Austenite

T 1 Ll T
0.00 0.058 0.10 0.15 0.20 0.25
True Strain

c)
Figure 2.5: a) Engineering stress vs. strain curves, b) corresponding work hardening rate vs. true
strain, and c) retained austenite transformation kinetics of a medium-Mn steel (0.15C-6Mn-
1.9Al-1Si wt%) with cold-rolled (CR) and martensite-ferrite (MF) starting microstructures

intercritically annealed at different temperatures [19].

2.2.2.2 Twinning Induced Plasticity (TWIP) Effect

The second plasticity enhancing mechanism that can be operative alongside the TRIP effect
in medium-Mn steels is the TWIP effect. When the room temperature stacking fault energy (SFE)
of retained austenite was within a certain range ~15-45 mJ/m?, the TWIP effect can be observed
[46]. Pallisco and McDermid [19] reported the presence of deformation nano-twins alongside the
TRIP effect by analysing the interrupted tensile test samples of a medium-Mn steel (0.15C-6Mn-
1.9AI-1Si wt%) using TEM, as shown in Figure 2.6. The SAD patterns clearly revealed the
presence of twin spots in the retained austenite, marked with the red arrows in the inset SAD

patterns (Figure 2.6).
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Figure 2.6: TEM images from the MF-710 °C condition after 0.05 true strain deformation: (a) BF;
(b) DF corresponding to < 022 >y with inset SAD pattern corresponding to [111]y. For fracture: (c)

BF; (d) DF corresponding to < 002 >y with inset SAD pattern corresponding to [110]y [19].

Strengthening due to the TWIP effect is related to the so-called “dynamic Hall-Petch
effect” created by the deformation twins. Deformation or mechanical twins form due to the passage
of Shockley partials along every successive {111} plane. These twin boundaries divide the grains
into smaller parts, decreasing the dislocation mean free path, as shown in Figure 2.7 [47]. As a

result, the strength of material increases in a similar manner as the grain size refinement.
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Figure 2.7: Schematic showing how twins decrease dislocation mean free path [47].

Lee and De Cooman [39] investigated a Fe-0.3C-10Mn-3AlI-2Si (wt%) steel and found that
800 °C intercritical annealing temperature resulted in an excellent mechanical property balance
(i.e., 1200 MPa UTS and 60% TE). High work hardening rates were sustained during deformation
owing to both TWIP and TRIP effects working in succession. In another study by Lee et al. [17]
on medium-Mn steels with 6Mn-1.5Si-3Al (wt%) and varying C content (0.15-0.3 wt%), high
UTS x TE product (~65,000 MPa%) was obtained when both TRIP and TWIP effects were
activated during deformation. The optimal intercritical annealing temperature was selected by
considering the SFE of ultrafine grained austenite (~15-20 mJ/m?). The work hardening rate
analysis revealed two maxima suggesting more than one plasticity enhancing mechanisms at work,
i.e., TWIP and TRIP effects. The first maximum was from the TWIP effect which was followed
by the TRIP effect where o” martensite nucleated at the twin-twin intersections.

Alloying elements significantly affect the retained austenite SFE and in turn the likelihood
of the TWIP effect. Research on high Mn TWIP steels [48,49] has shown that the SFE increases
significantly with increasing Mn content in high Mn (>20 wt%) austenitic TWIP steels. C also
increases the SFE in austenitic TWIP steels. Dumay et al. [50] calculated the room temperature

SFE of a Fe-22Mn-0.6C steel with other alloying additions, shown in Figure 2.8.
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Figure 2.8: Influence of different alloying elements on the SFE of a Fe-22Mn-0.6C steel [50].

However, these SFE calculations are all based on high Mn (>20 wt%) TWIP steels. The
effectiveness of these model equations needs to be validated for medium-Mn steels. A validated
model would be able to accurately predict the SFE range for which the benefit of both TWIP and
TRIP effect can be achieved in medium-Mn 3G AHSSs. One of the promising models is the one

proposed by Saeed-Akbari et al. [51].
2.2.3 Effect of Intercritical Annealing Parameters on Mechanical Properties

Intercritical annealing temperature and holding time have significant effect on retained
austenite stability and properties in medium-Mn steels. Proper selection of the intercritical
annealing conditions can result in high volume fractions of chemically stable retained austenite.
Lee and De Cooman [52] proposed a model for selecting intercritical annealing temperatures for
a Fe-0.3C-6Mn (wt%) medium-Mn TRIP steel which would result in high volume fractions of
chemically stable retained austenite. The model was based on the C and Mn content of the
intercritical austenite as these elements are known to chemically stabilise intercritical austenite and

prevent the transformation to martensite upon final cooling to room temperature [40]. The authors
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verified the model with experimental data collected for various intercritical annealing temperatures
(600-680 °C) and annealing times (0.5-2 hours). It was found that intercritical annealing at 650
°C resulted in highest volume fractions (~0.60) of retained austenite and for temperatures above
this, the amount of retained austenite significantly decreased. The authors suggested that the
intercritical austenite was no longer chemically stable and transformed to athermal martensite
during final cooling to room temperature.

Gibbs et al. [53] investigated a Fe-7.1Mn-0.1C (wt%) steel that was annealed at different
intercritical annealing temperatures (575-675 °C) for 168 hours (Figure 2.9). The authors reported
a high UTS (1200 MPa) along with low total elongation (10%) for the steel samples annealed at
650 °C for 168 hours, as shown in Figure 2.9. It was concluded that yielding for this heat treatment
was controlled by the stress-induced austenite to martensite transformation. Moreover, this
transformation was rapid and resulted in a high initial work hardening rate. However, as most of
the retained austenite transformed at low strain, before the plastic deformation of ferrite could
begin, low work hardening rates at high strains were observed. This resulted in a high UTS with
low total elongation. On the other hand, the samples annealed at 600 °C for 168 hours showed a
significant increase in total elongation (~41.5%) with a significant decrease in UTS (~870 MPa)
compared to samples annealed at 650 °C. In the 600 °C annealed samples, yielding was first
controlled by localized plastic deformation of the strain aged recrystallized ferrite which resulted
in significant yield point elongation. After that, both the austenite and ferrite deformed plastically
and homogeneously. Moreover, a gradual transformation of austenite to martensite was also
observed in these samples which resulted in sustaining a high work hardening rate at high strains.

As a result, high strength, as well as high total elongation, was observed in the medium-Mn TRIP
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steel annealed at 600 °C for 168 hours. Consequently, a high UTS x TE product (> 36,000 MPa%)

was achieved — meeting 3G AHSS target mechanical properties — albeit at quite low strengths.
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Figure 2.9: Engineering stress vs. strain curves for a Fe-7.1Mn-0.1C (wt%) steel annealed for

168 hours [53].

Suh et al. [54] studied three different grades of medium-Mn steels (Fe-0.11C-4.5Mn-
0.45Si-2.2Al, Fe-0.075C-5.1Mn-0.49Si-2.1Al, and Fe-0.055C-5.6Mn-0.49Si-2.2Al wt%) which
were annealed at 700-780 °C for 120 s. High Al contents (>2 wt%) were used to reduce the holding
time at intercritical annealing temperature due to the fact that Al increases the Aci and Acs
temperatures (i.e., expands the intercritical annealing temperature range), resulting in rapid solute
diffusion compared to lower intercritical annealing temperatures. It was reported that the retained
austenite volume fraction increased with increasing annealing temperature up to 760 °C, followed
by a significant decrease in retained austenite volume fraction at 780 °C. It was suggested that the
intercritical austenite transformed to martensite due to low chemical stability (dilution of C and
Mn content owing to higher volume fraction of intercritical austenite formation at 780 °C) as well

as mechanical stability (i.e., the larger grain size reduced the hydrostatic pressure from the
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surrounding phases). However, the highest total elongation (~30%) was observed for samples
annealed at 720 °C. This suggested that the chemical stability of the retained austenite — which can
be quantified with the retained austenite C and Mn content — also played a vital role, along with
retained austenite volume fraction, in determining the mechanical properties of these annealed
medium-Mn steels. Moreover, significant yield point elongation was observed for all samples. It
was suggested that high Al content resulted in significant volume fractions of recrystallized coarse
ferrite which deformed plastically before the austenite to martensite transformation, resulting in

significant yield point elongation.
2.2.4 Effect of Starting Microstructure on Mechanical Properties

The starting microstructure of medium-Mn steels has a significant effect on the volume
fraction of retained austenite and the resultant mechanical properties. Luo and Dong [44] examined
the martensitic starting microstructure and as-received cold-rolled microstructure of two different
steel grades (0.11C-4.87Mn and 0.17C-4.72Mn wt%) which were heat treated over a range of
intercritical annealing temperatures (635-710 °C) for 10 min followed by oil quenching. There
was a distinct difference in the retained austenite volume fractions and the corresponding tensile
properties of the steels as a function of starting microstructure. For each annealing temperature,
the martensitic starting microstructure yielded higher volume fractions of retained austenite
compared to the cold-rolled starting microstructure samples. The morphology of the retained
austenite also depended on the starting microstructure. Lamellar retained austenite was observed
for the martensitic starting microstructure whereas equiaxed retained austenite was found in the
case of the cold-rolled starting microstructure samples. It was concluded that the lamellar shaped
retained austenite was more stable owing to higher levels of C and Mn, resultant of short diffusion

distance in lamellar austenite grains compared to their equiaxed or blocky counterparts.
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Furthermore, the hydrostatic pressure from the surrounding martensitic matrix provided
mechanical stability to the lamellar retained austenite. Overall, this resulted in higher amounts of
chemically and mechanically stable retained austenite in the martensitic starting microstructure
samples. Pallisco and McDermid [19] also reported similar lamellar retained austenite with higher
chemical and mechanical stability in an intercritically annealed 0.15C-6Mn-1.9Al-1Si (wt%)
medium-Mn steel with martensite-ferrite starting microstructure.

Arlazarov et al. [55] proposed austenite reversion transformation (ART) mechanisms for
both cold-rolled (martensite + bainite) and martensitic starting microstructures by analysing a
0.1C-4.6Mn (wt%) alloy. A schematic diagram showing these mechanisms is presented in Figure
2.10. The authors reported that partial recrystallisation occurred followed by carbide precipitation
at high angle grain boundaries, such as prior austenite grain boundaries, which acted as the
austenite nucleation sites during intercritical annealing of the as-received tempered martensitic
starting microstructure. This resulted in globular microstructure containing homogeneously
distributed austenite (Figure 2.10b)). Contrastingly, carbides precipitated at low- and high-angle
lath and grain boundaries for martensitic starting microstructure, resulting in a mixed
microstructure with lamellar and globular constituents. However, as reported by Lai et al. [56], the
growth of the intercritical austenite which nucleated on the intergranular cementite particles
depends on the Mn content of cementite particle. Lai et al. [56] studied austenite growth kinetics
for a Fe-0.1C-3.5Mn (wt%) steel with spheroidized microstructure. The authors reported that the
austenite growth mode and kinetics changed from C partitioning controlled to Mn partitioning
controlled when the cementite Mn content was high (~ 25 wt%). This resulted in significantly
slower growth of the austenite. Mehrabi et al. [57] also reported similar slower austenite growth

rate controlled by Mn partitioning in ferrite (martensite) during intercritical annealing (665 °C for
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60 s) of a Fe-0.15C-5.56Mn-1.1Si-1.89Al (wt%) medium-Mn steel with cold-rolled starting
microstructure comprising cementite with 10-15 wt% Mn. By comparison, significantly faster
austenite growth was reported for martensite-ferrite starting microstructure which was controlled
by C partitioning in ferrite (martensite).

Initial martensite 1.Precipitation of carbides ~ 2.Austenite nucleation  3.Austenite growth = final
structure on martensite laths along the martensite laths double morphology
and on grain boundaries structure

NSZNINZNN 2
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Figure 2.10: Schematic diagrams of the austenite reversion processes for initial microstructures
comprising (a) fresh martensite and (b) cold-rolled martensite + bainite, as proposed by

Arlazarov et al. [55].

Furthermore, Nakada et al. [58] reported that the martensite to austenite transformation is
more rapid than that from tempered martensite, due to the fact that the martensite is highly strained
and supersaturated with carbon as it is the product of a diffusionless transformation of intercritical
austenite during quenching. Hence, less energy is required for the nucleation and growth of
intercritical austenite at the martensite lath boundaries during intercritical annealing, resulting in
the rapid reversion of the martensite to austenite. Additionally, Wei et al. [59] reported that thin
films of retained austenite might have started to grow without a nucleation barrier at martensite

lath boundaries owing to the pre-existing interlath retained austenite in the martensitic starting
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microstructure. The authors studied the growth of austenite during intercritical annealing in an as-
quenched martensitic Fe-0.1C-3Mn-1.5Si (wt%) alloy, with a higher Mn content (~3 wt% Mn)
compared to conventional low-alloy TRIP-assisted steels. It was concluded that growth of
austenite grains consisted of three distinct stages based on DICTRA simulation results. Initially,
the growth was controlled by rapid C diffusion in ferrite followed by C diffusion in austenite. The
intermediate slow growth stage, on the other hand, was controlled by diffusion of the substitutional
elements (Mn and Si) in ferrite. The final stage was characterised by very slow growth which was
controlled by the diffusion of the substitutional elements (Mn and Si) in austenite. Moreover,
excess volume fractions of austenite were observed compared to the calculated equilibrium
amounts which was linked to the slow diffusion of the substitutional elements in austenite relative
to the grain boundary migration. This suggested that the retained austenite growth was controlled
by solute drag which depended on the diffusivity ratio of the alloying elements in the parent and
growing phases, intercritical annealing temperature, and steel composition.

Shi et al. [60] studied the mechanical properties and work hardening behaviour of four
medium-Mn steels (0.2C-5Mn, 0.26C-5Mn, 0.4C-5Mn, and 0.2C-7Mn wt%) with martensitic
starting microstructures which were batch annealed at 650 °C for 6 hours. High volume fractions
(>30%) of retained austenite formed by ART was observed in all four annealed steel grades.
Moreover, tensile tests revealed an excellent strength/ ductility balance (UTS x TE > 38,000
MPa%) in the annealed samples, with the highest UTS x TE product (44,000 MPa%) being
reported for the annealed 0.2C-7Mn (wt%) medium-Mn steel. It was concluded that the presence
of high volume fractions of mechanically stable ultrafine lath-shaped retained austenite was the
main reason behind the excellent mechanical properties. The mechanically stable retained

austenite transformed gradually to martensite during deformation, resulting in a sustained high
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work hardening rate at high tensile strains. As a result, the onset of necking was delayed during

deformation, which resulted in the high strength and ductility combination.
2.3 Continuous Hot-Dip Galvanizing

Steel substrates require some form of corrosion protection before they can be exposed to the
external environment, particularly the high CI~ environments typically experienced in automotive
applications as a result of the use of de-icing salts. Continuous hot-dip galvanizing is amongst the
most cost-effective methods used by the industry for this purpose. Hence, the continuous
galvanizing/galvannealing line (CGL) has become an integral part of the automotive steel
manufacturing industry. Figure 2.11 shows a schematic of a typical radiant tube heated CGL [61].
The steel stays a relatively short time, usually 3-5 minutes depending on the line speed, in the
radiant tube heating and soaking sections of the CGL. In order to maintain the desired productivity
of the CGL, the annealing parameters have to be within these time limits while producing the
desired microstructures and mechanical property balance. However, many recent studies
[16,39,44,52,53,55,60,62] on medium-Mn steels utilised heat treatment cycles that have been
confined to long soaking times, often in terms of hours which are only suitable for batch annealing.
As a result, although those heat treatments yielded 3G AHSS target strength/ductility balances, the
long holding times render them incompatible with CGL processing windows. Therefore, it is
highly desirable to develop alloy chemistries and thermal processing schemes compatible with the

CGL thermal processing capabilities.
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Figure 2.11: Schematic of a continuous galvanizing/galvannealing line [61].
2.4 Selective Oxidation

2.4.1 Gas-Metal Reactions in the CGL Furnace

The process atmosphere in the CGL furnace is typically composed of a N>—(5-20 vol%) H>

gas mixture which has a controlled dew point or water vapour partial pressure (pH20). The dew

point controls the process atmosphere oxygen partial pressure as a function of temperature.

Oxygen partial pressure (pO2), in this case, is a measure of the relative oxidation power of the

atmosphere that is linked to the water vapour partial pressure (pH20) in a process atmosphere with

fixed Hz content and temperature (T). At the dew point temperature (Tqp), liquid water and water

vapour are at equilibrium (Equation (2.1)):

H,0,, < H,0,, 2.1)
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The standard Gibbs free energy change for this reaction (AG,,) can be calculated from Equation

(2.2), which relates the dew point temperature and the water vapour partial pressure:

H,0
AG;, =—RT, In 22229 _ _RT_InpH,0,, (2.2)

4,00

where R is the universal gas constant and a,, ,,, =1 as liquid water is assumed to be a pure

condensed species.
The process atmosphere pO. can be related to process atmosphere pH2.O and pH: at the

process temperature (Tam) according to Equations (2.3) — (2.5):

1
Ha) +502(g) < H,0, (2.3)
H.O
AGY, =—RT,. In pz—‘gz (2.4)
PH () POy
2
PH,O) (2.5)

= POy, =

—AG,
PH.( eXp{ RTatﬂ
The thermodynamic stability of a metal oxide at Tam can be determined as a function of

process atmosphere pO from Equations (2.6) and (2.7):

X 1 1
EM,+20,, < =M,0, (2.6)
y y
1
al\);I o) 1
AG,, =-RT,_, In % =-RT,. In - (2.7)
ay,, PO%y) ay,,, POy
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where M and M, O, are a general metallic element and its oxide, respectively, where the oxide is
assumed to be pure condensed species (i.e., a0, =1).

From Equation (2.7), the equilibrium process atmosphere oxygen partial pressure above

which the metal oxide is stable can be calculated as:

2

B 1
2(9) — X
v -AG,
a");'(S) exp|: RT 2'6:|
atm

Using the data from Morris [63], Jung et al. [64], and Jung [65], the thermodynamic

pO (2.8)

stability of different metal oxides as a function of annealing temperature and process atmosphere
pO:2 in a N>-5 vol% H> atmosphere was determined. The results are shown in Figure 2.12. It can
be seen that, although the atmosphere with various dew point temperatures (—30, —10, and +5 °C)
are reductive to Fe oxides, they will oxidize Al, Si, Mn, and Cr, all of which are common alloying
elements in medium-Mn 3G AHSSs. However, it should be noted that the pO2 has no physical
meaning in terms of the number of O molecules in the atmosphere, but it does have a physical
meaning in that it delineates the stability of the equilibrium between a metal and its oxide as shown

in Figure 2.12.
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Figure 2.12: Thermodynamic stability of oxides with respect to annealing temperature and

oxygen partial pressure in a N>-5 vol% H: atmosphere.

2.4.2 Internal and External Oxidation — Wagner Model

Wagner [66] was amongst the first researchers to propose a model for predicting the transition
from internal to external oxidation. The author developed the following equation for a single
crystal metallic binary A-B alloy in which A is the noble matrix and B is the ignoble solute that is

selectively oxidized to an insoluble stoichiometric oxide BOn:

1
N© - 79 *VNg’D, |* (2.9)
B,crit 2nVBOn DB

where
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N, = the critical mole fraction of solute B for the transition from internal to external

oxidation

g * = the critical volume fraction of oxide that blocks the inward diffusion of

oxygen (determined to be 0.3 by Rapp [67] for an Ag-In alloy and later determined
experimentally to be 0.2 by Lashgari et al. [68] for austenitic Fe-Mn alloys forming
MnO)

n = the stoichiometric ratio between the oxygen and metal atoms in the oxide BOn

V = the molar volume of the alloy,

Vgo, = the molar volume of the oxide BOn

N{» = the mole fraction of adsorbed oxygen at the surface

Do = the diffusion coefficient of oxygen and,
Dg = the diffusion coefficient of solute B.

Internal oxidation occurs when N, < N{®. whereas external oxidation would occur for

B,crit

N, >N . Birks et al. [69] derived and explained the Wagner equation in English as the original

B it
paper was in German. The authors stated that the selective oxidation mode is determined based on
the balance between the inward diffusion of adsorbed oxygen from the atmosphere/surface into
the substrate and the outward diffusion of the ignoble solute B from the substrate. Internal
oxidation is the result of a greater inward oxygen flux compared to the outward flux of the solute
B. On the other hand, external oxidation will occur if the outward diffusion of the solute B to the
surface is greater than the inward diffusion flux of oxygen.

Several modifications to the Wagner model have been proposed by various authors in order

to overcome the limitations of the assumptions used in the classic model. Mataigne et al. [70]
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proposed one modification by considering the fact that oxygen and alloying elements can diffuse
much faster through short circuit diffusion paths, such as grain boundaries and dislocation pipes,
than in the lattice. In their model, grain boundary oxidation was accounted for by halving the

activation energy of bulk diffusion due to accelerated diffusion at the grain boundaries:

1
7g *VNSD] exp(_QO j 2

2RT
N ericcn = o (2.10)

2nV,, Dy ex -

o] 2]

Mataigne et al. [70] further modified the model by considering an additive effect when multiple
alloying elements are present and proposed the following criterion for the internal-external
oxidation transition for a multi-solute alloy with N ignoble components:

1
1 S 2
2Ng (NDyVe, )2 ZKWJ (2.11)
N

Therefore, external oxidation will occur if the combined flux of the ignoble solutes to the surface,
given by the terms in the left-hand side of Equation (2.11), exceeds the inward flux of atomic O
into the substrate given in the right-hand side. However, the case of complex oxides such as
manganese silicates were not considered in this model.

Another limitation of the Wagner model is that the oxides are assumed to be insoluble in
the matrix. However, that is not always the case, especially for the oxidation of AHSSs where
MnO has a significant solubility in both ferrite and austenite [71]. In that regard, a modified value

of g=* = 0.2 was experimentally determined for Mn oxides in high-Mn (1.7, 3.5, and 7.0 wt%)

steels at 950 °C by Lashgari et al. [68].
Another modification to the Wagner model was proposed by Shastry et al. [72], who

considered the additive effect of solutes proposed by Mataigne et al. [70] and included a rule of

38



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

mixture component to account for the presence of two phases (ferrite and austenite) in the substrate

microstructure, as is commonly the situation seen in the intercritical annealing of AHSSs.

f {2 N [ V45, Dy Hy +(1-f ){2 NS [ V45, Dy ﬂ

B B

2{0'32”\/ f {{f [NéS)DO];l {(1— f )[N(gs)DoHa}

where f is the volume fraction of austenite. According to this model, external oxidation will occur

(2.12)

if the above inequality is satisfied.

Huin et al. [71] extended the Wagner model by using a one-dimensional finite difference
model. The authors accounted for the non-zero solubility product of the oxides along with the
oxidation of multiple solutes and the formation of complex oxides. However, it was necessary to
use known precipitates as the first trial hypothesis in order to minimize the number of iterations
needed to evaluate thermodynamic equilibrium. Leblond et al. [73] further extended the Huin et
al. model by considering the formation of complex, non-stoichiometric precipitate phases and
improved grain boundary conditions.

The shortcoming of Wagner criterion was highlighted by Mousavi and McDermid [74], who
investigated the effect of process atmosphere pO2 on the selective oxidation of a 0.1C-2Mn-1.3Si
(wt%) AHSS during annealing. The authors compared experimental observations and Wagner
model predictions regarding the selective oxidation mode of Mn and Si. Although the Wagner and
the modified Wagner model of Mataigne et al. [70] were able to successfully predict the selective
oxidation mode of Mn and Si for -50 °C and +5 °C dew point process atmosphere, the
experimental results did not conform with the prediction regarding the mode of oxidation of Si for

the —30 °C dew point N>—5 vol% H> process atmosphere.
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2.5 The Zn(Al, Fe) Bath and Reactive Wetting

The quality of the galvanized coating in AHSSs depends on the successful wetting of the
steel substrate by the liquid Zn and type of reaction product that form at the steel/coating interface
during galvanizing. Hence, it is important to discuss the fundamentals of wetting under different
thermodynamic conditions. Aksay et al. [75] reported that the degree of wetting of a solid by a
liquid phase, in a solid (s)-liquid (I)-vapor (v) system can be defined based on the conditions of
thermodynamic equilibrium (i.e., minimisation of the free energy). Under chemical equilibrium
condition and neglecting gravitational forces for a small enough liquid drop, the degree of wetting
or non-wetting of a solid by liquid can be defined by Young’s equation [ 76], equation (2.13), which
shows the relationship between the horizontal components of the interfacial tensions (y) of each
two phases:

Ysv =7 = coséd (213)

where @ is the equilibrium contact angle, as shown in Figure 2.13.
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Figure 2.13: Components of forces present in a solid-liquid-vapor system with an (a) acute and

(b) obtuse contact angle. B is the balancing force equal and of opposite direction to yw [75].

Under chemical equilibrium conditions, the free energy changes in the system are directly
related to the changes in the interfacial areas. For these conditions, the wetting of the solid occurs
when the contact angle (6) is acute, i.e., when ysy > ys 0Or piv. Contrastingly, the condition of non-
wetting occurs when the contact angle (6) is obtuse, i.e., when ysy < s OF .

Under chemical non-equilibrium conditions, free energy changes depend on both changes in
mass and the interfacial areas. Initially, the chemical reaction is confined to the mass transfer
through the interface, which reduces the interfacial free energy and in turn, the free energy of the
system by —AG/A; where AG is the change in the free energy and A is the interfacial area. The
chemical reaction proceeds into the bulk region by diffusion following its completion at the
interface, during which the values of interfacial tension and the specific interfacial free energy
increase until a static value is reached, and the reaction is completed. This chemical non-

equilibrium condition is encountered during continuous hot-dip galvanizing. The type of chemical
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reaction and in turn, the reaction product/intermetallics formed at the steel/coating interface
depend on the galvanizing bath composition, temperature, and immersion time.

A galvanizing bath containing pure Zn would result in a coating consisting of several layers
of brittle Fe-Zn intermetallics which would deteriorate the coating quality. Hence, small amount
of Al is added to the continuous galvanizing bath to temporarily inhibit the formation of the brittle
Fe-Zn intermetallics. The continuous galvanizing bath typically contains 0.15-0.25 wt% dissolved
Al which is required to form the FeoAlsZny interfacial layer as a product of reactive wetting — often
referred to as the “inhibition layer” in the literature — to temporarily “inhibit” or block the
formation of brittle Fe-Zn intermetallics at the bath/substrate interface [77]. The formation of Fe-
Al intermetallics is thermodynamically and kinetically favoured due to the greater driving force
compared to that of Fe-Zn intermetallics [78]. As a result, the formation of brittle Fe-Zn
intermetallics is temporarily “inhibited”. It should also be noted that the term “dissolved” refers to
the Al in solution in the liquid phase and not the Al which participated in forming intermetallic
precipitates. Fe is also present in the Zn bath due to Fe dissolution from the steel strip as the strip
is not in thermodynamic equilibrium with the bath upon immersion [77].

The Zn-rich corner of the Zn-Al-Fe phase diagram at 460 °C [79] is shown in Figure 2.14. It
can be seen that, depending on the bath composition, various intermetallic phases can precipitate
due to the limited solubilities of Fe and Al in Zn. With increasing Al content, the equilibrium
configuration of the bath changes from L + {-FeZnis to L + 6-FeZnio and then to L + n-Fe2AlsZny.
As the continuous galvanizing bath usually contains 0.15-0.25 wt% dissolved Al, the L + n-
Fe>AlsZny equilibrium configuration is the most relevant one for the CGL. The bath approaches
metastable equilibrium — as described by the BCC — Liq equilibrium in Figure 2.15, showing the

metastable Fe solubility limit far exceeds the bath equilibrium solubility limit — in the vicinity of
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the steel strip upon immersion into the bath due to solid Fe not being in equilibrium with the Zn-
Al-Fe bath. As a result, continuous Fe dissolution occurs from the immersed steel strip such that
there is local supersaturation of Fe adjacent to the steel strip (Figure 2.15). This is followed by the
nucleation and lateral growth of the n-Fe;AlsZnx or {-FeZn13 on the steel surface depending on the
amount of dissolved aluminium of the zinc bath as the global equilibrium configuration of the zinc
bath must be obeyed in the longer term. It should be noted that the formation of (-FeZniz is
favoured over 6-FeZnio kinetically owing to the well-known epitaxial relationship between (-
FeZnizs and a-Fe [77]. For a 0.2 wit% dissolved Al bath, commonly employed in industrial
continuous galvanizing baths, the bath will be supersaturated with respect to Fe,AlsZny such that

the dissolved Al in the bath is determined from the tie-lines (Figure 2.14) [80].

0.08 + W
= = h 0 1
L+ C + (‘5“ -~ o 7 : T - 460 C 1
I "% L+&, +1,
0.06 + e
—~~~ L +
S
L+n,
S oo+
® L
LL 15
S | a,=0.002
0.02 + : Liquid
b ag,=0.001
a,=0.005 a,=0.01 a,~0.015 a,=0.02 a,=0.025 —~—]
I M-K-T (20086)
0.00 t } : } c
0.00 0.05 0.10 0.15 0.20 0.25

w,, (Wt%)

Figure 2.14: Zn rich corner of the Zn-Al-Fe ternary system at 460 °C in Cartesian coordinates;
the dotted lines indicate the isoactivity lines of Al and Fe in the liquid phase; L is liquid, { is

FeZnys, 6 is FeZnio, and n is Fe2AlsZny [79].
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Figure 2.15: Supersaturation of Fe in the Zn(Al, Fe) bath at 450 °C [80].

Tang [81] modelled the inhibition layer formation and reported it to be a two stage process.
The first stage is nucleation controlled and associated with a high rate of Al uptake. There is
virtually no heterogeneous nucleation barrier (~0.94 eV) for Fe;Als formation on the steel
substrate. The second stage is a diffusion controlled growth stage where the rate controlling step
is the long range diffusion of Al in the bath. The steps of inhibition layer formation on an IF steel
during galvanizing in a 0.2 wt% Al bath were experimentally investigated by Chen et al. [82] who
also reported that the growth of the interfacial layer was diffusion controlled. As mentioned earlier,
Fe dissolution occurs from the steel strip when the steel is first immersed in the galvanizing bath,
followed by nucleation and growth of metastable FeAls. A compact layer comprising fine crystals
of FeAls phase is formed on the steel substrate, as shown in Figure 2.16. This compact layer
inhibits further dissolution of Fe from the steel substrate. However, Fe continues to diffuse towards

the Zn bath through the intermetallic layer while Zn and Al diffuse towards the steel substrate. As
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the reaction proceeds, the metastable FeAls begins to transform to Fe2AlsZny, in order to conform
with the local equilibrium (Figure 2.14), per the following reaction,

FeAl, + 2Al(bath) + Fe(substrate) + xZn(bam) — Fe,Al.Zn, (2.14)

This is followed by the growth of an upper, coarser layer of Fe,AlsZny precipitating from the
supersaturated bath alongside the continued transformation of FeAls to Fe>AlsZny such that the
final morphology of the interfacial layer is comprised of a two layer structure (Figure 2.16). The
lower layer is a compact layer of fine and preferentially oriented (i.e., the {200} planes orient
parallelly to the substrate surface) FeAlsZny crystals and the top layer consists of coarse,
elongated, and randomly oriented Fe>AlsZny crystals, as shown in Figure 2.17 [83]. It should be
mentioned that as these reactions happen very rapidly, and the nucleation of the Fe-Al phases has

not yet been captured experimentally.
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Figure 2.16: Steps in inhibition layer formation on an IF steel galvanized using a 0.2 wt%

dissolved Al bath [82].
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(b)

500 nm
Figure 2.17: Fe-Al interfacial layer morphologies observed at the interface of commercial ultra-
low-carbon steel galvanized in a 0.18 wt% Al bath: (a) small equiaxed crystals and (b) coarse

elongated crystals [83].

However, the Fe>AlsZnx inhibition layer is not kinetically stable and will eventually break
down if the steel strip is exposed to the liquid bath long enough for Zn diffusion through the
inhibition layer [77,83]. FeZniz will nucleate and grow outward from the interface when the
interface is saturated with Zn. This usually happens at fast diffusion sites, such as co-incident grain
boundaries or triple points. Inhibition breakdown can be problematic as the formation of brittle
FeZn13 outbursts can be detrimental to coating quality. Chen et al. [82] showed that the dissolved
Al content in the galvanizing bath has a significant effect on the inhibition layer breakdown. The
authors reported that inhibition layer breakdown and formation of (-FeZniz occurred within
immersion times associated with industrial galvanizing for a Zn bath containing 0.13 wt%
dissolved Al. Contrastingly, a robust Fe;AlsZny inhibition layer formed at the steel/coating
interface for a galvanizing bath containing 0.2 wt% dissolved Al. Similar effect of low dissolved
Al content (< 0.15 wt%) on the inhibition layer breakdown was also reported by Baril and
L’Espérance [83]. This suggests that the inhibition layer breakdown within commonly used CGL

immersion time is much more difficult for galvanizing bath containing higher dissolved Al.
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2.6 Selective Oxidation and Reactive Wetting of AHSSs

A thermodynamic model to predict the selectively oxidized species based on temperature,
process atmosphere pO2, and the Si/Mn ratio of the steel was developed by Suzuki et al. [84]. The
authors considered the suppression of SiO> film formation to be the necessary condition to achieve
good reactive wetting in the CGL. The model was validated by overlaying some reactive wetting
results from the literature on the predictions based on the Suzuki et al. [84] model, as shown in
Figure 2.18. It was concluded that it was impossible to avoid the deleterious SiO2 film formation
regardless of the process atmosphere pO. when the Si/Mn > 1. For a Si/Mn = 1, a dew point of -5
°C or greater was required in a N>-5vol% H» atmosphere to stabilise MeSiO3 + Me,SiO4 (where
Me = Mn or Fe) instead of SiO,. On the other hand, a dew point of —25 °C to —10 °C in a No—
5vol% H. process atmosphere, compatible with industrial CGLs, is enough to completely suppress
SiO; formation and stabilise the system in the desired MeSiOz + Me2SiO4 two phase region when
the substrate Si/Mn ratio < 0.5. However, there were some disagreements to the thermodynamic
model as it was unable to predict some of the critical factors in reactive wetting such as oxide
thickness, morphology, and spatial distribution. For example, Bellhouse and McDermid [29]
successfully galvanized a TRIP-assisted steel with conventional CGL parameters where the Si/Mn
= 1. The authors attributed this to the widely spaced, nodular type MnO-Mn,SiO4/MnSiOsz oxides
on the steel surface. The desired Fe>AlsZny layer was able to form between the nodules and resulted

in high quality galvanized coating.
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Figure 2.18: The relationship between oxide species and wettability by molten Zn for process
atmosphere oxygen potential at 850 °C in a N>-5vol% H2 atmosphere for steels with Si content

of 1 wt% and Mn content of 0.01-3 wt%; Me = Mn or Fe [84].

A mechanism for the formation of a well-developed interfacial layer regardless of an
external MnO layer was first proposed by Khondker et al. [85]. It was hypothesised that
aluminothermic reduction of external MnO can occur by the bath dissolved Al during immersion

in the Zn(Al, Fe) bath, per Equation (2.15):

3MNO + 2[Al] —> 3[Mn] + ALO, (2.15)
where [X] denote species in solution. This mechanism was later validated by Kavitha and
McDermid [86], who observed a significant reduction in MnO thickness during immersion in a
0.20 wt% Al (dissolved) galvanizing bath. It was determined that the aluminothermic reduction
reaction followed linear kinetics where it could be drawn from the presented data that the MnO
layers less than 85 nm in thickness can be reduced within the common CGL dipping time of 4 s,

allowing the bath metal to have access to the underlying Fe substrate such that the FeoAlsZny
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reaction (equation (2.14)) can proceed, and reactive wetting can occur. This is one of the
contributing reactive wetting mechanisms that makes it possible to galvanize relatively simple DP
and TRIP steels [27,29,85]. Moreover, Liu et al. [87] reported that the AG for possible
aluminothermic reduction of simple oxides such as MnO, Cr203, SiO, P-Os, and Fe»Oz at 460 °C
are negative, implying that aluminothermic reduction of these oxides is thermodynamically
feasible. However, the authors did not address whether the aluminothermic reduction of these
simple oxides was kinetically feasible.

Pourmajidian [88] successfully galvanized a model Fe-0.1C-6Mn-2Si (wt%) steel and
obtained good reactive wetting and high quality Zn coating with CGL-compatible processing
parameters. This was obtained under the combined use of high process atmosphere pO2 and a 0.05
wt% addition of Sn as a surface active element. Under these conditions, a widely spaced
distribution of globular oxides with minimal surface coverage by external MnO was observed,
which then contributed to improve reactive wetting upon immersion. Several bath-metal reactions
and wetting mechanisms were characterised by TEM+EELS analysis of the Fe-Zn interface.
Infiltration of the molten bath and oxide lift-off along with the aluminothermic reduction of surface
MnO allowed for partial/full formation of the desired FeoAlsZny layer at the interface.

Recently, Pallisco [89] reported successful reactive wetting during galvanizing a Fe-0.15C-
6Mn-1.9AI-1Si (wt%) medium-Mn steel following a two stage heat treatment containing a
martensite-ferrite (MF) heat treatment at 890 °C for 600 s and intercritical annealing at 710 °C for
120 s. Pallisco and McDermid [19] previously reported that this thermal processing route was also
successful in achieving 3G AHSS general target mechanical properties (UTS x TE > 24000
MPa%). Pallisco [89] summarised the evolution of the substrate surface during the two stage heat

treatment and subsequent galvanizing in a schematic diagram, shown in Figure 2.19. It can be seen
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that the MF heat treatment resulted in a thick external oxide layer with a near-surface solute-
depleted matrix (Figure 2.19b)). However, most of the external oxides were dissolved during the
intermediate flash pickling step, leaving some dispersed MnAl>O4 and extruded Fe nodules on the
surface (Figure 2.19c¢)). This surface remained unchanged during the 120 s intercritical annealing
treatment regardless of the process atmosphere pO: utilised owing to the solute-depleted layer that
formed during the MF heat treatment. This dispersed external oxide distribution and extruded Fe
nodules on the surface facilitated successful reactive wetting of the steel substrate via direct
wetting, oxide wetting, oxide lift-off, and bath metal infiltration. These reactive wetting

mechanisms were also reported in literature for successful galvanizing of AHSSs [27,29,90,91].
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Figure 2.19: Summative schematic showing the evolution of surface and near-surface structures

at each stage in the thermal cycle [89].
2.7 Improving Reactive Wetting of AHSSs

Numerous researchers have worked towards finding methods for improving the reactive

wetting of the AHSSs by the galvanizing bath. Figure 2.20 shows some of these approaches, which
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can also be applicable to the medium-Mn 3G AHSSs [33]. However, oxidation/reduction and flash
coating methods are less viable options compared to the high dew point and surface-active element
addition as they add more complexity to the process. In case of the oxidation/reduction method,
the final microstructure of the surface layer usually consists of a porous, pure iron layer with
isolated oxide particles embedded within. This can result in a relatively weak interfacial layer
formation during continuous galvanizing [92]. On the other hand, the flash coating method
involves depositing a thin layer of pure Ni, Fe or Cu prior to the annealing stage which can prevent
the formation of external oxides on the steel substrate [93,94]. However, this method is relatively

expensive, thereby limiting its application in the industrial CGL.
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Figure 2.20: Schematic of proposed methods to prevent coating defects resulting from surface

selective oxides [33].
2.7.1 High Dew Point Process Atmosphere

External selective oxidation is suppressed at high dew points owing to the greater inward flux
of oxygen compared to the outward flux of ignoble alloying elements, resulting in internal selective

oxidation. Bellhouse and McDermid [95] studied the effect of the process atmosphere pO- on the
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selective oxidation and reactive wetting of a 0.2C-1.5Mn-0.5Si-1.0Al (wt%) TRIP-assisted steel.
The authors reported good reactive wetting for the steel annealed under both the —53 °C Tqp No—
20 vol% H2 process atmosphere and the —30 °C Tap N2-5 vol% H> process atmospheres as a result
of the formation of a mixture of thin film-like and nodule-like surface oxides. The aluminothermic
reduction of the thin film-like oxides enabled the formation of the desired Fe>AlsZny interfacial
layer. However, the authors also reported that the use of a high process atmosphere (N2>-5 vol%
H>) dew point, i.e., +5 °C Tqp, resulted in the formation of relatively thick, localized film-like
oxides that acted as a barrier and prevented the complete reduction of the MnO layer by
aluminothermic reduction reaction, resulting in poor coating quality. On the contrary, Mousavi
and McDermid [91] reported good reactive wetting for a 0.1C-2Mn-1.3Si (wt%) AHSS which was
intercritically annealed at 820 °C for 120 s in a +5 °C Tgp N2—5 vol% Hz process atmosphere and
galvanized in a 0.2 wt% (dissolved) Al galvanizing bath at 460 °C for 4 s. Furthermore, Maki et
al. [96] reported that the wettability of a 0.1C-1.5Mn-1.3Si (wt%) TRIP steel was improved after
annealing in a higher dew point (+10 °C) atmosphere owing to the partial internal oxidation of Si.
Cho et al. [97] also concluded that a higher Tqp in N2—10 vol% H. process atmosphere would result
in improved wettability due to the suppression of surface oxides into the substrate (CMnSi TRIP
steel containing 2.2Mn-1.4Si wt%) during annealing.

A series of Mn-containing model steels (2.5, 3.5, and 5.1 wt% Mn) were studied by Alibeigi
et al. [20] and the effect of process atmosphere pO. on the external oxide thickness and reactive
wetting was determined. The results showed that a high oxygen partial pressure resulted in a thin
layer of external MnO film along with internal oxidation of Mn. Moreover, it was shown that
relatively significant quantities of external MnO could be aluminothermically reduced in the

Zn(Al, Fe) bath, the kinetics of which was inversely related to the external MnO layer thickness.
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Pourmajidian and McDermid [22] investigated the effect of process atmosphere pO2 on the
spatial distribution and morphology of the oxides formed during annealing of a model 0.1C-6Mn-
2Si (wt%) medium-Mn AHSS at 690 °C. The results showed that a +5 °C dew point process
atmosphere (N>-5 vol% H>) pO: yielded a steel surface with nodule-like MnO particles with thin
films in between the nodules, as shown in Figure 2.21. This thin and widely spaced external MnO
nodules along with a substantially lower surface coverage by the oxides were determined to be the
key contributors to the successful reactive wetting and formation of Fe;AlsZny intermetallics. As
a result, high quality galvanized coating with very few bare spots was achieved for the +5 °C dew

point process atmosphere pO2 (Figure 2.22).

Figure 2.21: SEM of the pre-immersion surface oxides formed on a Fe-0.1C-6Mn-2Si steel

intercritically annealed at 690 °C for 120 s in N>-5vol%H. process atmosphere [22].
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Figure 2.22: Photographs of uniform coating area of the galvanized Fe-0.1C-6Mn-2Si steel

panels which were intercritically annealed at 690 °C for 120 s in N>-5vol%H: process

atmosphere [22].

2.7.2 Surface Active Element Addition

Another successful method to improve reactive wetting of AHSSs is suppressing the
oxidation reaction and modifying the morphology of the oxides by minor additions of surface
active elements, such as Sn, Sb, and Bi. A study by Zhang et al. [98] showed that Sb addition in
TRIP-assisted steels resulted in a significant decrease in internal oxidation and decarburization
rate as well as a reduction in the extent of surface oxidation. It was suggested that Sb could have
occupied the adsorption sites on the surface and reduced the inward flux of oxygen to the
subsurface. Seah [99] investigated the grain boundary segregation of various elements and
suggested an equation to determine the degree of grain boundary or surface segregation of solute

atom A in solvent atom B:

In 37 ={24(T ~T77)+1.890+ M 4.64x10"a (3, ~a, )| + RT £1.29 (2.16)

where T is the temperature, T," and T are melting temperatures of the pure solids A and B,

respectively, Q is the mixing enthalpy of A and B, a,and a, are the atomic sizes of A and B,
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respectively. According to Tsai et al. [100] the value of M is 1 when a, >a, and O when a, <a,

. The authors showed that the elastic strain energy in the case of an undersized solute atom is
negligible compared to an oversized solute atom. The driving force for this surface segregation is
the reduction of surface energy when solute A segregates to the surface. There are two factors in
this equation that contribute to this driving force. One is the difference in melting temperature of
A and B, which can be measured accurately and are also related to the surface energy reduction.
Another is the atomic size difference which affects the driving force due to surface segregation
lowering the elastic strain energy in the matrix lattice resulting from the atomic size mismatch of
solute A and solvent B. Considering these two factors, Cho et al. [33] plotted the melting point of
various elements as a function of their atomic size (Figure 2.23) and suggested that Sb, Bi, and Sn
can be credible candidates as surface active elements in steels. Furthermore, the authors
investigated the effect of Cr, Ni, Ti, Cu, and Sn on the selective oxidation and reactive wetting of
a0.1C-1.6Mn-1.5Si (wt%) TRIP steel and concluded that Sn had the most significant influence on
improving reactive wetting. Minor addition (0.05 wt%) of Sn modified the morphology of the
surface oxides from film-like to lens-shaped particles. The lens-shaped oxide particles allowed Fe
and dissolved Al to easily react and form the Fe,AlsZny interfacial layer at the areas in between
the oxide particles. These areas were covered with thinner film-like oxide layers which facilitated

successful reactive wetting through aluminothermic reduction and oxide lift-off.
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Figure 2.23: Melting temperature of different elements as a function of their atomic sizes [33].

Cho et al. [101] conducted a detailed study with varying amounts of Sn (0.05-1 wt%) to
identify the mechanism responsible for modification of the selective oxide morphology in
intercritically annealed CMnSi TRIP-assisted steels. The surface of the reference alloy (without
Sn) was covered by a thick granular Mn-rich oxide and a thinner Si-rich film-type oxide. Although
the 0.05 wt% Sn alloy still contained a thick granular Mn-rich oxide layer, the morphology of the
Si-rich oxides changed from film-type to elongated or lens-shaped ones. However, the granular
Mn-rich oxide layer was not observed in the 0.5 wt% Sn and 1 wt% Sn containing alloys. Only
lens-shaped Si-rich oxide islands were observed in the 0.5 wt% Sn alloy whereas the 1 wt% Sn
alloy had lens-shaped oxide islands and film-type Si-rich oxide layers. EDS elemental mapping
confirmed that Si was mainly present at the base of lens-shaped oxide whereas Mn was
concentrated at the oxide lens surface, as shown in Figure 2.24. The regions underneath the lens-
shaped and film-type oxides were enriched with Sn. It was concluded that Sn enrichment at the
surface and the interface of the steel/oxide during annealing changed the surface energy of the
substrate and interfacial energies, respectively, resulting in the change in morphology of the Si-

rich oxides to lens-shaped islands. Moreover, the change in the chemistry of the surface oxides
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was also related to the segregation of Sn at the surface. This surface segregated Sn occupied

potential adsorption sites for oxygen and reduced the oxygen permeability of the surface.

0.0 wt. % 100 0.0 wt. % 100 0.0 wt. % 20

Figure 2.24: EDS elemental mapping of a lens-shaped xXMn0O.SiO; oxide formed on 1 wt% Sn

added TRIP steel during annealing [101].

Pourmajidian [88] explored the desirable effect of minor Sn addition (0.05 wt%) on
selective oxidation and reactive wetting of a model 0.1C-6Mn-2Si (wWt%) medium-Mn steel.
Significantly slower external and internal oxidation kinetics were observed owing to Sn
segregation to the surface (~10 times compared to its bulk composition) of the annealed samples
as shown by atom probe tomography (APT) analysis (Figure 2.25). However, Mousavi et al. [36]
reported significantly higher (~150 times compared to its bulk composition) Sn segregation at the
oxide/substrate interface during intercritical annealing of a 0.1C-2Mn-1.7Si (wt%) AHSS at 840
°C for 600 s with —50 °C dew point N>-5 vol% H> process atmosphere. Although the annealing
parameters were different in those studies, the difference in Sn segregation most likely be
attributed to the co-segregation effect of the other alloying elements. Nevertheless, Pourmajidian
[88] reported widely spaced, fine, and discrete external oxide nodules on the intercritically

annealed Sn-added steel. The author also reported that such an external oxide morphology and
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distribution were sufficient for the aluminothermic reduction mechanism to be effective. As a
result, a compact and continuous Fe;AlsZny interfacial layer formed during galvanizing resulting

in high quality galvanized coating.
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Figure 2.25: APT analysis of the surface oxide/metal interface of the Sn-added steel annealed for
600 s under the —30DP atmosphere (a) 3D atom map of Fe, Mn, Si and 15 at pct Mn isosurface,
(b) 5 nm thick 2D section of the reconstructed needle showing the enrichment of alloying
elements in the surface oxide and (c) proximity histogram (proxigram) revealing the 1D

concentration profiles normal to the isosurface marked with an arrow in (a) [88].

Pourmajidian [88] conducted TEM+EELS analysis of the zinc/steel interface in order to
identify the reactive wetting mechanisms. Figure 2.26 and Figure 2.27 show the results for the
reference (0.1C-6Mn-2Si wt%) and Sn-added (0.1C-6Mn-2Si-0.05Sn wt%) model medium-Mn

steel which were annealed at 690 °C for 120 s with —30 °C dew point N>-5 vol% H> process
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atmosphere, respectively. It was concluded that the reference steel had fewer Fe-Al intermetallics
at the interface due to either a thicker oxide layer or a larger surface area covered by the oxides.
However, good reactive wetting was still observed in the reference steel owing to liquid bath alloy
penetration to the steel substrate through the existing gaps or discontinuities in the external MnO
layer, resulting in significant oxide lift-off and exposure of the metallic iron of the substrate to the
galvanizing bath. In comparison, the Sn-added steel had a more compact and continuous inhibition
layer formation at the zinc/steel interface, as shown in Figure 2.27. This was attributed to the
thinner, finer, and globular morphology of the widely-spaced oxides on the surface prior to
immersion. The external MnO was sufficiently reduced by the dissolved Al in the bath, resulting
in full formation of a compact and continuous Fe>AlsZny interfacial layer and excellent coating

quality in the Sn-added model medium-Mn steel.

Nodules

Figure 2.26: (a) SE-FIB image, (b) DF-STEM image and (c) color overlay EELS map showing a
nodule-like reaction site and the different reaction products formed at the zinc/steel interface of
the galvanized reference steel (0.1C-6Mn-2Si wt%) annealed under the —30DP process

atmosphere prior to immersion [88].
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Figure 2.27: (a) SE-FIB image, (b) DF-STEM image and (c) color overlay EELS map showing
the reaction products formed at the zinc/steel interface of the galvanized Sn-added steel (0.1C-

6Mn-2Si-0.05Sn wt%) annealed under the —30DP process atmosphere prior to immersion [88].
2.8 Summary

To conclude this chapter, although medium-Mn steels are one of the extensively researched
3G AHSSs, most of the research is being conducted on binary or model alloys. Furthermore, the
thermal processing parameters utilised in those studies are often not compatible with CGL
processing windows. There has been also a lack of comprehensive research which studied the
mechanical property development as well as the selective oxidation and reactive wetting of
application-oriented medium-Mn steels. Moreover, recent research reported that the martensitic
starting microstructure was more robust in achieving 3G AHSS target mechanical properties for
medium-Mn steels with CGL-compatible intercritical annealing parameters. However, the effect
of two-stage heat treatment, containing austenitizing heat treatment and intercritical annealing, on
the selective oxidation and reactive wetting of medium-Mn steels needs to be investigated more

thoroughly. On the other hand, effect of surface active element micro-alloying on the mechanical
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properties of medium-Mn steels has not been studied. These outstanding questions need to be
answered for large-scale industrial production of these promising 3G AHSSs in the existing CGL

and their successful integration to the automotive industry.
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3.1 Abstract

Two prototype medium-Mn third generation advanced high strength steels (Fe-0.2C-6Mn-
1.5Si-0.5Al1-0.5Cr-xSn wt%, x = 0 or 0.05) were annealed with continuous galvanizing line (CGL)
compatible thermal processing parameters. It was found that the starting microstructure,
intercritical annealing (1A) parameters and Sn micro-alloying had a significant effect on the
volume fraction, stability, and deformation-induced transformation kinetics of the retained
austenite and, therefore, the resultant mechanical properties of the steels. It was shown that Sn
segregation at the carbide/matrix interface inhibited C diffusion and consequently, reduced carbide
dissolution and precipitation Kinetics during intercritical annealing. This resulted in lower volume
fraction of retained austenite with lower stability after intercritical annealing of the as-received
cold-rolled Sn-containing alloy. CGL-compatible IA treatments, therefore, were only able to
produce target 3G-AHSS mechanical properties in the as-received cold-rolled alloy without Sn
micro-alloying. However, the martensitic starting microstructures were more robust in achieving
the 3G-AHSS target mechanical properties for both alloys. A martensitic starting microstructure
resulted in higher volume fraction of stable retained austenite for 650 °C and 675 °C IA treatments.

Gradual transformation of this stable retained austenite to martensite (TRIP effect) and mechanical
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twinning (TWIP effect) resulted in high sustained work hardening rates during plastic deformation.
As aresult, a favourable strength/ductility balance was achieved in the prototype steels. Moreover,
Sn micro-alloying did not have a significant detrimental effect on the mechanical properties for
the martensitic starting microstructure heat treatments which achieved target 3G-AHSS properties.
This is promising in terms of developing a CGL-compatible processing route for these prototype

steels.

3.2 Introduction

Medium-Mn steels are promising candidates to achieve third generation advanced high
strength steel (3G-AHSS) mechanical property targets. A general mechanical property target range
for 3G-AHSSs was outlined by Matlock and Speer [1], where a UTS x TE product of 24,000 —
40,000 MPa% was suggested. Additionally, specific UTS and TE targets have been proposed by
the U.S. Department of Energy (i.e., 1200 MPa UTS x 30% TE and 1500 MPa UTS x 25% TE)
[2] and the AutoSteel Partnership (1500 MPa UTS x 20% TE) [3]. The high strength — ductility
balance of this new generation of advanced steels will allow the use of thinner cross-sections for
structural autobody parts — thereby helping to meet legislated fuel efficiency targets for petroleum
powered vehicles [1,4] and enabling longer battery ranges for electric vehicles — while meeting or
improving passenger safety.

Recent research [5-16] has shown that medium-Mn steels can achieve 3G-AHSSs target
mechanical properties through a variety of thermal processing routes and starting microstructures.
High strength and ductility combinations were obtained by successful activation of multiple
plasticity-enhancing mechanisms, which in turn maintained the instantaneous work-hardening rate

at high values and allowed for continued increase in both the strength and elongation by delaying

74



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

the onset of necking. Two plasticity enhancing mechanisms cited in the medium-Mn literature are
the TRansformation Induced Plasticity (TRIP) and TWinning Induced Plasticity (TWIP) effects.

In the case of the TRIP effect, chemically stable retained austenite gradually transforms to
martensite during deformation, thereby continuously introducing a strong second phase into the
microstructure while also generating geometrically necessary dislocations (GNDs) owing to the
volumetric expansion associated with the retained austenite to martensite transformation [17-19].
Both of these deformation products impede dislocation movement and assist in maintaining high
instantaneous work hardening rates. However, the activation of and transformation kinetics for the
TRIP effect depend significantly on the chemical and mechanical stability of the retained austenite.
Moreover, a balance between these factors is necessary to achieve the desired, gradual retained
austenite to martensite transformation with applied deformation and, thereby, achieve the desired
mechanical properties [5-16].

The Twinning-Induced Plasticity (TWIP) effect can also be activated if the retained austenite
stacking fault energy (SFE) falls within a nominal range of ~15-45 mJ/m? [20]. Strengthening due
to the TWIP effect is a result of the so-called “dynamic Hall-Petch effect” whereby twin
boundaries are continuously introduced into the austenite grains, thereby decreasing the
dislocation mean free path and enhancing the instantaneous work hardening rate [21-26]. Recently,
numerous reports have shown that it is possible to activate both the TRIP and TWIP effects in
medium-Mn steels when the retained austenite SFE is approximately 15-20 mJ/m? [7,13-16].

Several studies have determined that the steel starting microstructure has a strong effect on
retained austenite formation Kinetics, its volume fraction and stability during the deformation [10-
16]. It was found that a martensitic starting microstructure can result in faster austenite reversion

kinetics and higher volume fractions of retained austenite at lower intercritical annealing
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temperatures versus a non-martensitic starting microstructures [10-16]. Moreover, martensite-
derived retained austenite tends to have a very fine (less than 500 nm), lath-like morphology, which
is known to be more mechanically stable versus blocky retained austenite due to the plastic
constraints imposed from the surrounding martensite. In addition, the relatively fine lath-type
retained austenite is likely more chemically stable than blocky retained austenite due to its higher
C and Mn content arising from the shorter diffusion distances involved [10,18].

However, the annealing times used in much of the above literature were quite long, often on
the order of hours, which far exceeds the typical heating and soaking times of 3-5 minutes used by
continuous galvanizing lines (CGL) [27]. Thus, some research must be devoted to make medium-
Mn 3G-AHSS thermal treatments compatible with CGL capabilities. Furthermore, it is well
established that alloying elements such as Mn, Si, Al, and Cr will selectively oxidize in the dew
point (dp) — and, therefore, oxygen partial pressure (pO2) — controlled N>—(5-20 vol%) H> CGL
process atmosphere [28,29], where any external oxides formed can lead to poor reactive wetting
by the Zn-alloy CGL bath [30,31]. However, using a higher process atmosphere pO: (i.e., higher
dp) to promote internal oxidation, combined with micro-additions (0.05 wt%) of surface active Sn,
has been found to promote successful reactive wetting for a model medium-Mn Fe-0.1C-6Mn-2Si-
xSn (wt%) alloy [32]. However, the effect of Sn additions on the steel mechanical properties was
not determined. Thus, the objective of this investigation is to determine the effects of starting
microstructure, annealing parameters, and micro-alloying of Sn on the microstructural evolution
and mechanical properties of a prototype, application-oriented medium-Mn 3G-AHSS steel. The
global goal is to develop a CGL-compatible thermal processing route for the prototype alloy which

would meet target 3G-AHSS mechanical properties and which can be reactively wetted by a
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conventional galvanizing bath. The latter objective is beyond the scope of the present contribution

and will be addressed in a subsequent publication.

3.3 Materials and Methods

3.3.1 Starting Materials and Thermal Treatments

The chemical compositions of the prototype medium-Mn steels, as determined by

inductively coupled plasma (ICP) and combustion analysis, are shown in Table 3.1. These

prototype steels were produced by U.S. Steel R&D (Munhall, PA), the detailed thermo-mechanical

processing (TMP) route of which is shown in Figure 3.1. It should be noted that the TMP routes

and compositions of the steels are insignificantly different other than the Sn micro-addition to steel

F.
Table 3.1: Chemical Composition of the Prototype Medium-Mn 3G-AHSSs (Wt%).
Steel C Mn Si Al Cr Ti S Si/Mn
A 0.18 591 146 043 059 0.008  0.0056 0.003 0.25
F 0.19 586 151 051 049 0.010  0.0025 0.049 0.25
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Figure 3.1: Thermo-mechanical processing route of the prototype medium-Mn steels.
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Heat treatments were carried out to alter the microstructure and mechanical properties of the
as received, cold-rolled (CR) steel sheets. All heat treatments were carried out using the McMaster
Galvanizing Simulator (MGS, Iwatani-Surtec) under a N2-5vol% H>, —30 °C dew point process
atmosphere. The MGS consists of an atmosphere-controlled column with an external quartz lamp
infrared furnace — used for all heat treatments — and a cooling section comprising parallel platens
fed by N2. All heat treatments employed 120 mm x 200 mm panels such that the longitudinal axis
of the panel was parallel to the rolling direction (RD). In all cases, the sample temperature was
controlled via a 0.5 mm diameter type K thermocouple spot welded to the sample prior to heat
treatment and a conventional feedback controller. The cooling rate of the samples was controlled
by adjusting N2 gas flow in the cooling platens.

As discussed above, it has been established that a martensitic starting microstructure can
affect retained austenite evolution and the resultant mechanical properties in medium-Mn steels.
In this regard, the as-received CR starting microstructures were subjected to a 775 °C 600 s
austenitizing heat treatment, known to be above the alloy Acs temperature, as determined via
dilatometry. The samples were then gas quenched at —30 °C/s to room temperature. This resulted
in a fully martensitic (M) starting microstructure for both steels, as will be discussed below.

Both the CR and M starting microstructures were subjected to a simulated CGL heat
treatment cycle (shown schematically in Figure 3.2), where the samples were first heated to a target
intercritical annealing temperature (1AT), held isothermally at the IAT for either 60 or 120 s, and
then cooled at —10 °C/s to an overaging temperature (OT) of 460 °C, where the samples were held
for 20 s. This latter step simulates the industrial CGL practice of thermally equilibrating the
substrate with the 460 °C Zn bath [27]. Finally, the samples were cooled to room temperature at

—10 °C/s. Table 3.2 provides a summary of the heat treatment parameters used. It should be noted
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that the 1ATs were selected to produce greater than 0.5 volume fraction of intercritical austenite
during annealing, as determined from dilatometry data. It should be further noted that the sample
nomenclature used in Table 3.2 —e.g. A-CR and A-M denoting steel A with the CR and M starting

microstructures — will be employed in all subsequent discussions.

800
IAT

700

600 1 +5 °C/s -10 °C/s

500 - OT (460 °C)
400

300 - +10 °Cl/s -10 °C/s

Temperature (°C)

200

100
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0 50 100 150 200 250 300
Time (s)

Figure 3.2: Schematic diagram of the heat treatment profile.

Table 3.2: Summary of Intercritical Annealing Parameters.

IAT Holding OT Holding
Sample ID [AT (°C) OT (°C)
Time (s) Time (s)

675
A-CR

690 60, 120 460 20
F-CR

710
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650

A-M 675
60, 120 460 20

F-M 690

710

3.3.2 Mechanical Testing

All mechanical property tests used ASTM E8M-01€2 [33] sub-size uniaxial tensile
specimens (gauge dimensions = 25 mm x 6 mm). Mechanical testing samples were cut from the
uniform heating area of the intercritically annealed panels (see Table 3.2) using electric discharge
machining (EDM), where the tensile direction of the specimens was parallel to the rolling direction
(RD). EDM was used in order to avoid any induced transformation of retained austenite in the
gauge length prior to tensile testing. All tensile tests were conducted with an Instron 100 kN tensile
frame at room temperature with a crosshead speed of 1 mm/min. A conventional extensometer (25
mm gauge) was used to measure sample elongation. All intercritical heat treatment samples were
tested to failure and selected heat treatments which yielded promising properties were subjected
to interrupted tensile tests, discussed below.

The true strain at fracture (&, ) for the tensile samples tested to failure was calculated
based on the reduction in the sample cross-sectional area using equation (3.1), where A, is the
original sample cross-sectional area and A, is the cross-sectional area of the fracture surface. The

area of the fracture surface was determined using a Keyence VHX-5000 optical microscope. The

true stress at fracture (o, ) was determined using equation (3.2), where L, is the load prior to

80



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

fracture. The Hollomon power law equation was used to fit the true stress-true strain curves up to

true strain at fracture (&, ).

“inl A
& = In(Af j (3.1)
o :;—i (3.2)

Interrupted tensile tests were performed for selected intercritical annealing conditions in
order to determine the deformation-induced retained austenite to martensite transformation
Kinetics. For these tests, samples were deformed to pre-determined levels of true tensile strain (e.g.
0.05, 0.10, 0.15, etc.), after which the sample cross-sections in the uniform elongation region of
the gauge length were analysed using X-ray diffraction (XRD) and ASTM E975-13 [34] to

determine the retained austenite volume fraction as a function of applied true strain.
3.3.3 Microstructural Characterisation

The as-annealed and tensile samples were examined at a variety of length scales to
determine their microstructural evolution. The intercritically annealed samples were analysed
using XRD in order to determine the retained austenite volume fraction via ASTM E975-13 [34]
using the austenite (111), (200), and (220) peaks. The mounted sample cross-sections were
polished with a series of SiC papers to remove approximately 500 um from the cross-sectioned
surfaces and eliminate any effects arising from cutting the sample. A Bruker D8 DISCOVER with
a Co Ka (L =1.79026 A) radiation source in a DAVINCI X-ray detector system was used for data
collection. The sample was rotated during data acquisition to minimize any texture effect.
DIFFRAC.EVA (v.4.0) software was used to process the diffraction data and obtain intensity vs.

20 plots, which were then analysed using the TOPAS (v.4.2) software (Bruker). The measured
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intensity was normalized with respect to the calculated structure factor for each phase and then the
entire diffraction pattern was used to determine the volume fractions of each phase. The analytical
error was computed based on the calculated and measured diffraction patterns.

The microstructures of the steels were determined as a function of thermal processing
treatment and at a variety of length scales. The micron-scale structures of the steels were analysed
using a JEOL 7000F field emission scanning electron microscope (FE-SEM). The samples were
prepared in cross-section using standard metallographic techniques and etched using 2% nital.
Prior to analysis, the samples were coated with a thin layer of carbon to avoid charging. An
acceleration voltage of 10 keV, a working distance of 10 mm, and secondary electron image (SEI)
mode were used in all cases.

The transmission electron microscope (TEM) was used to determine the nano-scale
microstructure of the samples as a function of heat treatment. TEM was used to determine the
carbide size and size distribution in the starting microstructures and for selected IA heat treatments
using C-film extraction replicas prepared using standard techniques. A Talos L120C TEM was
used to examine the extraction replicas using an acceleration voltage of 120 keV. The TEM
micrographs were analysed with ImageJ (v.1.52a) to determine the carbide size distribution and
area fraction (a.f.).

The carbides in the F-CR starting microstructure intercritically annealed at 675 °C for 120
s were analysed at the atomic scale using 3D atom probe tomography (APT) to determine possible
Sn segregation to the carbide particle/matrix interface. A Cameca LEAP 4000X HR atom probe
was used in all cases. The APT needles were prepared in a Zeiss NVision 40 focused ion beam
(FIB). The sample surfaces were sputter-coated with Cr (~300 nm thick) to facilitate specimen

preparation. The FIB lift-outs were sectioned and mounted onto silicon posts using W deposition
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and sharpened into needles by annular milling at 30 keV using the technique of Thompson et al.
[35]. Final sharpening was done at 10 keV to remove any FIB damage. The APT analysis of the
needles was conducted in laser pulsing mode (A = 355 nm, 60 pJ/pulse) with a stage temperature
of ~60 K. The target detection rate was set at 0.005 ions/pulse (0.5%), which was maintained by
an applied DC voltage. The laser pulsing rate was 200 kHz, as dictated by the applied voltage and
maximum range of the mass spectrum. IVAS (v3.8.0) software was used for reconstruction and
analysis of the APT data.

The fine-scale microstructures of selected intercritically annealed samples deformed to
various strains (i.e., selected interrupted tensile tests) were also examined via TEM using
conventional thin foils. TEM samples were prepared by electropolishing samples excised from the
intercritically annealed panels and from the uniform elongation portion of selected interrupted
tensile test samples. The excised samples were first ground to approximately 100 um thickness
using fine SiC papers and were then electropolished at 16 V in a twin jet electropolisher using an
electrolyte comprising 10% perchloric acid in methanol held at —40 °C. Selected area diffraction
(SAD) patterns and dark field (DF) TEM micrographs of the samples were analysed to identify
the retained austenite in the samples and to detect the presence of mechanical twins therein as a
function of applied strain. All microstructural analysis samples were analysed with a PHILIPS
CM12 analytical TEM using an acceleration voltage of 200 keV.

Both the fracture surfaces and the fracture surface cross-sections of selected intercritically
annealed A-M and F-M starting microstructures were analysed using SEM to determine the
fracture mode — i.e., ductile, brittle or mixed mode fracture — and the microstructural origin of
damage in the material. For the former, all fracture surfaces were examined using a JEOL 6610LV

SEM in SEI mode at an acceleration voltage of 10 keV and a working distance of 20 mm. In the
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latter case, fractured tensile samples were longitudinally cross-sectioned along the sample mid-
width, cold mounted, and polished using conventional metallographic techniques. Prior to
examination, the samples were etched using 2% nital and C coated to prevent charging. SEM
examination was performed using a JEOL 7000F FE-SEM in SEI mode. In all cases, an
acceleration voltage of 10 keV and a working distance of 10 mm were employed. Samples were
examined from the fracture surface backwards into the uniform elongation portion of the fractured

sample and the microstructural features associated with damage events were documented.
3.4 Results
3.4.1 Microstructural Evolution

The as-received (CR) and as-quench martensitic (M) starting microstructures for steels A and
F were analysed with SEM. The results are shown in Figure 3.3. The CR microstructure for both
steels consisted of tempered martensite and carbides whereas the M sample microstructures
comprised martensite with no significant evidence of other phases visible at this length scale. TEM
analysis was performed on the carbon extraction replicas for both starting microstructures to
evaluate the carbide size distribution and area fraction within the microstructure. Representative
results for the CR and M starting microstructures are provided in Appendix A, which includes a
montage of low magnification bright field (BF) TEM micrographs and the corresponding carbide
size distributions. As discussed above, the carbide area fractions (a.f.) were determined by
analysing multiple BF TEM micrographs, a summary of which can be found in Figure 3.6. From
these data, it can be seen that A-CR staring microstructure had approximately ten times the area
fraction of carbide particles compared to the F-CR starting microstructure (Figure 3.6) without a
significant difference in the carbide size distribution (i.e., see Appendix A Figure 3.24a vs. Figure

3.24¢).
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Contrastingly, the A-M and F-M starting microstructures had significantly finer carbides and
lower area fractions of carbide particles in the microstructure, as shown in Appendix A and Figure
3.6. As documented in Table 3.3, significant carbide dissolution occurred during austenization,
with the C remaining in the martensite as supersaturated carbon after quenching. However,
examination of Figure 3.6 and Table 3.3 will show that the dissolution of carbides during the
austenitizing + quenching heat treatment of the A-CR (i.e., A-CR > A-M thermal treatment) and
F-CR starting microstructures was significantly different, with approximately 90% of the carbide
particles being dissolved during A-CR austenization whereas only 40% of the F-CR carbides

dissolved in the case of F-CR austenization (Table 3.3 and Figure 3.6).
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c) d)

Figure 3.3: SEM images of as-received cold-rolled a) steel A-CR, b) steel F-CR and as-quenched
martensitic c) steel A-M and d) steel F-M microstructures; ND = Normal Direction, TD =
Transverse Direction, C = Carbides, TM = Tempered Martensite, M = Martensite.

The microstructures of the intercritically annealed samples were determined using SEM.
Figure 3.4 shows the microstructures of the A-CR and F-CR starting microstructures intercritically
annealed for 120 s at 690 °C and 710 °C. The IA microstructures consisted of various fine-grained
phases (ferrite, retained austenite, and martensite) with carbide particles precipitated largely at the
grain boundaries. Although it was difficult to distinguish between martensite and retained austenite
with SEM, the morphology of the martensite/retained austenite islands were identified as blocky-
type. The microstructures of the A-M and F-M starting microstructures intercritically annealed at
650 °C, 675 °C, and 710 °C for 120 s are shown in Figure 3.5. These microstructures consisted of
polygonal ferrite and both blocky- and lath-type martensite/retained austenite with carbide
particles at the grain boundaries. This general microstructure as a function of starting

microstructure is consistent with the observations of other researchers [10,13-16].
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Figure 3.4: SEM micrographs of A-CR starting microstructures intercritically annealed for 120 s
at a) 690 °C and b) 710 °C; F-CR starting microstructures intercritically annealed for 120 s at c)
690 °C and d) 710 °C; ND = Normal Direction, TD = Transverse Direction, F = Ferrite, M =

Martensite, A = Retained Austenite, and C = Carbides.
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Figure 3.5: SEM micrographs of A-M starting microstructures intercritically annealed for 120 s
ata) 650 °C, b) 675 °C, and c¢) 710 °C; F-M starting microstructures intercritically annealed for
120 s at d) 650 °C, e) 675 °C, and f) 710 °C; ND = Normal Direction, TD = Transverse

Direction, F = Ferrite, M = Martensite, A = Retained Austenite, and C = Carbides.
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Figure 3.6: Carbide area fraction for steels A and F as a function of microstructure/heat

treatment. Note that all intercritically annealed samples utilized the 675 °C 120 s IA treatment.

Table 3.3: Change in carbide area fraction and size distribution as a function of thermal

treatment.

A carbide area
Steel ID. Thermal Process Carbide Evolution
fraction (%)

major carbide dissolution + minor
A-CR 2 A-M —-69+04
reprecipitation and growth of carbides

major carbide dissolution + minor
A A-CR = A-CR-IA -3.6 £0.6
reprecipitation and growth of carbides

significant carbide precipitation +
A-M 2> A-M-IA +1.6 £ 0.1
minor growth of carbides
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minor carbide dissolution + minor

F-CR 2 F-M -0.3+0.06 fine carbide precipitation (possible Sn

inhibition effect)

significant precipitation and growth of

F F-CR - F-CR-1A +3.7+£0.2
carbides (different from A-CR)
minor precipitation and growth of
F-M - F-M-IA +0.1 £ 0.05 carbides (possible Sn inhibition

effect)

The carbide distribution of all starting microstructures intercritically annealed at 675 °C x
120 s was determined via carbon extraction replicas and TEM analysis. The findings of these
analyses are summarized in Figure 3.6 and Table 3.3. Representative collages of the carbon
extraction replicas and size distribution analyses are provided in Appendix A. In the case of the
A-CR starting microstructure, the carbide particle size and area fraction of carbides decreased
significantly after the 675 °C x 120 s IA treatment, as shown by examining Figure 3.6, Appendix
A, and the A-CR > A-CR-1A treatment in Table 3.3. This suggests that the carbides either partially
or completely dissolved during the IA anneal into carbide-nucleated growing austenite [36,37].
Thus, the dissolving carbide particles were likely a significant source of carbon that assisted in
chemically stabilizing the intercritical austenite. Contrastingly, in the case of the F-CR starting
microstructure, significant carbide precipitation and particle growth were observed after the 675
°C x 120 s IA (i.e., F-CR - F-CR-IA (Table 3.3), Appendix A, and Figure 3.6) with this

microstructure ultimately having a higher area fraction of carbides versus the A-CR-IA
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microstructure (Figure 3.6). This suggests that there was slightly less carbon available in the F-
CR-IA microstructure to chemically stabilize the intercritical austenite.

Fine carbide particles precipitated at grain boundaries during the intercritical annealing
treatment of the A-M and F-M starting microstructures (Appendix A), where Figure 3.6 and Table
3.3 show an increase in carbide area fraction after the 675 °C x 120 s IA of the martensitic starting
microstructures. It should be noted that, as documented in Table 3.3, this increase was significant
in the case of the A-M > A-M-IA treatment whereas it was less significant in the case of the F-M
- F-M-1A treatment with the carbide fraction being significantly higher in the A-M-1A
microstructure. These results suggest the source of C in the A-M and F-M starting microstructures
was the supersaturated C in the martensite phase. This supersaturated C partitioned into the
growing intercritical austenite — likely the interlath retained austenite — and provided the required
chemical stabilization of the retained austenite in the final microstructure. This is consistent with
the austenite reversion mechanism proposed by various researchers [10,36,37] for C partitioning
during intercritical annealing of a martensitic medium-Mn steel.

As the F-CR 675 °C 120 s sample had the highest area fraction of carbides among the steel F
samples, it was chosen for APT analysis to determine possible Sn segregation to the carbide
particles. The results are shown in Figure 3.7. The 3D atom map for carbon confirmed the presence
of a (Cr,Nb) carbide particle in the APT needle, as shown in Figure 3.7a). A higher magnification
map of the APT needle (Figure 3.7b)) also revealed that Sn segregation occurred to the
carbide/matrix interface. Furthermore, a 1D compositional profile taken across the carbide particle,
along the arrow marked in Figure 3.7a), showed an approximately 10x increase in Sn concentration

at the carbide/matrix interface versus the bulk Sn content.

91



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

Further examination of Table 3.3 and Figure 3.6 will show that there are significant
differences in the carbide dissolution and precipitation processes occurring in steel A and steel F
during the thermal processing of these steels, despite the fact that there are no significant
differences in the TMP route (Figure 3.1 and Figure 3.2) and the only significant compositional
difference being the presence of the Sn micro-addition in steel F (Table 3.1). As shown in Figure
3.7, itis very likely that Sn has segregated to the surface of the carbide particles in steel F and may
acted as a diffusion barrier for carbon diffusion as well as carbide nucleation and diffusion-driven
growth. These observations are consistent with the results of previous researchers who reported
significant reduction in oxidation and decarburization kinetics owing to Sn segregation to grain
boundaries and external surfaces [38-41]. For example, when comparing the A-CR to F-CR
microstructures, the very small volume fraction of carbides in the F-CR microstructure can be
attributed to the presence of a nucleation and growth barrier, which may have been Sn. The carbide
precipitation observed for the F-CR - F-M treatment can be accounted for by an inhibition for
carbide dissolution during austenization annealing and an inhibited carbide nucleation and growth
mechanism. The differences in the carbide growth observed during the intercritical anneals are
also consistent with an inhibiting effect on carbide dissolution, nucleation, and growth.
Furthermore, as will be discussed below, this inhibiting effect would also have implications for C
partitioning into the growing intercritical austenite and the chemical stability of the retained

austenite.
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Figure 3.7: APT analysis of a carbide particle in the F-CR starting microstructure sample
intercritically annealed at 675 °C x 120 s; a) C atom map, b) magnified map (0.8 at.% Sn + 20
at.% C isosurface) showing the carbide particle with interfacial Sn segregation shown in green,

and c) proxigram showing 1D concentration profiles along the blue arrow in a).

3.4.2 Retained Austenite after Intercritical Annealing

The retained austenite volume fraction of the intercritically annealed CR starting
microstructures as a function of IAT and IA holding times are shown in Figure 3.8a). For both the
A-CR and F-CR starting microstructures, the retained austenite volume fraction increased with
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increasing IAT and IA holding time. These results are consistent with increased partitioning of C
to the intercritical austenite with increasing temperature and time. This trend agrees with the results
reported by previous research [6,8,13-16]. However, the retained austenite volume fractions for
the F-CR starting microstructures were significantly lower than those of the A-CR starting
microstructures processed with the same annealing conditions. This is attributed to the smaller
mass of C available to stabilize the retained austenite, as can be implied from the higher area
fraction of carbides in the F-CR-I1A microstructure (Figure 3.6) and the inhibiting effect of the Sn
in steel F. This resulted in reduced chemical stability of the intercritical austenite, resulting in a
larger fraction of intercritical austenite being transformed to martensite during final cooling and

lower retained austenite fractions.
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Figure 3.8: Retained austenite volume fraction as a function of IAT and IA holding time for a)

A-CR and F-CR and b) A-M and F-M starting microstructures.

A similar analysis was carried out for the annealed A-M and F-M starting microstructures, the
results of which are shown in Figure 3.8b). An increasing trend in retained austenite volume

fraction with increasing IAT and IA holding time was observed, with greater than 0.30 volume
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fraction of retained austenite observed at the 710 °C IAT regardless of holding times and steel
chemistry. Moreover, similar to the results for the CR starting microstructures (Figure 3.8a)), the
retained austenite volume fraction for the F-M starting microstructures was significantly less than
that for the A-M starting microstructures for the same annealing conditions due to reduced carbon
diffusion kinetics owing to Sn segregation.

Furthermore, comparing the same IATs (675, 690, and 710 °C) for the same steel chemistry
as a function of starting microstructure (i.e., Figure 3.8a) vs. Figure 3.8b)), it can be seen that the
martensitic starting microstructure yielded higher volume fractions of retained austenite for both
steels. This was due to faster austenite reversion Kinetics from the martensitic starting
microstructure, consistent with results reported in the literature [10-16,36,37]. The faster austenite
reversion Kinetics are attributed to two factors: i) a lower nucleation barrier as there are significant
interlath retained austenite films and ii) a C supersaturated martensitic starting microstructure with
a significant amount of stored elastic energy in the form of dislocations, both of which help drive
the partitioning of C to the growing interlath retained austenite and, thereby, increase its chemical
stability [10,36,37].

The stability of the retained austenite, as characterised by the deformation-induced martensite

start (M s ) temperature, is an important factor in determining the retained austenite to martensite

deformation-induced transformation kinetics. As stated by Lee et al. [42], the M J temperature is
a strong function of the retained austenite composition, particularly the C and Mn contents, and
grain size. The authors also reported that the retained austenite Mg temperature increases (i.e.,

stability decreases) at higher annealing temperature owing to lower retained austenite C contents,
resulting in early activation and rapid exhaustion of the TRIP effect at low strains [42]. In this

regard, the ThermoCalc® (TCFE 6 database) was used to calculate the alloy phase diagram and
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determine the equilibrium C content of the intercritical austenite as a function of intercritical
annealing temperature assuming negligible partitioning of the other solutes (e.g. Mn, Si, Al, Cr)
versus the bulk composition listed in Table 3.1. The recently published equation of Karr et al. [43]

for 3G steels, equation (3.3), was used to compute the M, temperature of the resultant intercritical

austenite:
M; (°C)=692-502(C +0.86N)’° ~37Mn-14Si +20AI-11Cr  (3.3)

where all compositions are in wt%. The results of intercritical austenite C content and the M

temperature are provided in Figure 3.9.

Using the results of Figure 3.9 to qualitatively assess the retained austenite M ¢, it can be
seen that the intercritical austenite has a minimum Mg temperature and, by implication, a
minimum M S temperature, for intercritical annealing temperatures of between 650 and 670 °C.

This result suggests that the chemical and mechanical stability of the intercritical austenite formed
in both steels at IATs greater than 675 °C may be significantly lower compared to that formed at
650 °C and 675 °C. Furthermore, the lower intercritical austenite C content at IATs greater than
675 °C may have resulted in the transformation of significant volume fraction of intercritical
austenite to martensite during final cooling. This trend is shown in Figure 3.10, which indicates
that there was a significant increase in the fresh martensite volume fraction (determined based on
the difference between the equilibrium intercritical austenite and retained austenite volume
fractions) with increasing IAT and IA holding times. Moreover, although the 710 °C IAT resulted
in higher volume fractions of retained austenite in both alloys (Figure 3.8), the findings from
Figure 3.9 suggest that the resultant retained austenite may be less stable during deformation owing

to a qualitative increase in the M ¢ of the retained austenite (Figure 3.9b)).
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3.4.3 Mechanical Properties

Uniaxial tensile tests were conducted on all intercritically annealed samples. The resulting
engineering stress — engineering strain, true stress — true strain curves, and the calculated work
hardening rate curves (do/de, calculated from the true stress — true strain curves) plotted as a
function of true strain are shown in Figure 3.11, Figure 3.12, Figure 3.14, and Figure 3.15. In
addition, the retained austenite transformation kinetics of selected samples as a function of starting
microstructure and applied true strain are shown in Figure 3.13 and Figure 3.16.

The mechanical properties of the intercritically annealed steels were a strong function of the
IA parameters. Two general trends were observed in the engineering stress — engineering strain
and true stress — true strain curves regardless of the starting microstructure and steel chemistry.
Lower IATs —i.e., 675 °C and 690 °C for the A-CR and F-CR starting microstructures and 650 °C
and 675 °C for the A-M and F-M starting microstructures — resulted in relatively high yield
strengths (YS) and significant yield point elongations (YPE), as shown in Figure 3.11a), Figure
3.12a), Figure 3.14a), and Figure 3.15a), respectively. Similar high YPE has also been reported by
other researchers [8,9,14-16]. In the case of the 710 °C IAT for all starting microstructures it can
be seen that the yield strength dropped significantly.

Following the YPE, an increase in the work hardening rate was observed for all CR starting
microstructures intercritically annealed at 675 °C and 690 °C (marked by arrows in Figure 3.11¢)
and Figure 3.12¢)) and the M starting microstructures intercritically annealed at 650 °C and 675
°C (similarly marked in Figure 3.14c) and Figure 3.15c)) owing to the activation of plasticity
enhancing mechanisms such as the TRIP and/or TWIP effects. Figure 3.13 and Figure 3.16 show
that all starting microstructures intercritically annealed at 675 °C x 120 s exhibited gradual retained

austenite to martensite transformation kinetics, with the TRIP effect being exhausted at relatively
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high strains. This indicates that the retained austenite from these treatments had sufficient chemical
and mechanical stability to sustain the high work hardening rates such that the onset of necking
was delayed and the desired high strength/ductility balance was obtained (Figure 3.11c), Figure
3.12c), Figure 3.14c), and Figure 3.15c)). It should also be noted that a significant amount (~0.06
volume fraction) of retained austenite remained untransformed at fracture for the A-CR-1A 675 °C
120 s samples (Figure 3.13). This is an indication of a higher chemical and mechanical retained
austenite stability than desired. In addition, the true stress-true strain curves (Figure 3.11b), Figure

3.12b), Figure 3.14b), and Figure 3.15b)), plotted to the true strain at fracture (&, ), showed
significant post-uniform elongation (&, > 0.40) for the samples intercritically annealed at < 690

°C for the CR and < 675 °C for the M starting microstructures. This is promising in terms of the
potential formability of these steels as post-uniform elongation has been shown to have a

reasonably good correlation with material formability [44,45].
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Figure 3.13: Retained austenite transformation kinetics for A-CR and F-CR starting

microstructures annealed for 120 s as a function of IAT.

On the other hand, the YS and total elongation (TE) decreased while the ultimate tensile

strength (UTS) increased significantly for all starting microstructures intercritically annealed at
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710 °C, as shown in Figure 3.11a), Figure 3.12a), Figure 3.14a), and Figure 3.15a). This decrease
in YS and TE, along with increased UTS, was also observed for the A-CR-1A 690 °C 120 s sample
(Figure 3.11a)). It is expected that the higher volume fractions of retained austenite present in these
samples (Figure 3.8) would have lower C contents to satisfy the C mass balance and have,
consequently, lower retained austenite stability and a more rapid exhaustion of the TRIP effect
(Figure 3.13 and Figure 3.16). These observations are consistent with the results reported by Gibbs
et al. [8]. This rapid exhaustion of the TRIP effect at low strains resulted in the rapid continuous
decrease in work hardening rate with increasing true strain (Figure 3.11d), Figure 3.12d), Figure
3.14c), and Figure 3.15c)) more characteristic of dual phase steels versus the starting
microstructures intercritically annealed at 675 °C or lower [9,13-16,42,46-48]. The rapid retained
austenite transformation kinetics along with increased fresh martensite volume fraction (Figure
3.10) which formed during final cooling from higher IAT (= 675 °C) resulted in high UTS and low
TE in these annealed samples. It should be noted that there was not any significant difference in
the mechanical properties of A-M and F-M starting microstructures intercritically annealed at 690
°C and 710 °C. Hence, only the mechanical properties of A-M and F-M starting microstructures

intercritically annealed at 710 °C are presented in Figure 3.14 and Figure 3.15.
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Figure 3.16: Retained austenite transformation kinetics for A-M and F-M starting

microstructures annealed for 120 s as a function of IAT.

A summary of the starting microstructures and intercritical annealing parameters that

resulted in the prototype steels meeting the 3G-AHSS target property envelope of UTS x TE >
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24,000 MPa% is provided in Table 3.4. It can be seen that the IATs of 675 °C and 690 °C for the
A-CR starting microstructure and 650 °C and 675 °C for the A-M and F-M starting microstructures
met the target 3G-AHSS mechanical properties. It is notable that none of the F-CR intercritical
heat treatments met the target property envelope. Further examination of the summative
mechanical property trends as a function of steel composition, starting microstructure, and
intercritical annealing parameters (Figure 3.17) will show that the mechanical properties of the CR
starting microstructures — particularly the UTS and TE — were sensitive to the 1A temperature,
where the latter declined sharply with increasing 1A. Table 3.4, Figure 3.17c), and Figure 3.17d)
also revealed that there were only slight differences in the mechanical properties of the A-M and
F-M starting microstructures annealed under the same conditions. This suggests Sn micro-alloying
did not have any detrimental effect on the mechanical properties of the prototype steel with a
martensitic starting microstructure. From these trends and the UTS x TE information in Table 3.4,
it was concluded that the M starting microstructures possessed a more robust thermal stability and
were, therefore, selected as the focus of detailed characterisation work. In particular, the A-M-1A
and F-M-IA 675 °C 120 s treatments were selected for more detailed investigations as these

resulted in 3G-AHSS properties for both alloys.
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Figure 3.17: Summary of tensile properties as a function of IAT and IA holding time for a) A-

CR, b) F-CR, ¢) A-M, and d) F-M starting microstructures.

Table 3.4: Summary of Mechanical Properties for Steels that met the 3G-AHSS UTS x TE

Target.
Steel Yield Ultimate Total UTS x True
ID Stress Tensile Elongation TE, Strain at
(YS), Stress (TE), MPa% Fracture
MPa (UTS), % (e7)
MPa
A-CR-1A675°C60s 1020 1385 21 29085 0.86
A-CR-1A 675°C 120s 1020 1310 24 31440 0.90
A-CR-1A 690 °C 60 s 985 1480 18 26640 0.91
A-M-1A 650 °C 60 s 1015 1350 19 25650 0.58
A-M-1A 675 °C 60 s 900 1350 19 25650 0.56
A-M-1A675°C 120 s 850 1380 19.5 26910 0.45
F-M-1A 650 °C 60 s 930 1230 21 25830 0.41
F-M-1A 675 °C 60 s 930 1260 21 26460 0.56
F-M-1A 675 °C 120 s 850 1300 19 24700 0.56
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3.4.4 TEM Analysis

TEM analysis was performed on interrupted tensile test samples from the A-M 675 °C 120 s
and F-M 675 °C 120 s treatments — both of which meet 3G-AHSS property requirements (Table
3.4) — in order to assess the microstructural development of the retained austenite during plastic
deformation. Figure 3.18 and Figure 3.19 show TEM micrographs and SAD patterns for the A-M-
IA 675 °C 120 s samples deformed to true strains of ¢ = 0.05 and & = 0.10, respectively. Bright
field (BF) and dark field (DF) micrographs confirmed the presence of nano-twins (average spacing
< 10 nm) in the lath-type retained austenite. The satellite spots (marked by red arrows) and the
180° lattice rotation corresponding to twinning of the retained austenite were confirmed in the
SAD patterns (Figure 3.18c) and Figure 3.19c)). This data and the retained austenite to martensite
transformation kinetics data in Figure 3.16 suggest that both the TWIP and TRIP effects
contributed to sustaining the high work hardening rates observed during deformation of these
samples (Figure 3.14c)). Further analysis of the SAD patterns also revealed Kurdjumov-Sachs (K-
S) [49] and Nishiyama-Wassermann (N-W) [50,51] orientation relationship between the retained
austenite and surrounding martensite. This suggests the austenite grew from the parent martensite
lath boundaries or from interlath retained austenite films during intercritical annealing, which is
also consistent with previous research conducted on various AHSSs with martensitic starting
microstructure [13-16,36,37].

Figure 3.20 and Figure 3.21 show the TEM micrographs and SAD patterns for the F-M-1A
675 °C 120 s samples strained to € = 0.05 and to fracture (¢ = 0.16), respectively. A lath-type
retained austenite morphology was also confirmed in these samples by analysing the BF and DF
TEM micrographs. Moreover, similar to the A-M starting microstructures that underwent the same

annealing conditions, nano-twins (average spacing < 10 nm) were observed in the strained F-M-
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IA 675 °C 120 s samples. SAD pattern analysis of the sample pulled to fracture also confirmed
strong satellite spots (marked by red arrows) and 180° lattice rotation corresponding to twinning
of the retained austenite (Figure 3.21c)). Furthermore, the N-W orientation relationship [50,51]

between the retained austenite and martensite was observed in these samples.

a) b)

51/nm

Figure 3.18: a) Bright Field (BF) image, b) dark field (DF) image corresponding to <ii1>7 and
¢) SAD pattern corresponding to [100]a"1|[111]«'2]|[110]y for the A-M-IA 675 °C 120 s

sample with € = 0.05.
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Figure 3.19: a) Bright Field (BF) image, b) dark field (DF) image corresponding to <m> y and
¢) SAD pattern corresponding to [100]a'1|[111]a'2]|[110]y for the A-M-1A 675 °C 120 s

sample with € = 0.10.
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51/nm

c)

Figure 3.20: a) Bright Field (BF) image, b) dark field (DF) image corresponding to <m> y and
¢) SAD pattern corresponding to [100]«'||[110]y for the F-M-IA 675 °C 120 s sample with € =

0.05.
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Figure 3.21: a) Bright Field (BF) image, b) dark field (DF) image corresponding to <m> y and
¢) SAD pattern corresponding to [100]«’||[110]y for the fractured (e = 0.16) F-M-1A 675 °C
120 s sample.

3.4.5 Fracture Analysis
Fracture surface cross-sections were analysed with SEM in order to determine the critical

damage event and global fracture mode. Figure 3.22 shows SEM micrographs of selected A-M-IA
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and F-M-IA samples. It can be seen that shear voids nucleated at the ferrite/martensite/retained
austenite interfaces regardless of steel chemistry or heat treatment parameters, as shown by the red
arrows in Figure 3.22. These shear voids coalesced and resulted in interfacial decohesion. This is
consistent with the fracture surface analysis which confirmed that the cracks propagated mainly
by interfacial decohesion and ductile tearing (Figure 3.23). This critical damage mechanism and
global fracture mode are consistent with results observed by other medium-Mn steel researchers

[15,16,52].

c) d)
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Figure 3.22: SEM micrographs of the fracture surface cross-sections for a) A-M-1A 675 °C

120 s, b) A-M-IA 710 °C 120 s, ¢) F-M-1A 675 °C 120 s and d) F-M-IA 710 °C 120 s samples;

ND = Normal Direction, RD = Rolling Direction.

Figure 3.23: SEM micrographs of the fracture surface for a) A-M-I1A 675 °C 120 s, b) A-M-I1A
710 °C 120 s, ¢) F-M-1A 675 °C 120 s and d) F-M-1A 710 °C 120 s samples; ND = Normal

Direction, TD = Transverse Direction.
3.5 Discussion

The retained austenite volume fraction, morphology, and stability were a strong function of

the intercritical annealing parameters and starting microstructures of the prototype medium-Mn
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steels. XRD (Figure 3.8) and SEM (Figure 3.4 and Figure 3.5) results showed that the retained
austenite volume fraction increased with increasing IAT and IA holding time for both steel
compositions as well as both starting microstructures. However, intercritical annealing of the
martensitic starting microstructure resulted in a significantly higher volume fraction of retained
austenite due to faster austenite reversion kinetics (Figure 3.8a) vs. Figure 3.8b)) being driven by
C partitioning from the supersaturated martensitic matrix and decreasing strain energy associated
with the growing interlath austenite films [10-12]. Wei et al. [53] have reported that the growth of
interlath retained austenite did not have a nucleation barrier as these structures were pre-existing
along the martensite lath boundaries. Furthermore, lath-type retained austenite is known to be more
chemically and mechanically stable compared to blocky retained austenite [10,18]. Thus, both the
A-M and F-M starting microstructures contained relatively high volume fractions of stable retained
austenite which gradually transformed to martensite during straining (Figure 3.16), resulting in
3G-AHSS mechanical properties being realised for a wider variety of intercritical heat treatments.

This is in contrast with the CR starting microstructures, where only a slight increase in retained
austenite volume fraction was observed with increasing IAT (Figure 3.8). In this case, the carbide
dissolution kinetics and the resultant soluble C supply played a critical role, particularly in the case
of the Sn-containing F-CR starting microstructures. The carbide extraction replica analysis (Table
3.3) revealed that intercritical annealing of the A-CR starting microstructures resulted in
significant carbide dissolution whereas that of the F-CR starting microstructure resulted in
significant carbide precipitation (Figure 3.6 and Table 3.3). These findings suggest that the
mechanism for austenite growth in the A-CR starting microstructures comprised austenite
nucleation and growth on dissolving carbide particles, resulting in the blocky morphology

observed (Figure 3.4) [36,37]. In the case of the F-CR starting microstructure, there was significant
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carbide precipitation and coarsening ((Figure 3.6 and Table 3.3), with less soluble C being
available for partitioning to the retained austenite. As shown in Figure 3.7, the Sn segregated to
the carbide/matrix interfaces likely inhibited the dissolution and diffusion processes, resulting in
lesser volume fraction of chemically stable retained austenite and mechanical properties versus its
A-CR counterparts (Figure 3.8a), Figure 3.11 vs. Figure 3.12, Figure 3.13, Table 3.4). This
mechanism would be consistent with the effect Sn has on oxidation and decarburization kinetics
[38-41]. The lesser chemical stability of the F-CR intercritical austenite is also apparent from the
estimated volume fraction of fresh martensite produced during cooling from the IAT, as shown in

Figure 3.10.

In the case of the A-M and F-M starting microstructures, the volume fractions of chemically
stable retained austenite were considerably greater versus the CR starting microstructures (Figure
3.8a) vs. Figure 3.8b)), likely due to the lack of a nucleation barrier for the formation of intercritical
austenite from pre-existing interlath retained austenite films and the more rapid partitioning of C
from the adjacent, C supersaturated martensitic microstructures. This resulted in the martensitic
starting microstructures being more stable than their CR counterparts — per the fresh martensite
made during cooling (Figure 3.10) —which exhibited a more gradual deformation-induced retained
austenite to martensite transformation (Figure 3.16) and exhausted itself at higher strains versus
their CR starting microstructure counterparts. Both factors resulted in the properties of the M
starting microstructures meeting the 3G property window over a larger range of IATs and 1A
holding times than was seen for the CR microstructures (Table 3.4). It should also be noted that
the highest properties observed — as characterised by the UTS x TE product (Table 3.4) — were
observed in the instances of maximum potential partitioning of C to the intercritical austenite for

the 650 °C and 675 °C IATs, resulting in @ minimum Mg temperature and, by implication,
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minimum M¢ (Figure 3.9). This correlates well with the retained austenite transformation

kinetics in Figure 3.13 and Figure 3.16. Furthermore, it can be seen from Table 3.4 that the Sn
micro-alloying had only a minor effect on the overall mechanical property profile in the case of
the M starting microstructures. It is also apparent from the carbide data that the Sn micro-addition
had some effect on the carbide precipitation kinetics during intercritical annealing, with a
significantly smaller volume of carbides precipitating versus the A-M starting microstructure
(Figure 3.6 and Table 3.3). In this case, it is hypothesized that the Sn micro-alloying reduced
diffusion of C to the retained austenite, making it slightly less chemically stable.

As evidenced by the TRIP kinetics documented in Figure 3.16 and the TEM micrographs in
Figure 3.18 — Figure 3.21, both the TRIP and TWIP effects assisted in enhancing the mechanical
properties of the prototype medium-Mn 3G-AHSSs. The TRIP and TWIP effects and their
influence on mechanical properties of the intercritically annealed steels, in turn, depend
significantly on the retained austenite SFE, volume fraction, and chemical/mechanical stability. In
fact, a balance between these factors is required for sustaining high work hardening rates during
deformation and in delaying the onset of necking such that the target 3G-AHSS properties can be
attained.

In order to be successfully employed as a plasticity enhancement mechanism, the TRIP effect
must employ retained austenite of sufficient stability to transform gradually during deformation,
optimally exhausting itself at high strains in order to maintain the desired high instantaneous work
hardening rates at high strains. An examination of the retained austenite transformation kinetics
correlated with the mechanical property curves (Figure 3.11 — Figure 3.16) and the summative
results in Table 3.4 will show that 3G-compabible properties were only obtained when a gradual

transformation of retained austenite to martensite transformation was obtained such that it was not
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exhausted at low strains. In the case of the CR starting microstructures, this was the case for the
A-CR-IA treatments at 675 °C for 60 s and 120 s and at 690 °C for 60 s. In the case of the 710 °C
IA treatments, the TRIP effect was exhausted at very low strains (Figure 3.13), resulting in failure
to sustain high work hardening rates during deformation (Figure 3.11d) and Figure 3.12d)) and a
relatively low strength — ductility balance, similar to that observed in DP steels. This trend is
consistent with the higher volume fractions of fresh martensite made in these microstructures
(Figure 3.10). Similar observations have been reported by numerous researchers [6,8,9,14-
16,42,46].

In the case of the M starting microstructures, sufficiently stable retained austenite was created
for a wider range of heat treatments at 650 °C and 675 °C for both the A-M and F-M prototype
alloys (Table 3.4) via the mechanisms documented above. However, as was the case for the CR
starting microstructures, the higher volume fractions of retained austenite formed in the 690 °C
and 710 °C intercritical heat treatments was of insufficient stability — per the retained austenite
transformation curves in Figure 3.16. This was likely due to insufficient C partitioning to the larger
volume fractions of the retained austenite, as shown in the trends provided in Figure 3.9 and its

implications for MJ as well as in the higher percentages of fresh martensite (Figure 3.10b)).

These results reaffirm that a balance between retained austenite volume fraction and stability is
necessary to achieve a high strength/ductility balance in medium-Mn steels. In addition, it was
shown that mechanical twinning — i.e., the TWIP effect — occurred in the retained austenite in the
instances where higher mechanical properties (Figure 3.18 — Figure 3.21) were realised. Thus, it
can be concluded that the stacking fault energy of the retained austenite in these materials was of
a suitable range — often cited as 15 — 45 mJ/m? [20] — to activate mechanical twinning. From the

present data, however, the relative contributions of the TRIP and TWIP effects to sustaining the
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instantaneous work hardening rate are very difficult to deconvolute, but it is very likely that both
plasticity-enhancing mechanisms contributed to the observed behaviour.

Overall, it was found that CGL-compatible heat treatments could be employed with the
prototype medium-Mn alloys to produce 3G-AHSS mechanical properties. In particular, it was
determined that, for the martensitic starting microstructure, the thermal processing schemes used
in the present contribution were reasonably robust in producing 3G-AHSS properties.
Furthermore, it was determined that the addition of surface-active Sn had only a very slight effect
on the mechanical properties in the case of the martensitic starting microstructures. As a result, the
martensitic starting microstructure and 650 °C and 675 °C intercritical annealing conditions will
be used in on-going research to determine the selective oxidation behaviour and reactive wetting

of these prototype medium-Mn steels.
3.6 Conclusions

The effects of intercritical annealing parameters, starting microstructure, and Sn micro-
alloying (~0.05 wt%) on the microstructural evolution and mechanical properties of two prototype
Fe-0.2C-6Mn-1.5Si-0.5Al1-0.5Cr-xSn (wt%) (x = 0 and 0.05 wt%) medium-Mn steels subjected to
continuous galvanizing line (CGL)-compatible heat treatments were determined. It can be
concluded that:

1. CGL-compatible intercritical annealing treatments were able to produce target 3G-
AHSS mechanical properties (UTS x TE > 24,000 MPa%) in the prototype medium-Mn
steels for the CR starting microstructure without Sn micro-alloying and for the M starting
microstructure, both with and without Sn micro-alloying. However, the martensitic

starting microstructures were more robust in achieving 3G-AHSS mechanical properties,
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where both the 650 °C and 675 °C intercritical annealing treatments met the mechanical
property targets.

2. The retained austenite volume fraction, morphology, and stability were a strong function
of intercritical annealing parameters and starting microstructure, where the austenite
formation mechanism was strongly affected by the carbide fraction in the CR starting
microstructures and the degree of C supersaturation in the martensite for the M starting
microstructures. This difference resulted in the more rapid formation of larger fractions
of more stable retained austenite which gradually transformed to martensite during
deformation for the M starting microstructures and the more robust process window
observed for producing 3G-AHSS properties.

3. Both the TRIP and TWIP plasticity enhancing mechanisms were observed in the
alloys/heat treatments which resulted in 3G-AHSS mechanical properties.

4. The effect of Sn micro-alloying on the mechanical properties depended on the starting
microstructure. Sn micro-alloying had a significant impact on the carbide dissolution and
precipitation Kinetics, particularly in the case of the Sn-containing CR starting
microstructure. This led to the inhibition of C dissolution and partitioning to the
intercritical austenite and poor retained austenite stability, ultimately resulting in the Sn-
containing CR alloy not meeting the 3G property targets for any of the thermal treatments
employed. However, Sn micro-alloying did not have a significant detrimental effect on
the mechanical properties of the martensitic starting microstructure heat treatments

which achieved the target 3G-AHSS properties.
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3.8 Appendix A

Carbide Extraction Replicas and Size Distribution Analyses:
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Figure 3.24: Montage of low magnification TEM micrographs and corresponding carbide size
distribution from extraction replicas of a) A-CR, b) A-M, c) A-CR-IA, d) A-M-1A, e) F-CR, ) F-

M, g) F-CR-IA, and h) F-M-IA samples; a.f. = carbide area fraction, IA = 675 °C x 120 s.

3.9 References

[1] D.K. Matlock, J.G. Speer, Design considerations for the next generation of advanced high
strength steel sheets, in: Proc. 3rd Inter. Conf. Advanced High Strength Steels (2006) 774—781.
[2] C. Schutte, DOE Focuses on Developing Materials to Improve Vehicle Efficiency, SAE
Technical Paper 2015-01-0405 (2015), https://doi.org/10.4271/2015-01-0405.

[3] L.G. Hector Jr., The Next Generation of Advanced High Strength Steels — Computation,
Product Design and Performance, 12th Annual Great Designs in Steel Seminar, Livonia, Ml
(2013).

[4] E. De Moor, P.J. Gibbs, J.G. Speer, D.K. Matlock, Strategies for third-generation advanced

high strength steel development, AIST Trans. 7 (2010) 133-144.

123



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

[5] W.Q. Cao, C. Wang, J. Shi, M.Q. Wang, W.J. Hui, H. Dong, Microstructure and mechanical
properties of Fe—0.2C-5Mn steel processed by ART-annealing, Mater. Sci. Eng. A. 528 (2011)
6661-6666.

[6] S. Lee, B.C. De Cooman, On the selection of the optimal intercritical annealing temperature
for medium Mn TRIP steel, Metall. Mater. Trans. A. 44A (2013) 5018-5024.

[7] S. Lee, K. Lee, B.C. De Cooman, Observation of the TWIP + TRIP plasticity-enhancement
mechanism in Al-added 6 wt pct medium Mn steel, Metall. Mater. Trans. A. 46A (2015) 2356—
2363.

[8] P.J. Gibbs, E. De Moor, M.J. Merwin, B. Clausen, J.G. Speer, D.K. Matlock, Austenite stability
effects on tensile behavior of manganese-enriched-austenite transformation induced plasticity
steel, Metall. Mater. Trans. A. 42A (2011) 3691-3702.

[9] D.W. Suh, J.H. Ryu, M.S. Joo, H.S. Yang, K. Lee, H.K.D.H. Bhadeshia, Medium-alloy
Manganese-rich transformation-induced plasticity steels, Metall. Mater. Trans. A. 44A (2013)
286-293.

[10] H. Luo, H. Dong, New ultrahigh-strength Mn-alloyed TRIP steels with improved formability
manufactured by intercritical annealing, Mater. Sci. Eng. A. 626 (2015) 207-212.

[11] J. Shi, X. Sun, M. Wang, W. Hui, H. Dong, W. Cao, Enhanced work-hardening behavior and
mechanical properties in ultrafine-grained steels with large-fractioned metastable austenite, Scr.
Mater. 63 (2010) 815-818.

[12] A. Arlazarov, M. Gouné, O. Bouaziz, A. Hazotte, G. Petitgand, P. Barges, Evolution of
microstructure and mechanical properties of medium Mn steels during double annealing, Mater.

Sci. Eng. A. 542 (2012) 31 39.

124



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

[13] K.M.H. Bhadhon, J.R. McDermid, X. Wang, E. McNally, F.E. Goodwin, Fine-scale
microstructure characterization and mechanical properties of CGL-compatible heat treated
medium-Mn TRIP steel, in: Proc. 11th Conf. Zinc Zinc Alloy Coat. Steel Sheet, Galvatech 2017,
IS1J Int., Tokyo (2017) 493-500.

[14] D.M. Pallisco, K.M.H. Bhadhon, V. Patel, M. Pourmajidian, F.E. Goodwin, J.R. McDermid,
Galvanizing of medium-Manganese third generation advanced high strength steels, in: Proc. 4th
Int. Conf. Mediu. High-Manganese Steels. 9-11 (2019) 375-378.

[15] D.M. Pallisco, J.R. McDermid, Mechanical property development of a 0.15C—-6Mn-2AIl-1Si
third-generation advanced high strength steel using continuous galvanizing heat treatments, Mater.
Sci. Eng. A. 778 (2020) 139111, doi: https://doi.org/10.1016/j.msea.2020.139111.

[16] V. Patel, Microstructure and mechanical properties of medium Mn steel, McMaster University
(2019), Hamilton, Canada.

[17] P.J. Jacques, Transformation-induced plasticity for high strength formable steels, Curr. Opin.
Solid State Mater. Sci. 8 (2004) 259-265.

[18] J.R. McDermid, H.S. Zurob, Y. Bian, Stability of retained austenite in high-Al, low-Si TRIP-
assisted steels processed via continuous galvanizing heat treatments, Metall. Mater. Trans. A. 42A
(2011) 3627-3637.

[19] F. Spenger, T. Hebesberger, A. Pichler, C. Krempaszky, E.A. Werner, AHSS steel grades:
strain hardening and damage as material design criteria, Int. Conf. in New Developments in AHSS,
(2008), Orlando, USA.

[20] B.C. De Cooman, Y. Estrin, S.K. Kim, Twinning-induced plasticity (TWIP) steels, Acta

Mater. 142 (2018) 283-362.

125



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

[21] R.E. Schramm, R.P. Reed, Stacking fault energies of seven commercial austenitic stainless
steels, Metall. Trans. A. 6A (1975) 1345-1351.

[22] S. Allain, J. Chateau, O. Bouaziz, S. Migot, N. Guelton, Correlations between the calculated
stacking fault energy and the plasticity mechanisms in Fe—Mn—C alloys, Mater. Sci. Eng. A. 387—
389 (2004) 158-162.

[23] A. Dumay, J.-P. Chateau, S. Allain, S. Migot, O. Bouaziz, Influence of addition elements on
the stacking-fault energy and mechanical properties of an austenitic Fe—Mn-C steel, Mater. Sci.
Eng. A. 484 (2008), 184-187.

[24] A. Saeed-Akbari, J. Imlau, U. Prahl, W. Bleck, Derivation and variation in composition-
dependent stacking fault energy maps based on Subregular Solution Model in high-Manganese
steels, Metall. Mater. Trans. A. 40A (2009) 3076—3090.

[25] O. Bouaziz, S. Allain, C. Scott, Effect of grain and twin boundaries on the hardening
mechanisms of twinning-induced plasticity steels, Scr. Mater. 58 (2008) 484-487.

[26] M. Ghasri-Khouzani, J.R. McDermid, Effect of carbon content on the mechanical properties
and microstructural evolution of Fe—22Mn-C steels, Mater. Sci. Eng. A. 621 (2015) 118-127.
[27] J.R. McDermid, A. Chakraborty, Identification of steel chemistries and galvanizing process
design, ZCO-53-1 Project Report, (2012), Hamilton, Canada.

[28] M. Pourmajidian, J.R. McDermid, Selective oxidation of a 0.1C-6Mn-2Si third generation
advanced high-strength steel during dew-point controlled annealing, Metall. Mater. Trans. A. 49A
(2018) 1795-1808.

[29] M. Pourmajidian, J.R. McDermid, Effect of annealing temperature on the selective oxidation
and reactive wetting of a 0.1C-6Mn-2Si advanced high strength steel during continuous

galvanizing heat treatments, ISIJ Int. 58(9) (2018) 1635-1643.

126



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

[30] Y. Suzuki, T. Yamashita, Y. Sugimoto, S. Fujita, S. Yamaguchi, Thermodynamic analysis of
selective oxidation behavior of Si and Mn-added steel during recrystallization annealing, I1SI1J Int.
49(4) (2009) 564-573.

[31] E.M. Bellhouse, J.R. McDermid, Selective oxidation and reactive wetting during galvanizing
of a CMnAlI TRIP-assisted steel, Metall. Mater. Trans. A. 42A(9) (2011) 2753-2768.

[32] M. Pourmajidian, J.R. McDermid, On the reactive wetting of a medium-Mn advanced high-
strength steel during continuous galvanizing, Surf. Coat. Technol. 357 (2019) 418-426.

[33] ASTM E8/E8M-16a: Standard Test Methods for Tension Testing of Metallic Materials, West
Conshohocken, PA, USA, 2016.

[34] ASTM E975-13: Standard Practice for X-Ray Determination of Retained Austenite in Steel
with Near Random Crystallographic Orientation, West Conshohocken, PA, USA, 2013.

[35] K. Thompson, D. Lawrence, D.J. Larson, J.D. Olson, T.F. Kelly, B. Gorman, In situ site-
specific specimen preparation for atom probe tomography, Ultramicroscopy 107 (2007) 131-139.
[36] A. Arlazarov, A. Hazotte, O. Bouaziz, M. Goune, F. Kegel, Characterization of microstructure
formation and mechanical behavior of an advanced medium Mn steel, Proc. MS&T 2012,
Pittsburgh (2012) 1124-1131.

[37] J.I. Kim, JH. Ryu, SW. Lee, K. Lee, Y.-U. Heo, D.-W. Suh, Influence of the Initial
Microstructure on the Reverse Transformation Kinetics and Microstructural Evolution in
Transformation-Induced Plasticity — Assisted Steel, Metall. Mater. Trans. A. 47 (2016) 5352—
5361.

[38] E.D. Hondros, M.P. Seah, Segregation to interfaces, Int. Met. Rev. 22 (1977) 262—-301.

[39] M. Seah, Quantitative prediction of surface segregation, J. Catal. 57 (1979) 450-457.

127



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

[40] L. Cho, E.J. Seo, G.S. Jung, D.W. Suh, B.C. De Cooman, Surface selective oxidation of Sn-
added CMnSi TRIP steel, Metall. Mater. Trans. A. 47(4) (2016) 1705-1719.

[41] M. Pourmajidian, B. Langelier, J.R. McDermid, Effect of process atmosphere dew point and
Tin addition on oxide morphology and growth for a medium-Mn third generation advanced steel
during intercritical annealing, Metall. Mater Trans. A. 49 (2018) 5561-5573.

[42] S. Lee, S. Shin, M. Kwon, K. Lee, B.C. De Cooman, Tensile Properties of Medium Mn Steel
with a Bimodal UFG a + y and Coarse 6-Ferrite Microstructure, Metall. Mater. Trans. A 48A
(2017) 1678-1700.

[43] S. Kaar, K. Steineder, R. Schneider, D. Krizan, C. Sommitsch, New Ms-formula for exact
microstructural prediction of modern 3" generation AHSS chemistries, Scr. Mater. 200 (2021)
113923.

[44] J. Sarkar, T.R.G. Kutty, D.S. Wilkinson, J.D. Embury, D.J. Lloyd, Tensile properties and
bendability of T4 treated AA6111 aluminum alloys, Mater. Sci. Eng. A. 369 (2004) 258—266.
[45] P. Larour, J. Freudenthaler, T. Weissbdck, Reduction of cross section area at fracture in tensile
test: Measurement and applications for flat sheet steels, J. Phys. Conf. Ser. 896 (2017).

[46] K.O. Findley, J. Hidalgo, R.M. Huizenga, M.J. Santofimia, Controlling the work hardening
of martensite to increase the strength/ductility balance in quenched and partitioned steels, Mater.
Des. 117 (2017) 248-256.

[47] E.M. Bellhouse, J.R. McDermid, Effect of Continuous Galvanizing Heat Treatments on the
Microstructure and Mechanical Properties of High Al-Low Si Transformation Induced Plasticity

Steels, Metall. Mater. Trans. A. 41 (2010) 1460-1473.

128



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

[48] P. Jacques, Q. Furnémont, A. Mertens, F. Delannay, On the sources of work hardening in
multiphase steels assisted by transformation-induced plasticity, Philos. Mag. A. 81 (2001) 1789—
1812.

[49] G. Kurdjumov, G. Sachs, Uber der Mechanismus der Stahlhartung (On the mechanism of
hardening of steel), Z. Phys. 64 (1930) 325-343.

[50] Z. Nishiyama, X -ray investigation of the mechanism of the transformation from face-centered
cubic lattice to body- centered cubic, Sci. Rep. Tohoku Univ. 23 (1934) 637-664.

[51] G. Wassermann, Influence of the a-y transformation of an irreversible Ni steel onto crystal
orientation and tensile strength, Arch. Eisenhuttenwes. 126 (1933) 647—654.

[52] B. Sun, D. Palanisamy, D. Ponge, B. Gault, F. Fazeli, C. Scott, S. Yue, D. Raabe, Revealing
fracture mechanisms of medium manganese steels with and without delta-ferrite, Acta Mater. 164
(2019) 683-696.

[53] R. Wei, M. Enomoto, R. Hadian, H.S. Zurob, G.R. Purdy, Growth of austenite from as-
quenched martensite during intercritical annealing in an Fe—0.1C-3Mn-1.5Si alloy, Acta Mater.

61 (2013) 697-707.

129



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

4  Selective Oxidation of a Medium-Mn Third Generation Advanced High

Strength Steel during Austenitizing and Intercritical Annealing

K.M.H. Bhadhon, J.R. McDermid
Centre for Automotive Materials and Corrosion, Department of Materials Science and
Engineering, McMaster University, Hamilton, Ontario, Canada

Submitted to Journal of The Electrochemical Society on April 9, 2022.
4.1 Abstract

The effect of the simulated continuous galvanizing line N2-5 vol% H2 process atmosphere
oxygen partial pressure (pO2) on the external and internal selective oxidation of a prototype
medium-Mn third generation (3G) advanced high strength steel was determined during a two-stage
heat treatment cycle (i.e., austenitizing and intercritical annealing) which had previously yielded
3G properties. Thick external oxides (~ 200 nm) were observed after the austenitizing heat
treatment, regardless of the process atmosphere pO2 employed. An intermediate flash pickling step
was successful in reducing the external oxide thickness significantly (to ~ 30 nm) along with
revealing some extruded metallic Fe nodules on the surface. The austenitizing heat treatment also
resulted in a solute-depleted surface layer with a minimum thickness of 2 um. This solute-depleted
layer inhibited the formation of external oxides during intercritical annealing, resulting in a surface
similar to that observed after flash pickling comprising a near-pure Fe surface with isolated,
nodular external oxides. These surfaces are promising in terms of successful reactive wetting of

this prototype medium-Mn steel during subsequent continuous hot-dip galvanizing.
4.2 Introduction

Design of lighter automotive body structures to increase fuel efficiency and reduce greenhouse

gas emissions while improving passenger safety has motivated the research and development of
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third generation advanced high strength steels (3G AHSS) [1,2]. The overall objective is to develop
a new generation of AHSS with a higher strength-ductility balance compared to 1G AHSSs with
lower alloy contents compared to the 2G AHSSs, making them less expensive to produce and
easier to galvanize. Medium-Mn (med-Mn) steels have been in the forefront of this research.
Recent research [3-12] has shown that med-Mn steels can meet 3G AHSS target mechanical
properties, as defined by Matlock and Speer [2], in terms of the ultimate tensile strength (UTS) x
tensile elongation (TE) product of 24,000 < UTS x TE < 40,000 MPa%. Through the judicious
selection of intercritical annealing time/temperature and starting microstructure, it is also possible
to obtain 3G mechanical properties with continuous galvanizing line (CGL)-compatible processing
parameters [9-12], typically comprising peak annealing temperatures (PAT) of approximately 650
— 750 °C and PAT soaking times of 60 — 120 s. Furthermore, some authors have reported that med-
Mn steels with martensitic starting microstructures were more robust in attaining 3G mechanical
properties compared to an as-received cold-rolled starting microstructure [9-12].

Continuous hot-dip galvanizing using a molten Zn(Al, Fe) bath is amongst the most cost-
effective method to provide corrosion protection to automotive steels exposed to the external
environment [13]. However, the alloying elements present in AHSSs can make these steels
challenging to galvanize. In particular, the alloying elements Mn, Si, Al, and Cr will selectively
oxidize in the dew point controlled (i.e., fixed water vapour partial pressure, pH>0) CGL N>—(5-
20 vol%) H2 process atmosphere during the pre-galvanizing heat treatment required to obtain the
desired substrate microstructure and mechanical properties. These external oxides, depending on
their chemistry, morphology, and spatial distribution, can prevent reactive wetting during
immersion in the CGL bath by blocking direct contact between the Zn(Al, Fe) bath and steel

substrate, the dissolution of surface Fe and the formation of the desired Fe>AlsZnx reactive wetting
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product [14-27]. Suzuki et al. [28] developed a thermodynamic model to predict the oxidized
species based on temperature, process atmosphere pO., and the steel Si/Mn ratio (calculated based
on wt%). The authors advocated that tailoring the CGL process atmosphere oxygen partial pressure
(pOz2) such that SiO> film formation was supressed to be a necessary condition to achieve good
reactive wetting. It was concluded that it was not possible to avoid deleterious SiO> film formation,
regardless of the process atmosphere pO2, when the alloy Si/Mn > 1. On the other hand, when the
substrate Si/Mn < 0.5, a process atmosphere dew point of —25 °C to —10 °C in a N2-5 vol% H;
process atmosphere, commonly employed in industrial CGLs, would suppress SiO, formation and
stabilise the system in the desired MeSiOz + Me>SiO4 two phase region (where Me = Mn or Fe).
However, thermodynamic models are unable to predict some of the critical factors in the selective
oxidation/reactive wetting interaction such as oxide thickness, morphology, and spatial
distribution. For example, Bellhouse and McDermid [18] successfully galvanized two low alloy
Si/Al TRIP-assisted steels using conventional CGL process atmospheres, where the substrate
Si/Mn = 1 and 0.67, respectively. The authors attributed successful reactive wetting to having
widely spaced, nodular MnO-Mn;SiO4/MnSiO3z on the steel surface. The desired FeoAlsZny layer
was able to form between the nodules and resulted in a defect-free Zn coating. Similarly, Mousavi
and McDermid [22] successfully galvanized a 0.1C-2Mn-1.3Si (wt%) AHSS (i.e., Si/Mn = 0.65)
through intercritically annealed at 820 °C for 120 s in a N>-5 vol% H> process atmosphere with
dew points of —30 °C and +5 °C using a 460 °C 0.2 wt% dissolved Al zinc bath.

One of the effective ways to improve reactive wetting during the continuous galvanizing of 1G
AHSSs has been employing higher process atmosphere dew points (i.e., higher pO2, as dictated by
the H>-H>O-O> equilibrium with fixed pHz, pH20 and process temperature T) during the pre-

galvanizing heat treatment [14,16,22,23,29,30]. External selective oxidation is suppressed at high
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dew points owing to the greater inward flux of oxygen compared to the outward flux of ignoble
alloying elements, resulting in internal selective oxidation. High process atmosphere dew points
have also been found to be beneficial for the successful galvanizing of med-Mn steels [27,31]. For
example, Pourmajidian and McDermid [27] investigated the effect of process atmosphere pO2 on
oxide spatial distribution and morphology during the annealing of a model 0.1C-6Mn-2Si (wt%)
med-Mn AHSS at 690 °C. The results showed that a +5 °C dew point process atmosphere pO2
(2.26 x 1072 atm) yielded a steel surface with nodule-like MnO particles with thin inter-nodular
films. The relatively thin inter-nodular MnO films and widely spaced external MnO nodules were
determined to be the key contributors for the formation of an integral Fe;AlsZny intermetallic layer
through successful reactive wetting by the Zn(Al, Fe) bath. Similar findings were also presented
by Alibeigi et al. [31] for a series of Mn (0.14 — 5.1 wt%) containing steels.

However, the majority of the above studies were conducted on model alloys. The effect of
process atmosphere pO- on the selective oxidation of application-oriented med-Mn steels has not
been extensively researched [25,26,32,33]. Moreover, although recent research has shown that a
martensitic starting microstructure is more robust in achieving 3G AHSS target mechanical
properties [4,8-12,34], there has been scarce literature on the effect of process atmosphere pO, on
selective oxidation during the austenitizing heat treatments necessary to produce the martensitic
starting microstructure. For example, the current authors have documented the microstructural
evolution and mechanical property development of a prototype med-Mn steel (0.2C-6Mn-1.5Si-
0.5Al1-0.5Cr wt%) and have reported that CGL-compatible intercritical annealing (675 °C x 120
s) from a martensitic starting microstructure was successful in producing 3G AHSS target
mechanical properties (i.e., UTS x TE = 26,900 MPa%) [12]. Thus, the objective of this

investigation is to determine the effect of process atmosphere pO. on the selective oxidation using
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the two-stage austenitizing and intercritical annealing heat treatments of the above med-Mn steel
known to produce 3G mechanical properties [12]. In particular, the present investigation will
assess the morphology, distribution, and chemistry of the external and internal oxides formed
during these heat treatments within the context of producing a pre-immersion surface which can

be successfully reactively wetted using a conventional CGL galvanizing bath.
4.3 Experimental

The chemical composition of the prototype med-Mn steel (as determined by inductively
coupled plasma optical emission spectroscopy (ICP-OES (Varian Vista Pro) and C/S combustion
analysis (LECO CS744)) is shown in Table 4.1. The prototype med-Mn steel was produced at U.S.
Steel R&D (Munhall, PA) where the steel was melted in an induction furnace using electrolytic Fe
(Armco) and alloying additions of 99.99%+ purity. Figure 4.1 shows the detailed thermo-
mechanical processing (TMP) route utilised to produce the as-received cold-rolled steels.

Table 4.1: Chemical Composition of the Prototype Med-Mn 3G AHSS (wt%). Note that the Ac;

and Acs were measured via Quench Dilatometry.

C Mn Si Al Cr Ti S Si/Mn Acy Acs

wt% 018 591 146 043 059 0.008 0.0056 0.25
520°C 765 °C

at% 082 586 284 087 062 0.009 0.010 --
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Figure 4.1: Thermo-mechanical processing route of the prototype med-Mn steel.

Sample coupons, measuring 10 mm x 50 mm with the longitudinal axis parallel to the rolling
direction (RD), were used throughout this study. The coupons were lightly ground with a series of
SiC papers, with 4000 grit SiC being the final step, to mitigate the effects of the as-received cold-
rolled finish roughness on subsequent surface analyses. As discussed in [12], the thermal
processing route which yielded the most promising mechanical properties (i.e., UTS = 1380 MPa,
TE =19.5%, UTS x TE = 26,910 MPa%, [12]) was used for all experiments. All thermal treatments
were carried out in the McMaster Galvanizing Simulator (MGS, Iwatani-Surtec). When annealing
only, the MGS comprises an atmosphere-controlled column equipped with a quartz lamp infrared
furnace. A schematic of the thermal processing cycle used can be found in Figure 4.2. As pictured,
the as-received cold-rolled sheet was first austenitized at 775 °C x 600 s, followed by high velocity

N2 gas cooling at —30 °C/s to room temperature to produce the desired martensitic starting
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microstructure for subsequent intercritical annealing [12]. The martensitic starting microstructure
samples will be referred to as the M samples, as specified in Table 4.2.

Following the austenitizing heat treatment, the steel was flash pickled to remove any external
oxides (Figure 4.2). Flash pickling consisted of a 60 s immersion in a 30 °C solution comprising
64.5 mL DI water, 59.6 mL HCI, and 0.25 g hexamethylenetetramine [35], followed by rinsing
and drying. Flash pickled samples were then intercritically annealed at 675 °C x 120 s (Figure 4.2)
followed by cooling at —10 °C/s to the overaging temperature (OT) isothermal hold of 460 °C x 20
s. This latter is common practice in the CGL to thermally equilibrate the substrate with that of the
resident molten Zn-alloy galvanizing bath [36]. Following the OT treatment, samples were then
cooled to room temperature and stored in anhydrous isopropanol (99.9% purity) to minimize
atmospheric contamination and oxidation. As specified in Table 4.3, the intercritically annealed
samples will be referred to as M-1A in the subsequent text.

As specified in Table 4.2 and Table 4.3, both the austenitizing and intercritical annealing
treatment process atmospheres were varied across three dew point controlled (i.e., Tap) simulated
N2-5 vol% H> CGL process atmospheres, where Tgp = —30 °C, —10 °C and +5 °C. In this case, a
premixed dry and water saturated N2-5 vol % H gas streams were mixed via mass flow controllers
before entering the MGS such that the gas flow was counter-current to the sample movement. The
process atmosphere pO2 for the annealing temperatures and their fixed pH>O/pH; ratios are
documented in Table 4.2 and Table 4.3 for the austenitizing and intercritical annealing treatments,
respectively. It should be further noted that all of the process atmospheres enumerated in Table 4.2
and Table 4.3 are reducing with respect to Fe-oxides but are oxidizing with respect to the primary

alloying elements Mn, Si, Al, and Cr (Table 4.1).
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Figure 4.2: Schematic diagram of the experimental thermal profile.

Table 4.2: Summary of Austenitizing Heat Treatment Parameters and Process Atmosphere

Characteristics.

Sample Austenitizing Ho.lding T pO pH20/pH2
D Temperature Time o 2
(°C) (s) (°O) (atm)

-30 1.15x103 1.0x10?

M 775 600 ~10 3.65x 1022 5.6 x 102

+5  3.38x102%" 1.7x10"!

Table 4.3: Summary of Intercritical Annealing Heat Treatment Parameters and Process

Atmosphere Characteristics.

Holding Holding pO pH20/pH>
' 2

Sample IAT Time OoT Time

D co 0 co TN ) @m
30 2.85x102% 1.0x107?

—-10 9.03 x 103 5.6 x 102
+5  8.38x10% 1.7x10"!

M-IA 675 120 460 20
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A JEOL 7000F field-emission scanning electron microscope (FE-SEM) was used to analyse
the external oxide distribution and morphology. Secondary electron images (SEI) of the surface
were taken using an acceleration voltage of 10 keV and a working distance of 10 mm. All samples
were sputter coated with C to minimize charging from the incident electron beam. Furthermore,
the cross-sections of the heat-treated samples were analysed with energy dispersive X-ray
spectroscopy (EDS) using the JEOL 7000F FE-SEM. An acceleration voltage of 15 keV and a
working distance of 10 mm were used in this case. All samples were polished using standard
metallographic methods to a 0.04 um finish using colloidal silica. EDS line scans were performed
in order to determine elemental depth profiles, which were then assessed with respect to the bulk
concentration to determine the depth of the solute-depleted layer formed during the austenitizing
heat treatment.

The heat-treated sample external oxide thickness and depth of internal oxidation were
determined by using a Zeiss NVision 40 focused ion beam scanning electron microscope (FIB-
SEM). The FIB-SEM was used to make ~ 15 um wide trench cuts via Ga* ion beam milling. Prior
to ion milling, the region of interest (ROI) was coated with W in order to protect the external
oxides. High magnification SEI were acquired along the length of the trench cut using an in-lens
detector. The SEI micrographs were analysed using ImageJ (v.1.52a) to determine the external
oxide layer thickness and the depth of internal oxidation using a defined grid system (as shown in
Appendix A). At least 200 measurements per sample were taken. The average external oxide
thickness and depth of internal oxidation are reported using a 95% confidence interval of the mean.

A PHI Quantera Il Scanning X-ray Photoelectron Spectroscope (XPS) equipped with an Al Ka
X-ray source (1486.7 eV) was used for obtaining high-resolution surface spectra of the heat-treated

M and M-IA samples. Elemental XPS depth profiles were obtained for the as-austenitized and
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flash pickled M samples to determine the effects of flash pickling. The spot size and take-off angle
of the X-ray beam were 100 um and 45°, respectively. A pass energy of 140 eV (N, O, and C) and
55 eV (Al, Si, Fe, Cr, and Mn) and step size of 0.25 eV (N, O, and C) and 0.1 eV (Al, Si, Fe, Cr,
and Mn) were used when acquiring the spectra. The sample surface was gently sputtered with Ar
to remove any contamination prior to acquiring the high-resolution spectra. All spectra were
calibrated using the metallic iron binding energy of 706.8 eV. For elemental depth profiling, a 1
mm x 1 mm area on the heat-treated sample surface was analysed after Ar sputtering at different
time intervals. The acquired data was processed using MultiPak (v.9.5.1) software.

A FEI Titan 80-300HB TEM was used for high-resolution scanning transmission electron
microscopy (HR-STEM) characterisation of selected heat-treated sample cross-sections to
determine the fine-scale characteristics of the external and internal oxides. An acceleration voltage
of 300 keV was used in all cases. Site-specific TEM samples were prepared using the FIB-SEM.
Electron energy loss spectroscopy (EELS) was used to obtain elemental maps of the sample cross-
sections. EELS spectra were acquired using Gatan Quantum GIF and were analysed with Gatan

Digital Micrograph software (v. 3.43) to extract the elemental maps.
4.4 Results
4.4.1 Effect of process atmosphere pO. during austenitizing heat treatments

The external oxide morphology and distribution were determined by SEM for the M
samples austenitized under the —30 °C, —10 °C, and +5 °C Tgp process atmospheres. SEM
micrographs of the M samples, before and after flash pickling, are shown in Figure 4.3. The
austenitizing time of 600 s resulted in significant external oxidation of the M samples. Nodule-
type external oxides were observed for all M samples prior to flash pickling (Figure 4.3a) — Figure

4.3c)) regardless of process atmosphere Tqp. However, the distribution and surface coverage of the
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external oxide nodules varied with process atmosphere Tgp (pO2). For the M (=30 °C Tqp) sample,
compact, nodule-type external oxides covered the surface, as shown in Figure 4.3a). Contrastingly,
some thin film-type oxides were observed alongside the nodule-type oxides for the M (=10 °C Tqp)
sample (Figure 4.3b)). Surface coverage of the nodule-type oxides decreased significantly with
increased process atmosphere pO2 (i.e., M (+5 °C Tqp), Figure 4.3c)) whereas the thin film-type
oxide coverage increased. Extruded metallic Fe nodules were also observed for the M (+5 °C Tqp)
sample. This was due to the higher process atmosphere pO, (Table 4.2) promoting internal
oxidation of the solutes, resulting in extrusion of the Fe nodules due to the volume change. Similar
Fe nodules were observed by Pourmajidian and McDermid [25] for a model 0.1C-6Mn-2Si (wt%)
med-Mn steel which was annealed at —30 and +5 °C Tgp for 600 s. After flash pickling, most of
the nodular external oxides were removed, irrespective of annealing process atmosphere. Thin
film-type oxides along with metallic Fe nodules were observed on the pickled M surfaces (Figure
4.3d) — Figure 4.3f)), suggesting that flash pickling was effective at eliminating most of the

external oxides for the M treatment, regardless of the austenitizing process atmosphere pO..
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Figure 4.3: SEM images of as-austenitized steels a) M (=30 °C Tgp), b) M (10 °C Tqp), and ¢) M

External Oxide Thickness (nm)

(+5 °C Tqp); flash pickled d) M (=30 °C Tqp), €) M (10 °C Tgp), and f) M (+5 °C Tqp).
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Figure 4.4: a) External oxide thickness and b) depth of internal oxidation as a function of process

atmosphere pO during the austenitizing heat treatment (775 °C x 600 s).

The external oxide thickness and the depth of internal oxidation for the M treatment were

determined by FIB trench cut analysis (details of which are provided in Appendix A). The results

are shown in Figure 4.4. Figure 4.4a) shows that the average external oxide thickness (~ 200 nm)

did not change significantly with increasing process atmosphere pO.. However, flash pickling

largely eliminated the external oxide (to less than 50 nm) for all austenitizing process atmosphere

pO- (Figure 4.4a)). On the other hand, the depth of internal oxidation increased significantly with

increasing process atmosphere pO2 (Figure 4.4b)). As would be expected, the higher process

atmosphere pO; resulted in a higher inward flux of oxygen, which in turn resulted in a deeper

internal oxidation layer for the M samples.

70 T T T T
1 —x (-30 uC Tqp) Before Pickling
60 - = =M(-30°C po) Flash P\c‘klevd I
=M (-10 °C T,) Before Pickling
= =M(-10°C po) Flash Pickled
50 4 =M (+5 °C Ty Before Pickling
- =M(#5°C po) Flash Pickled

40

30

Concentration (at.%)

20+

L - e =
0 B T T T T —
0 10 20 30 40
Sputtering Time (min)
a)

142

Concentration (at.%)

10

— M (-30 "IC Tgyp) Before Plickling
= =M (-30 °C Ty,) Flash Pickled
—— M (-10 °C T,) Before Pickling
= =M(-10 °C T4,) Flash Pickled
—_— M +5°C po) Before Pickling
= =M (#5°C Ty, Flash Pickled

Sputtering Time (min)



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

10 T T T T 100 T T T T
— M (-30 °C T,) Before Pickling —— M (-30 °C T,,) Before Pickling|4
1 ]AI'2 dp P j
— =M (-30 °C Ty,) Flash Pickled 90 O1ls — =M (-30 °C Tg,) Flash Pickled [}
8 = M (-10 °C T;) Before Pickling}{ 80 - —— M (-10 °C T,) Before Pickling_'
— = =M (10 °C Ty,) Flash Pickled —_ = =M(-10 °C Ty,) Flash Pickled |]
B o . .
O\c. — M (+5 °C po) Before Pickling ?\_‘ 704 — M (+5 °C po) Before Pickling H
- .
8 6 _‘ — =M (+5°C T,) Flash Pickled || S — =M (+5°C T, Flash Pickled
c | c 60 1
i) J1 8 ]
= T | 4
c c ]
3 S 40w \ _
c 4
o \
S S 30\, .
\\
20 1 AN e - = )
104 N c———— —_———T = - _
0 T T T T T T =
T T T T
0 10 20 30 40 0 10 20 30 40
Sputtering Time (min) Sputtering Time (min)
C) d)
16 T T I‘ -
1 [crep3 —— M (-30 °C Tg,) Before F’lckl|ng
14 4 - =M(-30°C po) Flash Pickled
4 — M (-10 °C po) Before Pickling
— 121 = =M (-10 °C Ty,) Flash Pickled 4
S \ . ki
=N g — M (+5 °C T,) Before Pickling
& 104 © — =M (+5 °C T,,) Flash Pickled
c 4
o
§ .
<
] .
o
c
o
O .
T T T T

0 10 20 30 40
Sputtering Time (min)
e)

Figure 4.5: XPS elemental depth profiles of a) Mn, b) Si, c) Al, d) O, and e) Cr as a function of
process atmosphere pO> for the austenitizing heat treatment. The green dashed lines represent the

bulk concentration of the respective elements, per Table 4.1.

Table 4.4: XPS Binding Energies used for M Sample Surface Oxide Species Identification. Note

that the Flash Pickled M (—30 °C Tqp) Sample is Representative of all Flash Pickled M samples.

Measured XPS Binding Energies (eV)
Al2s  Si2p Cr2p

Oxide Species

Steel ID Ref.

Mn 2p32 Present
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M (=30 °C Tap) 640.8 - - - MnO
M (=10 °C Tap) 641.5 119.3 102.6 576.6
MnO, MnAl>O4,
M (+5 °C Tap) 641.7 119.5 102.5 576.9 [37-43]
MnSiO3/Mn,SiOa,
Flash Pickled
641.3 119.3 102.5 576.6 MnCr204

M (=30 °C Tqp)

XPS was used to determine elemental depth profiles to assess alloying element enrichment at
the surface and subsurface of the as-austenitized and flash pickled M samples. Figure 4.5 shows
the depth profiles for the major alloying elements as a function of sputtering time and austenitizing
process atmosphere pO.. The green dashed line in each plot represents the nominal bulk
concentration of the alloying element, per Table 4.1. Before pickling, the surface of the M (-30 °C
Tdp) treatment was enriched in Mn (Figure 4.5a), suggesting the formation of Mn-rich oxides. XPS
binding energy analysis of the high-resolution spectra (Table 4.4) confirmed that the nodular
oxides were MnO. These MnO nodules were also observed for the M (=10 °C Tgp) and M (+5 °C
Tap) treatments along with MnAl20s, MnSiO3/Mn;SiO4, and MnCr204 (Table 4.4). Further
analysis of Figure 4.5 revealed that Cr, Si, and Al enrichment occurred at longer sputtering times,
suggesting that these oxides formed either as external oxides below the nodular MnO or as internal
oxides in the subsurface. Moreover, it was also revealed that the external oxides were largely
removed during flash pickling (Figure 4.5). High-resolution surface spectra analysis confirmed
that some MnO, MnAl204, MnSiO3/Mn,SiO4, and MnCr204 oxides remained on the flash pickled
samples, as shown in Table 4.4. Further analysis of Figure 4.5 revealed significant Cr and Al
enrichment with comparatively lower Si enrichment in the flash pickled samples. This suggests
the external oxides after pickling were mainly MnCr,04 with some MnAl.O4 also being present

along with very minor Mn-silicates (i.e., MnSiO3/Mn,SiOs). Furthermore, XPS (Figure 4.5) also

144



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

showed lower than bulk levels of Mn and Si in the subsurface for some distance into the steel,
suggesting that there was significant solute depletion of the near-surface region.

The external and internal oxide chemistry was determined by analysing the cross-sectional
microstructures of the M samples with TEM + EELS elemental maps. Figure 4.6 shows the high
angle annular dark field (HAADF) image and composite elemental map for the M (—30 °C Tqp)
sample cross-section prior to flash pickling. It should be noted that Figure 4.6 does not show the
entirety of the internal oxidation zone as it is focussed on the M (30 °C Tgp) external oxides
morphology and chemistry. Two oxide morphologies were identified in the M (=30 °C Tqp) Sample,
as shown in Figure 4.6a). The external oxides were designated type 1 whereas type 2 oxides were
the thick sub-surface internal oxides. Per Table 4.4 and XPS binding energy analysis, the type 1
external oxides comprised MnO with a thin layer of MnCr.O4 oxides underneath the MnO layer,
as shown in Figure 4.6b). Samanta et al. [44] reported similar Mn and Cr-rich external oxides in
Cr containing AHSSs (~ 0.50 wt%) annealed at 800 °C in a N>-5 vol% H; process atmosphere
with —40 °C Tgp. Further analysis of Figure 4.6 determined that Al and Si predominantly formed
internal oxides. Moreover, the TEM analysis confirmed the SEM finding of extruded metallic Fe
nodules being present on the surface of the M (=30 °C Tqp) sample [19,45-47]. TEM EELS analysis
was also performed on the cross-section of the flash pickled M (30 °C Tqp) sample and the results
are shown in Figure 4.7. Comparison of Figure 4.7 to Figure 4.6 will reveal that the thick external
MnO present on the M (30 °C Tqp) surface prior to flash pickling was largely dissolved. The
remaining external oxides comprised of a thin layer of Mn and Cr-rich oxides (Figure 4.7b)).
Furthermore, another internal oxide morphology — type 3 oxides, comprising core-shell type grain
boundary oxides — was identified in the flash pickled M (=30 °C Taqp) sample (Figure 4.7a)). The

core of the internal oxides was enriched with Al. The shell of the internal oxide, on the other hand,
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was Si-rich. However, Mn and Cr enrichment were also observed in some of the internal oxide
network. Similar core-shell type internal oxides have been reported in annealed AHSSs [21,25].

However, the chemistry of the core-shell structure depended on the steel chemistry.

Fe [

Si @
AlH
om

b)
Figure 4.6: a) HAADF image and b) corresponding TEM EELS composite map for the M (-30

°C Tap) sample before flash pickling.
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a)
Figure 4.7: a) HAADF image and b) corresponding TEM EELS composite map for the M (-30

°C Tap) sample after flash pickling.

SEM-EDS line scans were performed on the cross-section of M samples to determine the
depth of the solute-depleted layer formed during the austenitizing heat treatment. Figure 4.8 shows
the result for the M (—10 °C Tqp) sample, from which Mn, Al, Si, Cr, and O depth profiles were
acquired. From the Mn depth profile, it was found that the depth of solute-depleted layer was
approximately 6 um and coincided with the internal oxide zone formed during the austenitizing
heat treatment. A similar solute-depleted layer was also identified for the M (-30 °C Tgp) and M
(+5 °C Tap) samples. Furthermore, the presence of Mn and Si-rich grain boundary oxides was also

ascertained through the Mn, Si, and O profiles in Figure 4.8 (marked by the vertical dashed lines).
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Distance (um)

Figure 4.8: SEM-EDS line scan showing the depth of solute-depleted layer in M (10 °C Tqp)

sample.
4.4.2 Effect of process atmosphere pO2 during intercritical annealing

The flash pickled M samples were subsequently subjected to a CGL-compatible
intercritical annealing heat treatment [12], per Table 4.3. As was the case for the austenitizing heat
treatment, three process atmosphere dew points (-30, —10, and +5 °C Tqp) were used to determine
the effect of process atmosphere pO2 on substrate external and internal oxidation. The external
oxide morphology and distribution for the intercritically annealed M samples (M-1A) are shown
in Figure 4.9. For the M (-30 °C Tqp) samples (Figure 4.9a) — Figure 4.9¢)), the surface comprised

fine nodule-type oxides alongside discreate patches of thin film-type oxides, regardless of the
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process atmosphere dew point employed during intercritical annealing. Contrastingly, for the M
samples austenitized at the higher process atmosphere Tqp of —10 °C and +5 °C, Figure 4.9d) —
Figure 4.9i), the surface was covered with thin, film-type oxides with some scattered fine nodular
oxides. Furthermore, significant quantities of extruded metallic Fe nodules were observed on the
surfaces of these higher Tqp annealed M-IA samples owing to deeper internal oxidation during
austenitizing and intercritical annealing. These Fe nodules would likely be beneficial for reactive
wetting during galvanizing as they will likely react preferentially with the galvanizing bath due to

their higher surface/volume ratio to initiate the formation of the Fe,AlsZny interfacial layer.
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Figure 4.9: SEM images of the surfaces of M-1A samples austenitized, flash pickled, and

50

intercritically annealed as a function of process atmosphere Tqp (pO2).
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Figure 4.10: a) External oxide thickness and b) depth of internal oxidation as a function of

intercritical annealing process atmosphere pOz; the dashed lines represent the external oxide

thickness and depth of internal oxidation of the flash pickled samples for their respective

austenitizing heat treatment process atmosphere pOa.

The external oxide thickness and depth of internal oxidation for the M-IA samples were

determined by FIB trench cut analysis and the results are shown in Figure 4.10. The dashed lines

in Figure 4.10 represent the average external oxide thickness and depth of internal oxidation of the

flash pickled M samples for their respective process atmosphere Tqp (pO2) during the austenitizing

heat treatment. These dashed lines were used to determine if further growth of the external and

internal oxide layers had occurred during intercritical annealing. As can be seen in Figure 4.10a),

no significant change in external oxide thickness was observed for the intercritically annealed

samples, regardless of process atmosphere pO> during intercritical annealing. As a result, a thin (~

30 nm) external oxide layer was present for all M-1A samples and is likely indicative of relatively

150



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

large portions of the substrate Fe being boldly exposed to the environment. In the case of MnO
films, this finding is promising as Kavitha and McDermid [48] have reported that it is possible to
aluminothermically reduce up to 85 nm of external MnO within the common CGL dipping time
of 4 s. On the other hand, the depth of internal oxidation increased significantly with increasing
process atmosphere pO2 during intercritical annealing, regardless of austenitizing process
atmosphere (Figure 4.10b)). The deepest internal oxidation zone (~ 11 um) was observed in for
the M (+5 °C Tagp)-1A (+5 °C Tqp) sample (Figure 4.10b)). It should be noted that this relatively
deep internal oxidation zone can affect AHSS resistance spot welding (RSW) such that the weld
lobe is shifted to higher currents or longer welding times [49].

The external oxide species on the intercritically annealed surfaces were identified by analysing
the XPS binding energies from the high-resolution spectra collected. Appendix B shows the XPS
binding energy analysis for the M (-30 °C Tap)-IA (-30 °C Tgp) sample. This analysis is
representative of all the M-1A samples. In all cases, MnO, MnAIl204, MnSiO3/Mn,SiO4, and
MnCr204 were identified on the sample surface. It should be noted that these external oxide species
corresponded to those identified for the flash pickled M surfaces, as shown in Table 4.4.

TEM EELS analysis was conducted on cross-sections of the M (—30 °C Tgp)-1A samples to
determine the external and internal oxide chemistry and morphology. These samples were chosen
as they had a shallower internal oxide zone (Figure 4.10b)), which is expected to have benefits
with respect to the RSW of the present med-Mn steel [49]. All three oxide morphologies, as
identified above, were observed in the M (=30 °C Tgp)-1A samples, as shown in Figure 4.11 —
Figure 4.13. The type 1 external oxides were mainly Mn and Cr-rich oxides (Figure 4.11b), Figure
4.12h), and Figure 4.13h)). Comparison of Figure 4.11b), Figure 4.12h), and Figure 4.13h) to the

TEM EELS maps of the flash pickled M (=30 °C Tqp) surface (Figure 4.7) will show no significant
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difference between the two and indicates that no significant growth of the external oxide layer
occurred during intercritical annealing, consistent with the results shown in Figure 4.10.

TEM EELS analysis also revealed that the type 2 oxides were mainly comprised of Si and Al
(Figure 4.11 — Figure 4.13). However, some Mn and Cr enrichment was also observed in all the
samples, particularly in the oxide shells. Furthermore, it should be noted that this relatively thick
sub-surface internal oxide layer was similar to that observed in the M (—30 °C Tqp) sample (Figure
4.6).

Further analysis of the TEM EELS elemental maps for the M (—30 °C Tgp)-1A (=10 °C Tqp)
(Figure 4.12) and M (30 °C Tap)-1A (+5 °C Taqp) samples (Figure 4.13) established that the type 3
internal oxides had a core-shell type structure. However, the chemistry of this core-shell internal
oxide was different as compared to those observed in the flash pickled M (=30 °C Tqp) samples
(Figure 4.7). A Si-rich oxide core was observed in the M (—30 °C Tgp)-1A (10 °C Tgp) and M (—
30 °C Tap)-1A (+5 °C Tqp) samples (Figure 4.12e) and Figure 4.13e), respectively). The shell of
the internal oxide was Mn-containing with some scattered Cr, as shown in Figure 4.12c), Figure
4.12q), Figure 4.13c), and Figure 4.13g). However, Al-rich oxides were not observed in these type
3 internal oxides. Moreover, it should be noted that extruded Fe nodules were also observed on the

surface of the M (=30 °C Tap)-1A samples (Figure 4.11b), Figure 4.12b), and Figure 4.13b)).
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b)
Figure 4.11: a) HAADF image and b) corresponding TEM EELS composite elemental map for

the M (=30 °C Tap)-1A (=30 °C Tgp) sample.
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c) d)

MnH
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Sill
Al
om

g) h)
Figure 4.12: a) HAADF image and TEM EELS elemental maps of b) Fe, c) Mn, d) O, e) Si, 1)

Al, g) Cr, and h) corresponding composite elemental map for the M (—30 °C Tgp)-1A (—10 °C Tap)

sample.
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Figure 4.13: a) HAADF image and TEM EELS elemental maps of b) Fe, c) Mn, d) O, e) Si, f)

Al, g) Cr, and h) corresponding composite elemental map for M (-30 °C Tgp)-1A (+5 °C Tqp)

sample.
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45 Discussion

A prototype med-Mn steel was subjected to a two-stage CGL-compatible austenitizing and
intercritical annealing heat treatment under three process atmosphere Tqp (—30, —10, and +5 °C) to
determine the effect of process atmosphere pO2 on selective external and internal oxidation. The
heat treatment parameters were chosen based on a previous study of this prototype steel which
yielded 3G AHSS target mechanical properties [12].

It was found that the austenitizing heat treatment resulted in external oxides with an average
thickness of approximately 200 nm regardless of the process atmosphere pO., as shown in Figure
4.4a). It should be noted that a simple Wagner [50] analysis (using the diffusion data from Table
4.6 and thermodynamic data from Appendix C) predicts that the oxidation mode for Mn changes
from external to internal oxidation at Tqp > —30 °C for the austenitizing temperature of 775 °C.
Nevertheless, external oxides formed during the austenitizing heat treatment for all process
atmosphere Tqp explored, belying this prediction. The external oxides grew to an approximately
equal thickness after the 600 s holding time, indicating that they likely formed during sample
heating. Contrastingly, the predominant internal oxidation mode resulted in a significant increase
in the internal oxidation depth with increasing process atmosphere Tqp (pO2) (Figure 4.4b)). SEM
examination of the external oxides revealed that the morphology, distribution, and surface
coverage of the external oxides varied with process atmosphere pO2 (Figure 4.3a) - Figure 4.3c)).
For the —30 °C Tqp process atmosphere, the surface was covered with nodular oxides (Figure 4.3a)).
XPS revealed that these nodular oxides were MnO (Table 4.4). Fine-scale TEM+EELS analysis
of the sample cross-section established that MnO overlayed a thin MnCr204 layer (Figure 4.6b)).
However, the Wagner model [50] predicts internal oxidation of Cr, thereby not being consistent

with the TEM observation. It should be noted that one of the limitations of the Wagner model [50]
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is its applicability in complex alloy and oxide systems. Hence, formation of the complex MnCr204
instead of simple binary oxide (i.e., Cr203) is likely the reason for this disagreement. Nevertheless,
this result is consistent with the observations reported by various researchers with Mn and Cr
containing AHSSs [43,44,51]. For example, Swaminathan [51] reported external MnCr204
formation owing to chemical interactions between Mn and Cr at higher process atmosphere Tgp >
—40 °C for a Fe-2Mn-0.8Cr (wt%) alloy. In the present research, thin film-type external MnCr204
were observed alongside nodule-type MnO for the M (=10 °C Tgp) and M (+5 °C Tap) samples
(Figure 4.3b) and Figure 4.3c)). However, only nodular MnO was observed for the M (—30 °C Tqp)
sample (Figure 4.3a)). As explained above, this change in morphology of the external oxides was
likely due to the change in predominant Mn oxidation mode from external to internal for the higher
pO. process atmospheres, as shown in Figure 4.4b). Extruded Fe nodules resulting from the
volume expansion associated with internal oxidation were also observed for the M (+5 °C Tap)
sample austenitized under the highest process atmosphere pO2 of 3.38 x 10! atm (Table 4.2).
Similar external oxide distribution and surface coverage was reported by Pourmajidian and
McDermid [25] for a model 0.1C-6Mn-2Si (wt%) med-Mn steel which was annealed for 600 s at
+5 °C Tagp. XPS binding energy analysis revealed that the film-type oxides alongside the nodular
MnO were complex oxides comprising MnAl204, MnSiO3/Mn2SiO4, and MNnCr20a4.

The intermediate flash pickling step significantly reduced the average thickness of the external
oxides to approximately 30 nm, as shown in Figure 4.4a). Furthermore, SEM analysis (Figure
4.3d) — Figure 4.3f)) and XPS Mn depth profiling (Figure 4.5a)) confirmed a significant reduction
of the MnO layer thickness. XPS depth profiling (Figure 4.5) and TEM EELS analysis (Figure
4.7) also showed that the external oxides comprised MnCr204 with some MnAIl>.O4 and minor

MnSiO3/Mn,SiOs4. This is consistent with literature which reported that MnO, MnSiOs, and
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MnSiO4 oxides are highly soluble in HCI [52-54]. Furthermore, the presence of Fe nodules was
observed on the flash pickled surface of not only the M (+5 °C Tgp) sample but also the M (30 °C
Tgp) and M (—10 °C Tgp) samples owing to the dissolution of the relatively thin external oxides
covering the Fe nodules (Figure 4.3d) - Figure 4.3f)).

TEM EELS analysis of the M (—30 °C Tqp) sample, both before and after flash pickling (Figure
4.6 and Figure 4.7), revealed that the near-surface internal oxide layer was enriched with Al and
Si. This would be expected for Al as Wagner model [50] predicts internal oxidation of Al for all
three process atmosphere Tqp. However, Si is expected to oxidize externally for the —30 °C Tqp
process atmosphere, as predicted by the Wagner model [50]. This inconsistency was likely due to
the fact that Si formed complex MnSiO3/Mn3SiO4 (Table 4.4) instead of simple SiO». Further
analysis of Figure 4.7b) revealed that the internal oxides, particularly those formed at the grain
boundaries, had a core-shell type structure. The core of these internal oxides was enriched with Al
whereas the shell was enriched in Si with some Mn and Cr enrichment. This structure can be
explained in terms of the thermodynamic driving force for oxide formation, solubility of the oxides
in austenite, and the relative diffusivities of these elements during the austenitizing heat treatment.

Figure 4.14 provides the relevant thermodynamic information for the equilibrium pO: of the
relevant metal-oxide reactions and experimental process atmosphere dew points as a function of
temperature. Figure 4.14a) provides a comprehensive compilation for a large temperature range,
where the red box highlights the temperature range of relevance for the current experiments and
Figure 4.14b) provides a more detailed (and slightly simplified) version of Figure 4.14a). In the
case of continuous galvanizing process atmospheres, the relevant reaction for the formation of a
general ternary oxide (MxNyO,) is the reaction of the general metallic solute(s) M and N with water

vapour, as provided by equation (4.1):
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XM +yN +2zH,0=M,N O, +zH, (4.1)

At equilibrium, the standard Gibbs energy of equation (4.1) (AG}{I) IS given by:

AG?, = —RT InK,, =—RT In{ : (PH;) } 4.2)
ayay (pH,0)

where R and T are the gas constant and absolute temperature, respectively, pH, and pH,O are
the partial pressures of hydrogen and water vapour, respectively, a. is the activity of a general

solute species, where it is assumed that the oxide is a pure condensed species with unit activity.

For the present experiments, it should be noted that pH2 = 0.05 in all cases. Furthermore, for a

given process atmosphere with a fixed dew point, it should be noted that the [%jraﬁo IS
pH,

constant for all T. The reader should note that equations (4.1) and (4.2) can be easily modified for
a binary oxide by removing the terms related to the second solute species, N. Equation (4.1) can
be considered to be the sum of two sub-reactions, in this case the decomposition of water vapour

and the formation of the general ternary oxide:

2 %
zH,0=2H,+20, AG:,=-RTInK,,=—RTIn (PH;) (pof) (4.3)
2 (pH,0O)

XM +yN+=0,=M,N,O,  AG{,=—RTInK,, =—RTIn {;} (4.4)
2 axal (po, )4
and
AGY, =AGY, +AG?, =—RT In(K,;°K,,) (4.5)
where equations (4.3) and (4.4) can easily be solved to yield the equilibrium pO; associated with

the applicable process atmosphere or oxide as a function of T. A complete listing of the

thermodynamic data used to calculate Figure 4.14 can be found in Appendix C.
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Figure 4.14: Oxygen partial pressure vs temperature for the formation of (a) relevant oxides and
all experimental dew points (b) detailed view of the experimental region with the —30 °C Tqp

process atmosphere, emphasizing the austenitizing temperature of 775 °C.

Figure 4.14a) shows that all three process atmospheres (-30 °C, —10 °C, and +5 °C Tqp) are
reducing with respect to any Fe-oxides present on the as-received substrates but are oxidizing with
respect to the primary alloying elements Mn, Si, Al, and Cr. For the austenitizing heat treatments,
Figure 4.14b) provides a detailed view of the thermodynamic driving forces for the oxidation
reactions. It has been argued by Zhang et al. [55] that the selective oxidation reactions are driven
by the pO. of the process atmosphere, but this is not a complete picture. As can be seen in Figure
4.14b), the pO2 of the —30 °C Tgp N2-5 vol% H. process atmosphere is approximately 102 atm.
However, the equilibrium pO: of the solute oxides are many orders of magnitude less than that of
the process atmosphere, indicative of a significant thermodynamic driving force for their
formation, with the driving force for the reaction being proportional to the difference in the
equilibrium pO2 between the process atmosphere and oxide formation reaction (Figure 4.14b)).
From this graphic, it is clear that the driving force for the oxides of concern for the ternary oxide
formation (reaction (4.1)) increases in the order:

Cr,0, < MnCr,0, < MnO < (Mn, Si)—oxides < SiO, < MnAl,04 < Al,O, (4.6)

where (Mn,Si) oxides refer to both MnSiO3z and Mn;SiOs.

However, another factor which must be considered is the solubility of the oxide in the
matrix. Table 4.5 lists the solubility products of the relevant oxides in both austenite at 775 °C for
the austenitizing heat treatment and in ferrite at 675 °C for the 1A heat treatment. As the near-
surface region has been decarburized and also de-alloyed (Figure 4.8) during the austenitizing heat

treatment, the most relevant solubility data for the 1A treatment are those for ferrite. It should be
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noted that an exceptionally high solubility product for an oxide would suggest that precipitation
of the oxide will be delayed versus that of a low solubility product oxide, despite having a
substantial thermodynamic driving force. From Table 4.5, it can be seen that most of the oxides
observed in the present experiments have very low solubility products in both austenite and ferrite,
with the solubility product of MnO being considerably higher than that of the other oxides
suggesting that precipitation of MnO in austenite and ferrite matrix would be delayed versus the
other oxides.

Table 4.5: Solubility Products of Oxide Species in Austenite at 775 °C and Ferrite at 675 °C.

Solubility Product

Oxide Species Ref.
Austenite at 775 °C Ferrite at 675 °C

MnO 4.13 (ppm)? 0.34 (ppm)?

SiO; 9.96 x 10 (ppm)? 6.06 x 108 (ppm)?
MnAl>O4 6.59 x 102! (ppm)’ 3.04 x 10°%' (ppm)’

[56-60]

Mn2SiO4 6.87 x 107 (ppm)’ 1.32 x 10t (ppm)’

Al;O3 1.67 x 10° (ppm)°® 1.70 x 10%* (ppm)°®
MnCr,04 1.08 x 10 (ppm)’ 3.65 x 10 (ppm)’

Kinetic factors must also be taken into account when discussing selective oxidation under
relatively transient CGL conditions. Table 4.6 and Table 4.7 list the diffusion data, diffusivities,
and molar fluxes of the solute elements in austenite at 775 °C and ferrite at 675 °C, respectively.
It can be seen that Al has significantly higher diffusivity in austenite compared to Si, Cr, and Mn,
resulting in Al enrichment at the grain boundaries and formation of the internal oxide cores (Figure

4.6 and Figure 4.7). On the other hand, due to relatively slow diffusivity versus Al (but still greater
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than Mn and Cr) and high driving force for oxide formation, Si enrichment occurs after Al
enrichment, forming the shell of the internal oxides.
Table 4.6: Diffusivity Data for Si, Mn, Al, Cr, and O in Austenite at 775 °C. Note that the flux
(J) was calculated considering steady-state conditions and diffusion from the mid-thickness to

the surface of the sheet steel (i.e., Ax = 0.0007 m).

Pre-
Activation Diffusion
exponential Flux
energy coefficient
Element constant J) Ref.
Qi) (D)
(Di") (mol/m?-s)
(10° J/mol) (m?/s)
(10* m?/s)
Si 0.07 243 54x101% 401 x107" [61]
Mn 0.178 264.2 1.2x10"8 1.84 x 10712 [62]
Al 5.9 241.58 54x101% 1231 x 10" [63]
Cr 1.69 263.9 1.2 x 10" 1.94 x 10712 [62]
O 5.75 168 243 x 10712 [60]

Further growth of the internal oxides during intercritical annealing was only observed for
(=10 °C Tgp) and (+5 °C Tqp) process atmospheres owing to the higher inward O flux compared to
(=30 °C Tqp) process atmosphere (Figure 4.10b)). It is expected that the immediate sub-surface
layer would be ferritic after significant decarburization and de-alloying during the 600 s
austenitizing heat treatment (Figure 4.8); indicating that the relevant diffusion data and solubility
products should be those of ferrite. The TEM analysis of Figure 4.12 and Figure 4.13 indicated

that the type 3 internal oxides formed during intercritical annealing were grain boundary oxides.
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The internal oxides had a core-shell type structure; however, the chemical composition was
different compared the internal oxides observed in the M (-30 °C Tqp) sample (Figure 4.7b)). A
Si-rich oxide core with Mn-rich oxide shell was observed in the deeper grain boundary oxides of
the M (=30 °C Tap)-1A (=10 °C Tgp) and M (=30 °C Tgp)-1A (+5 °C Tqp) samples (Figure 4.12 and
Figure 4.13). This is consistent with higher diffusivity of Si compared to Mn, Cr, and Al in ferrite
at 675 °C, as shown in Table 4.7, and with the thermodynamic driving force for oxide formation
(Figure 4.14b)). Furthermore, the solubility products of the observed oxide species, calculated in
ferrite at 675 °C (Table 4.5), suggest that internal oxide shell is Mn2SiO4 instead of MnQO, the latter
of which has significantly higher solubility in ferrite.

Table 4.7: Diffusivity Data for Si, Mn, Al, Cr, and O in Ferrite at 675 °C. Note that the flux (J)

was calculated considering steady-state condition and diffusion from the mid-thickness to the

surface of the sheet steel (i.e., Ax = 0.0007 m).

Pre-
Activation Diffusion
exponential Flux
energy coefficient
Element constant ) Ref.
Qi) (D)
(Di) (mol/m?-s)
(10° J/mol) (m?/s)
(10 m?/s)
Si 0.93 219.79 7.2x10Y 5338 x 1012 [64]
Mn 0.76 224.35 3.3x10%  50.82 x 1012 [62]
Al 5.15 245.8 1.5x 101 3.41x107"? [65]
Cr 2.33 238.8 1.6x10%Y  2.60x 1072 [62]
O 0.037 98 1.47 x 101 [60]
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Contrastingly, no significant growth of the external oxides was observed during the
intercritical annealing heat treatment, regardless of the process atmosphere pO2 (Figure 4.10a)).
Moreover, TEM EELS (Figure 4.7, Figure 4.11 — Figure 4.13) and XPS binding energy analysis
(Table 4.4 and Appendix B) determined that similar external oxide species were present after flash
pickling and intercritical annealing. This is very likely due to the solute-depleted layer that formed
during the austenitizing heat treatment. The SEM-EDS line scan (Figure 4.8) showed that the
thickness of the solute-depleted layer was consistent with the depth of internal oxidation of the M
samples (Figure 4.4b)). This confirmed that solute-depleted layer was several microns thick, with
the lowest thickness (~ 2 um) being observed for the M (—30 °C Tqp) sample. Appendix D shows
the concentration profiles of Al, Cr, Mn, and Si as a function of diffusion distance in ferrite after
the 675 °C x 120 s IA treatment. From this, it can be seen that the maximum distance that the
solutes can diffuse is significantly lower than 1 um. Hence, with a multi-micron deep solute-
depleted layer, growth of the external oxides was not observed after intercritical annealing for all
process atmosphere pO2. In addition, extruded Fe nodules were observed on the surfaces along
with thin (~ 30 nm) external oxides.

As mentioned previously, obtaining surfaces suitable for reactive wetting by the molten
Zn(Al, Fe) continuous galvanizing bath was one of the objectives of this research. To this end, it
must be commented that the above results are promising in this respect. Fundamentally, the
substrates processed using the present thermal processing parameters and process atmospheres,
due to decarburization and dealloying of the near-surface layer, will present a Fe-rich surface with
fine, widely dispersed MnCr.O4 nodules with relatively thin internodular oxides. This surface is
almost ideal for reactive wetting as it will react with the dissolved Al in the molten bath to either

aluminothermically reduce the thin oxides or react directly with the boldly exposed Fe to form the
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desired Fe;AlsZnx interfacial intermetallic, resulting in a robust, high-quality Zn coating on the

prototype med-Mn 3G AHSS. The reactive wetting of the present steel by a simulated CGL Zn(Al,

Fe) bath will be the subject of a subsequent publication by the present authors.

4.6 Conclusions

The external and internal oxides formed during austenitizing and intercritical annealing heat

treatment as a function of process atmosphere dew point were determined for a prototype med-Mn

3G AHSS. Moreover, the effect of an intermediate flash pickling step on the external oxides was

also determined. Based on the results, it can be concluded that

1)

2)

3)

The austenitizing heat treatment resulted in MnO, MnAl>,O4, MnSiO3/Mn,SiO4, and
MnCr204 external oxide formation with an average thickness of approximately 200 nm.
TEM EELS analysis determined that nodule-type MnO oxides formed on top of MnAl20a,
MnSiO3/Mn,SiOs, and MnCr204 oxides. However, the surface coverage of these oxides
depended on the process atmosphere dew point. The +5 °C Tgp process atmosphere
promoted deeper internal oxidation, which resulted in significant quantity of extruded Fe
nodules on the surface alongside the selective external oxides.

Flash pickling significantly reduced the thickness of the external oxides formed during
the austenitizing heat treatment. Complete dissolution of the compact nodular MnO
oxides in some areas during flash pickling revealed metallic Fe nodules on the external
surfaces of M samples.

No significant growth of the external oxide was observed during intercritical annealing,
regardless of the process atmosphere dew point, owing to the solute-depleted layer that

formed during the austenitizing heat treatment. Discreate MnO, MnCr204, MnAl204, and
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MnSiO3/Mn,SiO4 oxides, similar to those present after flash pickling (average thickness
~ 30 nm), were also observed after intercritical annealing.

4) Overall, the presence of fine, nodular oxides with thin internodular external oxides, the
boldly exposed Fe surface, and extruded metallic Fe nodules on the pre-immersion steel
surface is expected to be beneficial during continuous hot-dip galvanizing and producing

high-quality galvanized coating in this prototype med-Mn 3G AHSS.
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4.8 Appendix A
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Figure 4.15: High magnification SEI along the FIB trench cut showing the process of

b)

determining a) external oxide thickness and b) depth of internal oxidation for the flash pickled M

(10 °C Tgp) sample.

4.9 Appendix B
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Figure 4.16: Background subtracted high-resolution XPS spectrum of a) Mn 2ps/2, b) Cr 2p, c) Si
2p, and d) Al 2s from M (=30 °C Tgp)-1A (30 °C Tap) sample surface. Note that these are

representative of all the M-1A samples.
4.10 Appendix C

Table 4.8: Thermodynamic Data used for Constructing Figure 4.14.

Formation AG ( Jmol-l) Ref.

Reaction

2
2Al +§Oz = ALO, —11.49866T InT +441.7964T —(3.572678E —03)T
1

+14.34315T * —677.7411T 2 + 2.03343x10 ' T* —-1700491

2cr+30, =cro, 297.799334T InT —2306.3214T —0.1006328T 2
4175977187+ 23712.6364T 2 1661
+119.406x10'T* ~1292002.1

For %02 _ FeO —~312.37974T InT + 2289.59246T +0.1296543T 2
T =800-1000K +35023345.2T * +1042.28461T 2

+5.85664 x10"'T° —536965.33
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Fe+102 — FeO ~330.66382T InT +2311.46177T +0.17360722T °
1
T =1000-1043K +212465.196T ~* +1042.28461T 2
+5.85664x10'T° —441674.76
3Fe+20, = Fe,0, —819.5096T InT +6020.9804T +0.3753117T?
T =800-1000K 1

+62252807.2T * + 4169.1384T 2

+2.69232x107T% ~1722055.5
3Fe+20, = Fe,0, ~874.3619T InT +6086.58860T +0.50717045T ?
T =1000-1043K 1
421798337 * + 4169.1384T 2
+2.69232x10'T° ~1436183.8
H,+10,=H,0()  —2304.0466T InT +18256.7583T +1.44162570T"

1

~8161063.5T * -121879.48T 2

—3158.67x107'T* + 245617.101
1 _ _ 2
H,+=0, = H,0(g) 14.5914916T InT —49.440744T —0.0053297T

1

~122643.5T * - 76.542088T 2

+3.47762x10 7T° — 236434.09
Mn+20, = Mno 1.3662852T InT +36.6929348T +0.00481023T 2

1
T =298-980K +352614.968T * +1042.28461T 2

-3.9889179x10 7T —395773.02
Mn+lo,—mno  10.4915884T InT —23.449655T +(2.79219E - 05)T

1

T =980-1360K +534200.568T * +1042.28461T 2
~3.9889179x107T° —394019.63

Mn+si+ 30, 19.5054352T InT +67.1685256T —0.0053862T >
1
= MnSiO, +1431376.95T * +3126.85382T 2
T =298-980K +8.75848121x 107 T3 —1352103.4
Mn + i+ 20, 28.6307384T InT +7.02593581T —0.0101685T 2
1
= MnSiO, +1612962.54T * +3126.85382T 2
T =980-1360K +8.75848121x 10T % —1350350.0

171



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

2Mn+3Si+20, 15.7885788T InT +129.671271T +0.00445223T 2

=Mn,SiO, 1

T =298-980K +1980786.36T * +4169.13843T 2
+0.17576147x107'T° —1774679.2

2Mn+ Si +20, 34.0391851T InT +9.38609148T —0.0051124T 2

= Mn,SiO, 1

T —980-1360K +2343957.56T * + 4169.13843T 2

+0.17576147x107 T3 —1771172.4
Si+0, =3i0, 8.21930022T InT +79.2570095T —0.0009297T 2

1

+1322689.18T * + 2084.56922T 2
—1.1798608x107"T* -932891.64

Mn+2Cr +20, 299.1656T InT —2269.63T —0.09582T 2
=MnCr,Q, 1
T = 298_980K +4528592T * + 24754.92T 2
+115.4171x107'T° -1738775 [59,
Mn +2Cr + 20, 308.2909T InT —2329.77T —0.1006T 2 66]
=MnCr,Q, 1
T =980 -1360K +4710178T * +24754.92T 2
+115.4171x107T® 1737022
Mn+2Al +20, -10.1324T InT +480.7093T +0.001238T?
= MnAlQO, 1
T =298 - 980K +352629.3T * +364.5435T 2
~1.95549x107T% 2121266 [66,
Mn +2Al +20, ~1.00707T InT +420.5667T —0.00354T 2 67]
= MnALO, 1
T =980 -1360K +534214.9T * +364.5435T 2

~1.95549x107'T° - 2119513

4.11 Appendix D
The solute concentration profiles are determined based on solving Fick's second law for

diffusion between two semi-infinite solids with different initial solute concentrations. The solution

IS given in equation (4.7):
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_c &G Yy 47
C(y,t)=C, + > {1+erf(zﬁﬂ 4.7)

where C(Y,t) = concentration of solute at position y and time t (in s); y = 0 represents the interface
of the two solids
C, = bulk concentration of the solute (in mole fraction)
C, = concentration of solute (in mole fraction) in the near surface region = 0

D = diffusion coefficient of the solute in ferrite at 675 °C (Table 4.7)
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Figure 4.17: Concentration profiles of Al, Cr, Mn, and Si in ferrite as a function of distance from

the interface after 675 °C x 120 s IA treatment.
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5.1 Abstract

A prototype medium-Mn steel (Fe-0.2C-6Mn-1.5Si-0.5Al-0.5Cr wt%) with a martensitic
starting microstructure was subjected to a continuous galvanizing line (CGL)-compatible
processing route to achieve target mechanical properties for third generation advanced high
strength steel (3G AHSS) and form high-quality galvanized coatings. The austenitizing heat
treatment which was used to produce the martensitic starting microstructure also resulted in
complete surface coverage with Mn-rich nodular external oxides. However, flash pickling was
successful in dissolving these external oxides along with revealing extruded Fe nodules and
exposed substrate. Furthermore, no significant growth of the external oxide was observed during
the CGL-compatible intercritical annealing regardless of the process atmosphere pO2 owing to the
solute-depleted layer formed during the austenitizing heat treatment. The discrete external oxide
nodules, exposed substrate, and extruded Fe nodules present on the pre-immersion surface of the
annealed substrate were beneficial in terms of promoting successful reactive wetting. A robust
Fe>AlsZny inhibition layer formed at the steel/coating interface of the galvanized steel samples
owing to the direct wetting mechanism. Additionally, oxide wetting, oxide lift-off, bath metal
ingress, and aluminothermic reduction were identified as secondary reactive wetting mechanisms

that operated during galvanizing of the medium-Mn steel. These multiple reactive wetting
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mechanisms resulted in good coating adherence as revealed by the three-point bend tests.
Furthermore, the galvanized prototype medium-Mn steels met 3G AHSS general target mechanical

properties (24,000 MPa% < UTS x TE < 40,000 MPa%).
5.2 Introduction

Medium-Mn (med-Mn) steels have been promising candidates to achieve the third generation
advanced high strength steel (3G AHSS) target mechanical properties and meet automotive weight
reduction demands through the optimal selection of intercritical annealing parameters and starting
microstructure [1-11]. Although med-Mn steels contain lower alloy content compared to the
second generation advanced high strength steels (2G AHSS), these steels are still challenging to
galvanize in a continuous galvanizing line (CGL) owing to the selective oxidation of alloying
elements in the dew point controlled N>—(5-20 vol%) H> process atmosphere during the pre-
galvanizing heat treatment required to achieve the desired microstructure and mechanical
properties. Research on different generations of AHSS have shown that the external oxides formed
during the annealing stage can lead to poor reactive wetting during continuous galvanizing
depending on the oxide chemistry, morphology, and distribution [12-25]. In particular, the
formation of SiO- films is considered to be detrimental for successful reactive wetting. Suzuki et
al. [26] considered this criterion for developing a thermodynamic model to predict the selectively
oxidized species and successful reactive wetting for AHSS. The authors concluded that it was
impossible to avoid the deleterious SiO> film formation regardless of the process atmosphere pO>
when the Si/Mn ratio is greater than 1. However, the thermodynamic model is unable to predict
some of the critical factors in reactive wetting such as oxide thickness, morphology, and spatial
distribution. Hence, the model had some disagreements with the results reported in literature. For

example, Bellhouse and McDermid [16] successfully galvanized two Si/Al TRIP-assisted steels
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using conventional CGL process atmospheres where the Si/Mn ratio was equal to 1 and 0.67,
respectively. The authors attributed this to the widely spaced, nodule-type MnO-Mn;SiO4/MnSiOs
on the steel surface. The desired Fe>AlsZny layer was able to form between the nodules and resulted
in a high-quality Zn coating.

Extensive research on different generations of AHSS has identified various reactive wetting
mechanisms that can lead to high-quality galvanized coating via successful formation of the
FeAlsZny interfacial layer. A mechanism for the formation of a well-developed interfacial layer
despite an external MnO layer was first proposed by Khondker et al. [18]. It was hypothesised that
aluminothermic reduction of MnO can occur by the dissolved bath Al during immersion in the
Zn(Al,Fe) bath. This mechanism was later validated by Kavitha and McDermid [27] who reported
that it is possible to aluminothermically reduce up to 85 nm thick MnO layer within the
conventional CGL dipping time of 4 s. Moreover, Liu et al. [28] reported that the AG for possible
aluminothermic reduction of simple oxides such as MnO, Cr20s3, SiOz, P-Os, and Fe»Oz at 460 °C
are negative, implying that aluminothermic reduction of these oxides is thermodynamically
feasible. Aluminothermic reduction of MnO was also reported by Alibeigi et al. [29] for steels
containing higher Mn contents (2.5, 3.5, and 5.1 wt% Mn). Direct wetting is another reactive
wetting mechanism where any exposed substrate and extruded Fe nodules on the pre-immersion
surface come in direct contact with the bath metals and form Fe:AlsZny intermetallics at the
steel/coating interface [30]. Additionally, liquid bath metal infiltration through the cracks at the
oxide-substrate interface, oxide bridging by the Fe AlsZnx intermetallics, and oxide
flaking/spalling are some of the other reactive wetting mechanisms that can operate during
continuous hot-dip galvanizing of AHSS [12,17,20,30,31]. Recently, Pourmajidian and McDermid

[25] reported successful reactive rewetting of a model med-Mn steel (0.1C-6Mn-2Si wt%) owing
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to several of these above mentioned reactive wetting mechanisms operating simultaneously during
hot-dip galvanizing in a 0.20 wt% Al (dissolved) galvanizing bath. The authors showed higher
process atmosphere (N2—5 vol% Hz) dew point (+5 °C) during intercritical annealing resulted in
widely spaced external MnO nodules along with a substantially lower surface coverage by the
oxides. These were determined to be the key contributors to the successful reactive wetting which
resulted in the robust high-quality galvanized coating for the model med-Mn steel. Furthermore,
Pallisco [30] also reported successful reactive wetting of a med-Mn steel (0.15C-5.6Mn-1.9Al-
1.1Si wt%) which went through a two-stage heat treatment — a partial austenitization at 890 °C for
600 s and intercritical annealing at 710 °C for 120 s — with an intermediate flash pickling stage,
and galvanizing in a conventional 0.20 wt% Al (dissolved) Zn(Al,Fe) bath. The author reported
that bath metal infiltration during galvanizing was facilitated by both oxide cracking and spalling
owing to the difference in the coefficient of thermal expansion between the oxides and the substrate
[32], and partial dissolution of internal oxides during an intermediate flash pickling treatment.
However, it should be noted that most of the selective oxidation and reactive wetting studies
on med-Mn steels were conducted on binary and model alloys. Effect of process atmosphere pO2
on the reactive wetting of application-oriented med-Mn steels has not been researched extensively.
Furthermore, although recent research has shown that martensitic starting microstructures are more
robust in achieving the target 3G AHSS mechanical properties in med-Mn steels [2,5,7-11], there
is lack of research on the evolution of external oxides during the austenitizing heat treatment —
used to achieve the martensitic starting microstructure — and intercritical annealing, and its effect
on the subsequent reactive wetting of med-Mn steels. In that regard, the first objective of this
investigation is to determine the external oxide chemistry, morphology, and distribution during the

austenitizing heat treatment and the subsequent flash pickling treatment of a prototype,
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application-oriented 0.2C-6Mn-1.5Si-0.5Al-0.5Cr (wt%) med-Mn steel. The flash pickling was
conducted as it has been reported to dissolve significant amount of thick external oxides formed
during the austenitizing heat treatment [30]. The second objective is to determine the effect of
intercritical annealing process atmosphere pO2 on the selective oxidation and reactive wetting of
the prototype med-Mn steel. The goal is to assess the external oxides formed during the heat
treatments along with the steel/coating interface of the successfully galvanized panels within the
context of producing high-quality Zn coating with conventional CGL-compatible processing

parameters.
5.3 Material and Experimental Methods

The chemical composition of the prototype med-Mn steel is listed in Table 5.1. The
prototype steel was produced at U.S. Steel R&D (Munhall, PA) where it was cast as ingots in a
vacuum induction furnace. The ingots were reheated to 1250 °C and hot rolled to a thickness of
25 mm with a hot roll finish temperature of 1050 °C. The roughed ingots were slow cooled in
vermiculite. The roughed ingots went through a second hot rolling step where they were reheated
to 1250 °C and hot rolled to a thickness of 4 mm with a hot roll finish temperature of 900 °C. The
hot rolled steels were coiled at 665 °C and held at that temperature for 2 hours followed by slow
cooling (7 °C/hr) to room temperature. Afterwards, 18 mm was trimmed from each edge followed
by surface grinding to a thickness of 2.7 mm. Finally, the steels were cold rolled to a thickness of
1.4 mm.

Table 5.1: Chemical Composition of the Prototype Med-Mn 3G AHSS (wt%)

C Mn Si Al Cr Ti S Si/Mn

0.18 591 146 043 0.59 0.008 0.0056 0.25
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Two sample geometries, 10 mm x 50 mm coupons and 120 mm x 200 mm panels, were
used in this research. In both cases, the longitudinal axis was parallel to the rolling direction (RD).
The sample coupons were used for the selective oxidation study whereas the panels were used for
the galvanizing trials. The sample coupons were ground with a series of SiC papers, with 4000 grit
SiC being the final step, to remove the effect of surface roughness on the subsequent surface
analyses after the heat treatments. The steel substrates were cleaned using a nylon brush while the
samples were immersed in an 80 °C 2% NaOH aqueous solution, followed by rinsing in DI water,
ultrasonic cleaning in isopropanol, and drying using a warm air stream. All heat treatments were
carried out in the McMaster Galvanizing Simulator (lwatani-Surtec) with a N>-5 vol% Ha process
atmosphere with a controlled pO2. The temperature of the steel samples was monitored by a type
K thermocouple (0.5 mm) that was spot welded to the sample prior to the heat treatments. The
cooling rate of the annealed samples was controlled by N> gas flow which was adjusted
accordingly to conform to the target cooling rates via feedback control from the sample
thermocouple readings.

A two-stage heat treatment was used in this study. The first stage was the austenitizing heat
treatment to produce the martensitic starting microstructure which has been found to be more
robust in achieving the 3G AHSS target mechanical properties [2,5,7-11]. In that regard, the as-
received cold-rolled samples were subjected to a 600 s austenitizing heat treatment at 775 °C
(above the Acz temperature). The samples were then gas quenched at —30 °C/s to room
temperature. This resulted in a fully martensitic microstructure for the prototype med-Mn steel
[11]. A process atmosphere dew point of —30 °C was used during the austenitizing heat treatment.
Prior to the intercritical annealing heat treatment of the martensitic (M) samples, flash pickling

was conducted in order to dissolve the thick external oxide formed during the austenitizing heat
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treatment. The M samples were pickled at 30 °C for 60 s in a flash pickling solution containing
64.5 mL DI water, 59.6 mL HCI, and 0.25 g hexamethylenetetramine. The flash pickled M samples
were intercritically annealed at 675 °C for 120 s, and then cooled at —10 °C/s to an overaging
temperature (OT) of 460 °C, where the samples were held for 20 s. The intercritical annealing
parameters were chosen based on the microstructure and mechanical property analysis of this
prototype med-Mn steel conducted by the present authors [11]. The overaging section of the heat
treatment was used to obtain thermal equilibrium in the steel substrate prior to entering the molten
Zn bath. As the zinc pot is generally kept at 460-465 °C [33], the overaging temperature was
selected to support the thermal stability of the Zn pot. Finally, the samples were cooled to room
temperature at —10 °C/s. For the galvanizing trials, the steel panels were immersed in a Fe saturated
0.2 wt% Al (dissolved) galvanizing bath for 4 s at 460 °C after the OT treatment. Three different
process atmosphere dew points (Tgp) of —30 °C, —10 °C, and +5 °C were used during the
intercritical annealing to determine their effect on the selective oxidation and the subsequent
reactive wetting of the prototype med-Mn steel. A schematic diagram of the heat treatment profile
is shown in Figure 5.1. Table 5.2 and Table 5.3 show a summary of the heat treatment parameters

along with the process atmosphere pO. and pH2O/pH> used in this study.
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Figure 5.1: Schematic diagram of the two-stage heat treatment profile.

Table 5.2: Summary of Austenitizing Heat Treatment Parameters.

Sample Austenitizing Ho}dlng Td p02 pH20/pH>
D Temperature Time (OCP) (atm)
cC) (s) a
M 775 600 -30 1.15x10% 1.0x10?

Table 5.3: Summary of Intercritical Annealing Heat Treatment Parameters.

Sample IAT Ho}dlng OT Ho.ldlng T pO pH>0/pHa
° Time o Time dp 2
ID (°O) (s) (°C) ©) ©C) (atm)

30 2.85x 107 1.0 x 107
M(-30°CTg)IA 675 120 460 20 ~70 9.03x10%° 5.6x102

+5  8.38x102% 1.7x10!

The morphology and distribution of the external oxides formed during austenitizing and
intercritical annealing were analysed with a JEOL 7000F field emission scanning electron

microscope (FE-SEM). Secondary electron images (SEI) of the surface were taken using an
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acceleration voltage of 10 keV and a working distance of 10 mm. The chemistry of the external
oxides, both before and after flash pickling of the M samples, was determined by a JEOL JAMP-
9500F field emission scanning Auger microscope (FE-SAM). Elemental maps of the surface were
obtained after gently sputtering the sample surface with Ar to remove any contamination. Image
Investigator (v.1.04) software was used to process the Auger elemental spectra and generate the
Auger elemental maps.

The external and internal oxides of the M (—30 °C Tgp)-1A samples were investigated with
high-resolution scanning transmission electron microscopy (HR-STEM). An FEI Titan 80-300HB
TEM was used for analysing the M (=30 °C Tqp)-1A sample cross-sections. The site-specific TEM
samples were prepared using a Zeiss NVision 40 focused ion beam scanning electron microscope
(FIB-SEM). Tungsten coating was used to protect the external oxides of the region of interest
(ROI) during FIB milling. Electron energy loss spectroscopy (EELS) was used to obtain elemental
maps of the sample cross-sections. The electron energy loss spectra were acquired using Gatan
Quantum GIF which were analysed with Gatan Digital Micrograph software (v.3.43) to extract the
elemental maps.

After the galvanizing trials, the steel/coating interface was analysed with a JEOL 7000F
FE-SEM in order to investigate the potential reactive wetting of the substrates (i.e., formation of
Fe>AlsZny intermetallics) by the galvanizing bath. In that regard, the steel/coating interface was
exposed by: 1) chemically stripping the Zn overlay with 10 vol% H2SO4 in water which would
retain the interfacial Fe-Al and Fe-Zn intermetallics, and 2) chemically stripping both the Zn
overlay and Fe-Zn intermetallics with fuming HNOg, leaving any Fe-Al intermetallics formed
intact. Furthermore, low angle x-ray diffraction (LA-XRD) was used to characterise the

intermetallics and oxides that remained on the steel/coating interface after the chemical stripping
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of the zinc overlay. A D8 DISCOVER (Bruker AXS) diffractometer equipped with a Co source (A
=1.79026 A) and a Vantec 500 (MiKroGap TM technology) or Eiger2 R 500K (Bruker AXS) area
detector that was operated in the 2D mode was used to collect the XRD data. DIFFRAC.EVA
software (Bruker AXS) (v.4.0) was used to analyse the diffraction pattern (26 range of 10° to 64°).
The diffraction peaks were identified using the International Centre for Diffraction Data Powder
Diffraction File PDF-4 database [34]. The steel/coating interface was also analysed using HR-
STEM. Elemental maps were obtained from EELS analysis of the galvanized sample cross-
sections which were prepared by FIB milling. This was done to confirm successful reactive wetting
and determine the reactive wetting mechanisms that operated during galvanizing.

The coating adherence was assessed by a customised three-point bend test which was
adopted from the ASTM A 653/A 653M-05 standard [35]. An Instron 5566 universal tensile
machine with a 10 kN load capacity was used for the bend tests. The punch radius and the steel
thickness were 3.18 mm and 1.4 mm, respectively. Coating adhesion was evaluated by examining
the outer bend surface with a Keyence VHX-5000 digital optical microscope. The cross-sections
of the bend test samples were also analysed with a JEOL 7000F FE-SEM to evaluate the growth
of any crack that might have formed during bending of the galvanized samples.

Uniaxial tensile tests were conducted for the galvanized samples with an Instron 100 kN
tensile frame. Sub-size tensile specimens (ASTM E8M- 01¢2 [36]) were cut from the galvanized
panels using electric discharge machining (EDM) where the tensile direction of the specimens was
parallel to the RD. EDM was used to avoid any deformation-induced transformation of retained
austenite in the gauge length prior to tensile testing. All tensile tests were performed at room

temperature with a crosshead speed of 1 mm/min. An extensometer (25 mm gauge length) was
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used to measure the engineering strain. The cross-sections of the fracture surfaces were analysed

using a JEOL 7000F FE-SEM to determine the fracture mechanism.
5.4 Results
5.4.1 Characterisation of External Oxide after Austenitizing and IA treatment

The morphology and distribution of the external oxides, formed during the austenitizing
heat treatment and present after flash pickling, were analysed by SEM. Figure 5.2 shows the SEM
micrographs of the M (-30 °C Tqp) sample. It can be seen that the surface of the M (=30 °C Tqp)
sample was completely covered with nodule-type oxide particles before flash pickling (Figure
5.2a)). This suggests significant external oxidation occurred during the 600 s austenitizing heat
treatment under the —30 °C process atmosphere dew point. However, flash pickling was able to
dissolve most of these compact nodule-type external oxides and reveal some metallic Fe nodules
on the surface which were previously trapped under the compact external oxides, as shown in
Figure 5.2b). These Fe nodules were extruded owing to volumetric expansion associated with

internal oxidation during the austenitizing heat treatment [17,37-39].

Figure 5.2: SEM micrographs showing the surface of M (—30 °C Tqp) sample a) before and b)

after flash pickling.
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The chemistry of the external oxides was determined by using an FE-SAM. Auger
elemental maps were collected from the surface of the M (—30 °C Tqp) sample, before and after
flash pickling, as shown in Figure 5.3 and Figure 5.4, respectively. Before flash pickling, the
surface of the M (30 °C Tqp) sample was covered with Mn-rich external oxides, confirmed by the
Mn (Figure 5.3b)) and O (Figure 5.3c)) elemental maps. On the other hand, after flash pickling,
the Mn-rich oxides were mostly dissolved, and a significant Fe signal was detected on the surface,
as shown in Figure 5.4d). These regions contained both the extruded Fe nodules and exposed
substrate which resulted from complete dissolution of relatively thin external oxides during flash
pickling. Furthermore, it can be seen that the Si, Al, and Cr elemental maps detected some signal
along with the Mn from the flash pickled external surface of the M (-30 °C Tqp) sample (Figure
5.4). This suggests the nodule-type discrete external oxides observed on the flash pickled surface
of the M (=30 °C Tqp) sample (Figure 5.2b)) were Mn, Si, Al, and Cr-rich oxides which were
trapped underneath the Mn-rich external oxides prior to the flash pickling treatment. Furthermore,
it should be noted that thick film-type external oxides were not detected in the M (-30 °C Tqp)
sample, both before and after the flash pickling treatment. This is consistent with the results
reported by Pallisco [30] for a prototype med-Mn steel (0.15C-5.6Mn-1.9Al-1.1Si wt%) that went
through a similar flash pickling treatment after a partial austenitization heat treatment at 890 °C

for 600 s.
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9)

Figure 5.3: a) SEM micrograph and corresponding SAM elemental maps of b) Mn, ¢) O, d) Fe,

e) Si, f) Al, and g) Cr for M (30 °C Tqp) sample before flash pickling.
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9)

Figure 5.4: a) SEM micrograph and corresponding SAM elemental maps of b) Mn, ¢) O, d) Fe,

e) Si, f) Al, and g) Cr for M (30 °C Tqp) sample after flash pickling.

The external oxide morphology and distribution were also analysed by SEM after
intercritical annealing of the M (-30 °C Tqp) samples under —30 °C, —10 °C, and +5 °C process
atmosphere Tqp. The results are shown in Figure 5.5. A similar distribution of nodule-type oxides
and extruded Fe nodules were observed on the surface of the intercritically annealed M (-30 °C
Tdp) samples regardless of the process atmosphere Tqp. This suggests no significant growth of the
external oxides occurred during the 120 s intercritical annealing heat treatment. It is expected that
a multi-micron deep solute-depleted layer formed during the austenitizing heat treatment. Outward

flux of the alloying elements from the bulk could not diffuse through the solute-depleted layer and
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reach the surface during the short (120 s) holding time at this intercritical annealing temperature.

This is also consistent with the results reported in the literature [30].

a) b) c)

Figure 5.5: SEM micrographs showing the surfaces of a) M (=30 °C Tgp)-1A (=30 °C Tqp), b) M

(=30 °C Tap)-1A (=10 °C Tgp), and c) M (=30 °C Tap)-I1A (+5 °C Tgp) samples.

The external and internal oxide chemistries were determined by TEM EELS analysis of the
M (=30 °C Tgp)-IA sample cross-sections. Figure 5.6 shows the high angle annular dark field
(HAADF) TEM image and the corresponding TEM EELS composite map for M (=30 °C Tgp)-I1A
(=30 °C Tap) sample. TEM EELS analysis confirmed that the external oxides were mainly
comprised of Mn- and Cr-rich oxides. This is consistent with the observations reported by
researchers who investigated selective oxidation of Cr containing AHSSs [40,41]. Moreover, the
presence of extruded Fe nodules and exposed substrate was also confirmed on the surface, as
shown in Figure 5.6b). The internal oxides were mainly comprised of Si and Al. However, some
Mn and Cr enrichment was also observed in the internal oxide network. It should be noted that the
surface after the intercritical annealing heat treatment did not contain any continuous thick Si-rich
amorphous oxides. This is promising in terms of successful reactive wetting of this prototype med-

Mn steel [13,14,17,42].
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Figure 5.6: a) HAADF image and b) corresponding TEM EELS composite map for M (-30 °C
Tap)-1A (=30 °C Tap) sample [43].
5.4.2 Reactive Wetting
The macroscopic views of the uniform temperature and coating area of the M (30 °C Tqp)
samples following intercritical annealing under three process atmosphere pO2 and continuous hot-
dip galvanizing are shown in Figure 5.7. In all cases, the steel surfaces were completely coated

with Zn alloy. Furthermore, no significant bare spots or coating defects were observed (Figure

5.7).
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a) b) ¢)

Figure 5.7: Uniform coating area of galvanized a) M (—30 °C Tgp)-1A (=30 °C Tqp), b) M (=30 °C

Tap)-1A (=10 °C Tgp), and ¢) M (=30 °C Tap)-1A (+5 °C Tap) panels.

The steel/coating interface was analysed using various techniques in order to verify
successful reactive wetting during the galvanizing stage. In that regard, the Zn overlay was
chemically stripped with 10 vol% H2SO4 in water and the steel/coating interface was analysed
using SEM. The results are shown in Figure 5.8. It can be seen that in all three cases, a significant
amount of Fe-Zn and Fe-Al intermetallics formed during galvanizing. SEM was also used to
observe the steel/coating interface after chemical stripping of the Zn overlay with fuming HNO3
which only retained Fe-Al intermetallics at the interface. Figure 5.9 shows the SEM images of the
steel/coating interface after chemical stripping with fuming HNOs. Fe>AlsZny crystals were
observed at the steel/coating interface in all three galvanized M (30 °C Tgp)-1A samples. Although
the FeoAlsZny crystals covered the steel/coating interface completely in the M (=30 °C Tgp)-1A (+5
°C Tgp) sample (Figure 5.9c)), there were some holes along with the Fe>AlsZny crystals in the M
(30 °C Tdap)-1A (30 °C Tgp) and the M (30 °C Tap)-1A (10 °C Taqp) samples, as shown in Figure
5.9a) and Figure 5.9b), respectively. These holes might be associated with { phase (FeZni3)
outbursts which have been chemically stripped with fuming HNOs3. This is consistent with SEM
results shown in Figure 5.8a) and Figure 5.8b). The steel/coating interfaces were also analysed
with LA-XRD to identify the intermetallics present in each galvanized sample after chemical

198



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

stripping using the two methods mentioned above. The XRD diffractograms for the galvanized M
(30 °C Tgp)-1A (+5 °C Tap) sample, representative of the three galvanized M (-30 °C Tgp)-1A
samples, are shown in Figure 5.10. The Powder Diffraction File (PDF-4) database [34] was used
to identify the peaks observed in the XRD diffractograms. Fe,Als (PDF 00-047-1435), FeZni3
(PDF 00-034-1314), and FeZnio (PDF 04-009-6619) intermetallics were identified at the
steel/coating interfaces along with some Mn;SiO4 (PDF 00-035-0748) and Al.O3 (PDF 00-046-
1215) [34]. However, it should be noted that the FeZnio diffraction peaks overlap with other
intermetallics. Nevertheless, these SEM and LA-XRD results confirm successful reactive wetting
occurred during galvanizing of M (=30 °C Tgp)-1A samples regardless of process atmosphere pO2

employed during intercritical annealing.

Figure 5.8: Steel/coating interface of galvanized a) M (-30 °C Tgp)-1A (=30 °C Tgp), b) M (=30

°C Tap)-1A (10 °C Tgp), and ¢) M (=30 °C Tap)-1A (+5 °C Tap) samples after chemical stripping

with 10 vol% H2SOq in water.
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Figure 5.9: Steel/coating interface of galvanized a) M (-30 °C Tgp)-1A (=30 °C Tap), b) M (=30

°C Tap)-1A (10 °C Tgp), and ¢) M (=30 °C Tap)-1A (+5 °C Tap) samples after chemical stripping

with fuming HNO:s.
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Figure 5.10: LA-XRD diffraction patterns collected from the steel/coating interface of
galvanized M (-30 °C Tgp)-1A (+5 °C Tqp) samples which were chemically stripped with a) 10

vol% H2SO4 in water and b) fuming HNO:s.

TEM EELS analysis was conducted on the steel/coating interface cross-sections to further
verify Fe;AlsZny intermetallic formation and determine the reactive wetting mechanisms that

operated during galvanizing of M (-30 °C Tap)-lIA samples. The HAADF images and the
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corresponding TEM EELS composite maps for each galvanized sample are shown in Figure 5.11
— Figure 5.13. Formation of Fe>AlsZny intermetallics was confirmed in all three sample cross-
sections (Figure 5.11b), Figure 5.12b), and Figure 5.13b)) which correlates well with SEM (Figure
5.8 and Figure 5.9) and LA-XRD (Figure 5.10) results confirming successful reactive wetting
during continuous hot-dip galvanizing. This also suggests that dissolution of the exposed substrate
and extruded Fe nodules present on the pre-immersion surface occurred during galvanizing and
promoted the inhibition layer (Fe2AlsZny) formation. This is evidence of “direct wetting” of the
steel substrate. Furthermore, bath metal (Zn) ingress was also observed in all three galvanized M
(30 °C Tdqp)-1A samples (Figure 5.11 — Figure 5.13). Other reactive wetting mechanisms, oxide
lift-off (Figure 5.12b)) and oxide wetting (i.e., direct contact between the Fe AlsZny and oxide
nodules) (Figure 5.13b)), were also identified by analysing the TEM EELS composite maps.
Moreover, Si and Cr signals were not identified in the TEM EELS maps, as shown in Figure
5.11b), Figure 5.12b), and Figure 5.13b). This suggests the Mn and Cr-rich discrete oxide nodules
that were present after intercritical annealing (Figure 5.6b)) were aluminothermically reduced
during galvanizing. It should be also noted that the holes identified in each sample cross-sections

were an artefact of the FIB milling process which was used for TEM sample preparation.
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Figure 5.11: a) HAADF image and b) corresponding TEM EELS composite map of steel/coating

interface for galvanized M (=30 °C Tgp)-1A (=30 °C Tgp) sample.
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b)
Figure 5.12: a) HAADF image and b) corresponding TEM EELS composite map of steel/coating

interface for galvanized M (-30 °C Tgp)-1A (10 °C Tgp) sample.
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Figure 5.13: a) HAADF image and b) corresponding TEM EELS composite map of steel/coating

interface for galvanized M (-30 °C Tgp)-1A (+5 °C Tgp) sample.

5.4.3 Coating Adherence

A customised three-point bend test was used to assess the coating adherence. The same
enclosed bend angle (~ 45°) was observed in both the coated and uncoated steel substrates.
Furthermore, no cracks or flakes were observed in the zinc layer, as shown in Figure 5.14. The
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cross-sections of the bend test samples were analysed with SEM in order to assess any crack
formation along the bend radius. The SEM micrographs are shown in Figure 5.15. Although some
grain boundary cracks were observed at the outer bend radius of these samples, it can be seen that
these cracks did not propagate past the internal oxide network and into the substrate. Furthermore,
no cracks were found that went through the coating layer completely (Figure 5.15). This strongly
implies that the coating adhesion was good owing to the successful reactive wetting that occurred

during the continuous hot-dip galvanizing stage.

a) b) c)
Figure 5.14: Galvanized a) M (—30 °C Tgp)-1A (=30 °C Tgp), b) M (=30 °C Tgp)-1A (-10 °C Tap),
and ¢) M (-30 °C Tgp)-1A (+5 °C Tqp) samples after bend test showing no cracking or flaking of

the Zn coating.

a) b) c)

Figure 5.15: SEM micrographs of galvanized a) M (—30 °C Tgp)-I1A (=30 °C Tqp), b) M (=30 °C

Tap)-1A (=10 °C Tap), and c) M (=30 °C Tgp)-1A (+5 °C Tap) bend test sample cross-sections.
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5.4.4 Tensile Properties of Coated Steels

Uniaxial tensile test was used to determine the tensile properties of the galvanized steels.
The resultant engineering stress vs. engineering strain curves are shown in Figure 5.16 and the
summary of the tensile properties is listed in Table 5.4. A high vyield strength (YS) of
approximately 900 MPa and ultimate tensile strength (UTS) of approximately 1200 MPa were
observed for the galvanized M (—30 °C Tap)-1A samples regardless of IA process atmosphere pOo.
However, significantly higher total elongation (TE) was observed for the galvanized M (-30 °C
Tap)-1A (+5 °C Tap) samples, as shown in Figure 5.16 and Table 5.4. As a result, the highest UTS
x TE was observed for the galvanized M (-30 °C Tgp)-1A (+5 °C Tqp) samples. Nevertheless, all
three galvanized M (=30 °C Tgp)-lIA samples met the 3G AHSS general target mechanical
properties (UTS x TE > 24,000 MPa%) [44] (Table 5.4).

SEM was used to assess the galvanized coating in the gauge length after the uniaxial tensile
test to identify possible flaking or crack formation in the coating. The SEM micrographs are shown
in Figure 5.17. It should be noted that some stretching of the Zn overlay grain boundaries was
observed close to the fracture surface of the galvanized M (-30 °C Tgp)-1A (-10 °C Tqp) samples,
marked by arrows in Figure 5.17b). However, no flaking of the coating or intergranular fracture
was observed in any of the galvanized M (-30 °C Tqp)-1A samples (Figure 5.17). This is further

proof that good coating adherence was achieved in the galvanized M (-30 °C Tgp)-1A samples.
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Figure 5.16: Engineering stress vs. engineering strain curves for galvanized a) M (30 °C Tgp)-1A

(30 °C Tap), b) M (=30 °C Tgp)-1A (=10 °C Tap), and ¢) M (=30 °C Tgp)-1A (+5 °C Tqp) samples.

Table 5.4: Summary of Tensile Properties for the Galvanized M (-30 °C Tgp)-1A Samples.

Ultimate

. . Total
Steel Yield Strength Tensile Elongation UTS x TE
D (YS) Strength (TE) MPa%
MPa (UTS) o °
MPa ’
M (=30 °C Tgp)-IA
+ + + +
(230 °C Tap) 880 + 44 1180 + 59 19.5+1 23,010+ 1,150
M (=30 °C Tgp)-IA
+ + + +
(~10 °C Tap) 865 +43 1210 + 60 20+ 1 24,200 £ 1,210
M (=30 °C Tgp)-IA
+ + + +
(+5 °C Tap) 940 + 47 1190 + 59 235+1 27,965 + 1,400
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Figure 5.17: Zn coating in the gauge length of the galvanized a) M (—30 °C Tgp)-1A (30 °C Tqp),

b) M (=30 °C Tgp)-1A (10 °C Tqp), and ¢) M (=30 °C Tap)-I1A (+5 °C Tqp) tensile test samples.

The fracture surfaces of the uniaxial tensile test samples were analysed with SEM in order
to determine the critical fracture mode that operated during deformation of the galvanized M (—30
°C Tap)-1A samples. Figure 5.18 shows the SEM micrographs of the fracture surfaces. Ductile
fracture was observed in these samples as evident from the dimple formation which formed by
coalescence of shear voids. Further analysis of the SEM micrographs also revealed grain boundary
cracks along with interfacial decohesion and ductile tearing (Figure 5.18). This type of damage
mechanism and global fracture mode are consistent with results observed for various med-Mn

steels [8,10,11,45].
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Figure 5.18: SEM micrographs showing the fracture surfaces of the galvanized a) M (-30 °C
Tap)-1A (=30 °C Tap), b) M (=30 °C Tgp)-1A (10 °C Tgp), and ¢) M (=30 °C Tagp)-1A (+5 °C Tqp)

tensile test samples.
5.5 Discussion

The austenitizing heat treatment was used to achieve the martensitic starting microstructure
in the prototype med-Mn steel. However, the 600 s austenitizing heat treatment at 775 °C under
the —30 °C process atmosphere Tqp also resulted in Mn-rich nodule-type external oxides which
covered the whole surface, as shown in Figure 5.2a) and Figure 5.3. This is consistent with results
reported by Pourmajidian and McDermid [24] where external MnO nodules covered the surface
of a model med-Mn steel (0.1C-6Mn-2Si wt%) after a 600 s annealing treatment. In this work, a
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flash pickling treatment was conducted prior to the CGL-compatible 1A treatment in order to
dissolve the external oxides. The HCI based flash pickling treatment significantly dissolved the
Mn-rich external oxides (Figure 5.2b)) and revealed some extruded Fe nodules that were trapped
under the Mn-rich external oxides (Figure 5.4d)). Furthermore, the substrate was exposed in
regions where the external oxides were relatively thin prior to the flash pickling treatment. The
SAM elemental maps (Figure 5.4) also confirmed flash pickling revealed previously trapped
discrete external oxides containing Mn, Cr, Al, and Si. Based on previous research on the selective
oxidation of this prototype med-Mn steel [43], these external oxides were identified as MnCr204,
MnAIl204, MnSiO3/Mn2SiOa.

No significant external oxidation was observed during the CGL-compatible IA treatment
regardless of the process atmosphere pO2 employed as evident from the similar SEM micrographs
shown in Figure 5.5. This is consistent with the results reported by Pallisco [30] who showed that
a partial austenitizing heat treatment at 890 °C for 600 s produced a multi-micron deep solute-
depleted layer which was sufficient to prevent solute diffusion from the bulk and inhibit further
external oxidation during a 120 s 1A treatment. TEM EELS analysis (Figure 5.6) confirmed that
the pre-immersion external surface contained discrete Mn and Cr-rich oxides, likely MnCr2Q4,
along with extruded Fe nodules and some areas where the Fe substrate was exposed. These features
on the intercritically annealed pre-immersion surface were found to be the key factors for
producing robust, high-quality galvanized coatings in the M (—30 °C Tqp)-1A samples regardless
of 1A process atmosphere pOz2, as shown in Figure 5.7.

Successful reactive wetting was confirmed in all three galvanized M (30 °C Tqp)-1A panels
as SEM (Figure 5.8 and Figure 5.9), LA-XRD (Figure 5.10), and TEM EELS (Figure 5.11 — Figure

5.13) analysis showed a robust, well-developed Fe>AlsZny inhibition layer formed at the
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steel/coating interface. Similar robust inhibition layer formation was reported to be essential for
high-quality galvanized coating in 1G AHSSs [16,17,20,22,27,29,31,46] and med-Mn steels
[24,25,30]. TEM EELS analysis of the galvanized sample cross-sections (Figure 5.11 — Figure
5.13) also revealed that direct wetting was the dominant reactive wetting mechanism that operated
during the galvanizing of the M (-30 °C Tgp)-1A samples. The exposed Fe substrate and extruded
Fe nodules on the pre-immersion surface (Figure 5.6) dissolved when the annealed substrate
entered the galvanizing bath and came in direct contact with bath dissolved Al to promote the
inhibition layer formation at the steel/coating interface. This direct wetting mechanism was also
reported by Pallisco [30] for a med-Mn steel that was processed with similar two-stage heat
treatment with an intermediate flash pickling step.

It should be noted that a significant amount of {-FeZniz intermetallics were detected along
with FeoAlsZny at the steel/coating interface albeit using 0.2 wt% (dissolved) Al galvanizing bath
[47], as shown in Figure 5.8 and Figure 5.10. This can be indicative of inhibition layer breakdown
[48-50] or an indirect confirmation of aluminothermic reduction as suggested by the literature
[12,27,29]. However, as shown in Figure 5.11 — Figure 5.13, Cr signal was not detected in the
TEM EELS composite maps. This suggests that the Mn and Cr-rich nodule-type oxides observed
on the pre-immersion surface (Figure 5.5 and Figure 5.6) were aluminothermically reduced during
galvanizing. Hence, it can be concluded that aluminothermic reduction was one of the reactive
wetting mechanisms during the continuous hot-dip galvanizing of this prototype med-Mn steel.

Further analysis of Figure 5.11 — Figure 5.13 revealed additional reactive wetting mechanisms
that operated during galvanizing. Bath metal (Zn) ingress was identified in all three galvanized M
(30 °C Tap)-1A samples (Figure 5.11 — Figure 5.13). The interfacial cracks and voids formed in

the oxides during cooling from IAT owing to the coefficient of thermal expansion difference
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between the steel substrate and oxide can create routes for Zn infiltration during galvanizing. This
oxide cracking and spalling, as suggested by literature [12,17], might be one of the potential ways
for bath metal ingress. However, as recently shown by Pallisco [30], partial dissolution of internal
oxides, such as MnO, MnSiOgz, and Mn,SiOg, during the intermediate flash pickling treatment can
also be a potential route for Zn infiltration into the steel substrate. This would be consistent with
the TEM EELS maps (Figure 5.11 — Figure 5.13) which showed similar Mn and Al-rich internal
oxides with significant Zn ingress. Furthermore, oxide wetting was also identified in the
galvanized M (=30 °C Tgp)-1A (+5 °C Tqp) sample (Figure 5.13b). The FeoAlsZny intermetallics
were in direct contact with Mn, Al-rich oxides as described by Bellhouse and McDermid [31].
Additionally, the oxide lift-off mechanism was also identified in the galvanized M (-30 °C Tqp)-
IA (10 °C Tgp) sample, as shown in Figure 5.12b). These multiple reactive wetting mechanisms
operated simultaneously and resulted in the high-quality galvanized coating in the prototype med-
Mn steels following CGL-compatible IA treatment.

The coating adhesion and the mechanical properties of the galvanized prototype med-Mn steel
were also determined in this research. Good coating adhesion was observed in the galvanized M
(30 °C Tap)-1A samples regardless of IA process atmosphere pO. with no flaking or cracking of
the coating being observed (Figure 5.14). The grain boundary cracks observed by SEM analysis
of the bend test sample cross-sections (Figure 5.15) were associated with internal grain boundary
oxides which did not propagate into the substrate and more importantly, through the galvanized
coating. Moreover, the Zn overlay grains in gauge length of the fractured uniaxial tensile test
samples did not deteriorate (i.e., flake off or intergranular fracture) (Figure 5.17). This is additional
proof of good coating adhesion in these galvanized samples. Furthermore, uniaxial tensile test

results (Figure 5.16 and Table 5.4) confirmed that the galvanized prototype med-Mn steels were

211



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

able to meet 3G AHSS general target mechanical properties (24,000 MPa% < UTS x TE < 40,000
MPa%). Based on previous research [11] by the current authors, this high strength and ductility
balance would be a result of sustaining a high work hardening rate during deformation owing to
successful activation of plasticity enhancing mechanisms (TRIP and TWIP effects).

Overall, it was shown that it is possible to develop a CGL-compatible intercritical annealing
treatment and continuous hot-dip galvanizing processing route for a prototype med-Mn steel with
martensitic starting microstructure that can result in 3G AHSS general target mechanical properties
(24,000 MPa% < UTS x TE < 40,000 MPa%) and high-quality galvanized coating. This is
promising in terms of processing med-Mn steels in the existing industrial CGL for 3G AHSS

structural applications in automotive industry.
5.6 Conclusions

The effects of austenitizing and intercritical annealing process atmosphere pO2 on the external
oxidation and subsequent continuous hot-dip galvanizing of a prototype 0.2C-6Mn-1.5Si-0.5Al-
0.5Cr (wt%) med-Mn steel were determined in this study. Based on the results it can be concluded
that:

1) Austenitizing heat treatment resulted in compact external nodule-type Mn-rich oxides on the
steel surface. However, flash pickling was successful in dissolving most of these oxides and
revealing exposed substrate and extruded Fe nodules on the surface. No significant growth of
the external oxide layer was observed after intercritical annealing owing to the multi-micron
deep solute-depleted layer that formed during the austenitizing heat treatment.

2) Successful reactive wetting was observed in all three M (—30 °C Tqp)-1A samples as a well-
developed Fe;AlsZny inhibition layer formed at the steel/coating interface owing to multiple

reactive wetting mechanisms, such as direct wetting, bath metal (Zn) ingress, oxide wetting,

212



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

oxide lift-off, and aluminothermic reduction being operational during continuous hot-dip
galvanizing.

3) No cracking or flaking of the zinc layer was observed in the bend test samples, confirming
good coating adherence for all three galvanized M (—30 °C Tgp)-1A samples. Furthermore, the
galvanized samples met 3G AHSS general target mechanical properties (24,000 MPa% < UTS
x TE <40,000 MPa%)).

4) The intercritical annealing and continuous hot-dip galvanizing parameters were compatible

with the CGL processing windows.
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6 Global Discussion

The chapter links the key findings from Chapter 3 — Chapter 5 to provide a summative
discussion on microstructure and mechanical property development, selective oxidation, and

reactive wetting of the prototype med-Mn steel.

6.1 Microstructure and Mechanical Property Development

The effects of starting microstructure, CGL-compatible intercritical annealing (1A)
parameters, and Sn micro-alloying on the microstructural evolution and mechanical property
development of the prototype med-Mn steel were determined in Chapter 3 of this Ph.D. thesis. It
was found that intercritical austenite formation, chemical/mechanical stabilisation, and retained
austenite morphology were significantly affected by these experimental variables, which in turn
determined the mechanical properties of the heat-treated prototype med-Mn steel.

The retained austenite volume fraction increased with increasing IAT and IA holding time
for both starting microstructures, i.e., the as-received cold-rolled (CR) tempered martensite and
fully martensitic (M) microstructures. However, the morphology of the retained austenite and,
thereby, its chemical and mechanical stability, varied depending on the starting microstructure.
Blocky retained austenite was observed in the intercritically annealed med-Mn steel with the CR
starting microstructure (Figure 3.4). This type of retained austenite morphology is consistent with
that observed in the literature for AHSSs with cold-rolled starting microstructure [1-6]. Carbide
evolution analysis (Table 3.3, Figure 3.6) suggested the intercritical austenite nucleated on the
carbide particles and grew via carbide dissolution during 1A of the prototype med-Mn steel without
Sn micro-alloying. This suggests the dissolving carbide particles were the main source of C that
partitioned into the intercritical austenite and chemically stabilised it. However, it should be noted

that the austenite growth Kkinetics in this process depends on the Mn content of the dissolving
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cementite particles [7]. Lai et al. [7] have reported that high Mn content (~ 25 wt%) in cementite
changed the austenite growth kinetics from C partitioning controlled to Mn partitioning controlled,
thereby resulting in significantly slower growth of the austenite. For the Sn micro-alloyed
prototype med-Mn steel, the carbide evolution analysis revealed significant carbide precipitation
and coarsening during the IA. However, Sn segregated at the carbide/matrix interface (Figure 3.7)
and, similar to its effect on oxidation and decarburization kinetics [8-12], carbide dissolution was
inhibited resulting in less C being partitioned into the intercritical austenite. As a result, a lower
retained austenite volume fraction was observed in the Sn micro-alloyed med-Mn steel owing to
the intercritical austenite being less chemically stable, with significant fractions transforming to
martensite during final cooling.

The martensitic (M) starting microstructure, on the other hand, produced a lamellar retained
austenite morphology, as shown in Figure 3.5. This lamellar retained austenite is known to be more
chemically and mechanically stable compared to its blocky counterpart. As confirmed by various
researchers [1,4,5,13-15], the higher chemical stability of lamellar retained austenite is associated
with higher C and Mn partitioning from the surrounding martensite phase owing to shorter
diffusion distance whereas the higher mechanical stability arises from being mechanically
constrained by the surrounding martensite phase. Furthermore, the M starting microstructure also
produced a higher volume fraction of retained austenite compared to the CR starting microstructure
under the same annealing conditions (Figure 3.8a) vs. Figure 3.8b)). This was due to faster
austenite reversion transformation (ART) Kkinetics and rapid C partitioning from the C
supersaturated martensite phase. Moreover, the pre-existing interlath austenite that formed during
the austenitizing heat treatment was able to grow without any nucleation barrier during the 1A

treatment. However, similar to the CR starting microstructure, the Sn micro-alloyed med-Mn steel
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had a lower retained austenite volume fraction (Figure 3.8b)) owing to the retarding effect of Sn
on C diffusion, thereby resulting in less chemically stable intercritical austenite.

Higher 1ATs (i.e., 710 °C for the CR starting microstructures and 690 °C and 710 °C for the
M starting microstructures) resulted in higher volume fraction of retained austenite (Figure 3.8).

However, the M temperatures and, by inference, the M ¢ temperature, were significantly higher,

as shown in Figure 3.9b). This suggests that the retained austenite was not chemically and
mechanically stable compared to that formed during the lower IATs (i.e., 675 °C for the CR
starting microstructures and 650 °C and 675 °C for the M starting microstructures). This was
confirmed by the interrupted tensile test results (Figure 3.13 and Figure 3.16), which showed faster
retained austenite to martensite transformation kinetics, exhausting the TRIP effect at lower true
strains. As a result, a high work hardening rate was not sustained during deformation, resulting in
strength/ductility balances which did not meet 3G AHSS target mechanical properties (24,000
MPa% < UTS x TE <40,000 MPa% [16]). The cold-rolled prototype med-Mn steel with Sn micro-
alloying showed similar TRIP exhaustion at lower true strain for the lower IAT (675 °C) conditions
(Figure 3.13) owing to less chemically stable retained austenite, a result of slower C partitioning
due to Sn segregation at the carbide/matrix interface. As a result, none of the IA heat treatment
produced 3G AHSS target mechanical properties in the cold-rolled med-Mn steel with Sn micro-
alloying (Table 3.4).

Contrastingly, the lower 1ATSs (i.e., 675 °C and 690 °C for the CR starting microstructure
without Sn micro-alloying and 650 °C and 675 °C for the M starting microstructure, regardless of
Sn micro-alloying) produced chemically and mechanically stable retained austenite. The stable
retained austenite transformed to martensite gradually, thereby exhausting the TRIP effect at

higher true strains (Figure 3.13 and Figure 3.16). Formation of a harder phase (i.e., martensite) and
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geometrically necessary dislocations (GNDs) through the activation of the TRIP effect aided in
maintaining the desired high work hardening rate (Figure 3.11c), Figure 3.14c), and Figure 3.15c))
and delayed the onset of necking. It should be noted that formation of deformation nano-twins in
the retained austenite was also confirmed, as shown in Figure 3.18 — Figure 3.21. This suggests
the stacking fault energy (SFE) of the retained austenite was within the range of 15 — 45 mJ/m?,
necessary for activating the TWIP effect [17]. Consequently, a high strength/ductility balance was
obtained, meeting 3G AHSS target mechanical properties by carefully balancing the retained
austenite SFE, volume fraction, and stability in order to successfully activate both the TRIP and
TWIP effects during deformation.

Furthermore, significant post-uniform elongation (&, > 0.40) was observed for the

promising IA conditions that produced target 3G AHSS mechanical properties in the prototype
med-Mn steels (Figure 3.11b), Figure 3.14b), and Figure 3.15b)). This is encouraging in terms of
having good formability for these med-Mn steels as the literature [18,19] suggests there is a
correlation between post-uniform elongation and material formability. However, other mechanical
tests, such as uniaxial tensile tests at high strain rates, hole expansion ratio tests, bending etc.,
should be conducted in the future to fully understand the formability limit of these new generation
of AHSSs.

Based on the major findings of this microstructure and mechanical property development
study, it was identified that the martensitic starting microstructure had a more robust CGL-
compatible processing window that can produce 3G AHSS target mechanical properties.
Furthermore, Table 3.4 showed that the A-M 675 °C x 120 s treatment had the highest UTS x TE

product. Hence, this thermal processing route, comprising austenitizing and a CGL-compatible 1A,

223



Ph.D. Thesis — K.M.H. Bhadhon; McMaster University — Materials Science & Engineering — 2022

was chosen for further study — i.e., selective oxidation (Chapter 4) and reactive wetting (Chapter

5) of the prototype med-Mn steel.

6.2 Selective Oxidation and Reactive Wetting

The effect of process atmosphere pO2 (-30 °C, —-10 °C, and +5 °C Tgp) on external and
internal oxidation during the austenitizing and 675 °C x 120 s IA treatments of the prototype med-
Mn steel without Sn micro-alloying (i.e., steel A (Table 3.1)) was determined in the selective
oxidation study (Chapter 4). FIB trench cut analysis (Figure 4.4) revealed that the austenitizing
heat treatment at 775 °C for 600 s produced a relatively thick (~ 200 nm) external oxide regardless
of the process atmosphere pO. employed. This approximately equal average thickness of the
external oxides with increasing process atmosphere pO: is likely associated with the external to
internal oxidation mode transition for Mn (i.e., Tgp = —30 °C), as determined by a Wagner model
[20] calculation. This is consistent with the SEM micrographs (Figure 4.3a) — Figure 4.3c)) and
XPS binding energy analysis (Table 4.4) which revealed nodular MnO on the surfaces of the as-
austenitized (M) samples. However, TEM EELS analysis of the M (=30 °C Tqp) sample revealed
another layer of Mn- and Cr- rich external oxides underneath the MnQO layer (Figure 4.6). Although
the Wagner model [20] predicts internal oxidation of Cr for all three process atmosphere pOa, this
inconsistency is likely the result of complex MnCr204 formation instead of simple binary oxide of
Cr (i.e., Cr203) assumed by the Wagner formalism. Furthermore, XPS depth profiling (Figure 4.5)
and binding energy analysis (Table 4.4) of the M (-10 °C Tgp) and M (+5 °C Tqp) samples also
revealed some MnAl>O4 with minor MnSiOs/MnSiO4 on the sample surfaces. Being complex
oxides, the Wagner model [20] predictions regarding the formation of these external oxides are

also inconsistent. However, similar multi-layered, complex external oxides were reported by
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Pallisco [21] for a med-Mn steel (0.15C-6Mn-1.9AI-1Si wt%) that underwent a 890 °C x 600 s
martensite-ferrite (MF) heat treatment.

Si and Al were largely internally oxidized, forming thick sub-surface internal oxides, as
revealed by the TEM EELS analysis (Figure 4.6). This is consistent with the Wagner model [20]
calculation for Al. However, although consistent with —10 °C and +5 °C Tgp process atmosphere,
the Wagner model [20] predicts external oxidation of Si for the —30 °C Tgp. As mentioned above,
this disagreement is likely due to the formation of complex MnSiO3/Mn,SiO4 external oxides as
determined by XPS binding energy analysis (Table 4.4). FIB trench cut analysis (Figure 4.4b))
showed an increase in the internal oxidation layer with increasing process atmosphere pO». This
was due to higher inward O2 flux at higher process atmosphere pO2 which promoted deeper
internal oxide formation. These deeper internal oxides were mainly grain boundary oxides which
formed a core-shell type structure. Similar core-shell type grain boundary internal oxides have
been reported for both 1G AHSS [22] and med-Mn steels [21,23], with the chemistry of the core-
shell structure depending on the steel composition. In this case, the core of the internal oxides was
enriched with Al whereas the shell was Si-enriched (Figure 4.7). The formation of this type of
core-shell structure was further supported by the diffusivity calculations of the alloying element
(Table 4.6) and solubility products of the oxides (Table 4.5) in austenite at 775 °C. Furthermore,
a multi-micron (~ 2-8 um) deep solute-depleted layer formed owing to the internal oxidation, as
confirmed by the SEM-EDS analysis (Figure 4.8).

Kavitha and McDermid [24] have reported that it is possible to aluminothermically reduce
up to approximately 85 nm of MnO within the common CGL dipping time of 4 s for a 0.20 wt%
Al (dissolved) bath. Hence, an intermediate flash pickling was carried out which successfully

dissolved the Mn and (Mn,Si)-oxides (i.e., MnO and MnSiO3/Mn;SiO4) [25-27]. FIB trench cut
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analysis (Figure 4.4) showed that the flash pickling dissolved the external oxides to a thickness of
approximately 30 nm within 60 s. Furthermore, the flash pickling treatment also revealed
additional surface Fe nodules extruded from the substrate owing to the volumetric expansion
associated with internal oxidation (Figure 4.7). These extruded nodules were trapped underneath
the external oxides prior to flash pickling. The flash pickling also revealed some exposed substrate
in regions where the external oxides were relatively thin. This is consistent with the findings
reported by Pallisco [21] after flash pickling using the same pickling solution. Furthermore, the
author reported that these extruded Fe nodules and exposed substrate were beneficial for direct
reactive wetting and the formation of a robust Fe;AlsZny inhibition layer.

After the 675 °C x 120 s IA heat treatment, the depth of internal oxidation increased with
increasing process atmosphere pO2 (Figure 4.10b)). TEM EELS analysis (Figure 4.12 and Figure
4.13) revealed that these oxides were grain boundary oxides with core-shell structures. However,
the chemistry of this core-shell structure was different compared to those observed after the
austenitizing heat treatment. In these cases, the core was enriched with Si whereas the shell was
enriched with Mn. This correlates well with the diffusivity calculation shown for the alloying
elements in ferrite at 675 °C (Table 4.7). Furthermore, assessment of the solubility product of
different oxide species in ferrite at 675 °C (Table 4.5) suggested that the shell oxides would be
MnSiOs. The ferrite phase was considered in both of these calculations owing to the fact that
significant de-alloying (Figure 4.8) and decarburization occurred during the 600 s austenitizing
heat treatment. The deepest internal oxidation layer was observed in the M (+5 °C Tqp)-1A (+5 °C
Tdp) sample. It should be noted that internal oxidation can significantly affect resistance spot

welding (RSW), which is a commonly used joining technique in the automotive industry [28,29].
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Hence, a future study should focus on the effect of internal oxidation on the RSW process
parameters for the med-Mn steels.

External oxides did not form during the 1A heat treatment regardless of the process
atmosphere pO2 employed (Figure 4.10a)). This was due to the multi-micron (~ 2-8 pm) solute-
depleted layer that formed during the austenitizing heat treatment, where an 1A holding time of
120 s was too short for the alloying elements to diffuse from the bulk to the external surface
through the solute-depleted layer. The shallowest solute-depleted layer (~ 2 um) was observed in
the M (-30 °C Tqp) sample (Figure 4.4b)). This is significantly thicker versus the distance that
solutes, such as Mn, Si, Cr, and Al, can diffuse in ferrite at 675 °C for 120 s, as shown in Appendix
D in Chapter 4. As a result, the substrate surface after the I A treatment was similar to that observed
after the flash pickling treatment.

The features identified on the intercritically annealed pre-immersion surface were found to
be the key factors which facilitated successful reactive wetting and produced robust, high-quality
galvanized coatings, as reported in Chapter 5. A well-developed Fe;AlsZny inhibition layer,
evidence of successful reactive wetting, was confirmed for the M (-30 °C Tgp) samples
intercritically annealed at 675 °C x 120 s under —30 °C, —10 °C, and +5 °C Tqp process atmosphere
and subsequently galvanized ina 0.2 wt% (dissolved) Al galvanizing (GI) bath (Figure 5.8 — Figure
5.13). Multiple reactive wetting mechanisms were identified which resulted in high-quality
galvanized coatings in this med-Mn steel. Direct wetting was the main reactive wetting mechanism
in all three galvanized M (30 °C Tgp)-1A samples. The exposed substrate and extruded Fe nodules
dissolved upon immersion of the steel substrate, reacted with the galvanizing bath Al, and

promoted the formation of FexAlsZny at the steel/coating interface. This is consistent with the
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literature [21,30,31], which also reported direct wetting mechanism in AHSSs owing to extruded
Fe nodule dissolution and presence of exposed substrate in the pre-immersion surface.

TEM EELS analysis of the steel/coating interface (Figure 5.11 — Figure 5.13) revealed
several secondary reactive wetting mechanisms that operated alongside direct wetting. Bath metal
ingress was observed in the galvanized M (—30 °C Tgp)-1A samples. A combination of oxide
cracking and spalling [30], and partial dissolution of internal oxides during the intermediate flash
pickling treatment [21] facilitated Zn infiltration into the steel substrate. Furthermore, oxide
wetting (Figure 5.13b)) — where the FeoAlsZny intermetallics were in direct contact with (Mn, Al)-
rich oxides — and oxide lift-off mechanisms (Figure 5.12b)) were also identified. Aluminothermic
reduction also operated during galvanizing of the steel substrate. An indirect confirmation of
aluminothermic reduction, as suggested by the literature [24,32,33], was the (-FeZniz
intermetallics observed along with Fe;AlsZny at the steel/coating interface (Figure 5.8 and Figure
5.10) despite using a 0.2 wt% (dissolved) Al GI bath [34]. However, Cr was not detected in the
TEM EELS analysis (Figure 5.11 — Figure 5.13), suggesting that the Cr-rich oxides observed on
the pre-immersion surface (Figure 5.5 and Figure 5.6) were aluminothermically reduced during
galvanizing. These reactive wetting mechanisms were successful in producing high-quality robust
galvanized coatings as determined by the three-point bend test (Figure 5.14) and analysis of the
cross-section of the bend radius (Figure 5.15) and gauge length of the tensile test samples (Figure
5.17) with SEM. Although some grain boundary cracks were observed at the outer bend radius of
the bend test samples (Figure 5.15), these cracks did not propagate to either bulk of the substrate
or the coating layer and it was concluded that these were associated with grain boundary internal
oxides. Furthermore, uniaxial tensile tests (Figure 5.16 and Table 5.4) confirmed that the

galvanized prototype med-Mn steels met 3G AHSS target mechanical properties.
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Overall, based on the findings from Chapter 3 — Chapter 5, it can be concluded that it is
possible to employ a two-stage heat treatment — comprising austenitizing and CGL-compatible
intercritical annealing — with an intermediate flash pickling step to produce 3G AHSS target
mechanical properties and a pre-immersion surface that can be galvanized via successful reactive
wetting. Figure 6.1 presents a summative schematic showing the bulk microstructure and surface
structure evolution during this processing cycle. This is promising in terms of developing med-Mn

3G AHSS that can be utilised in future automotive applications.
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7 Conclusions and Future Directions

7.1 Conclusions

The main objective of this Ph.D. was to develop a CGL-compatible thermal processing route
for a prototype 0.2C-6Mn-1.5Si-0.5AI-0.5Cr-xSn (wt%) (x = 0 and 0.05 wt%) med-Mn steel that
would meet 3G AHSS target mechanical properties and be successfully galvanized via enhanced
reactive wetting. In that regard, Chapter 3 of this thesis determined the effects of starting
microstructure, CGL-compatible intercritical annealing parameters, and Sn micro-alloying on the
microstructure and mechanical property development of the above prototype med-Mn steel. The
results outlined in Chapter 3 identified the most promising starting microstructures and heat
treatment parameters for use in the selective oxidation (Chapter 4) and reactive wetting studies

(Chapter 5). In these Chapters, the effects of three process atmosphere pO: (i.e., =30 °C, —-10 °C

and +5 °C Tgp N2-5v0l%H>) on both selective oxidation and reactive wetting were determined to

develop a CGL-compatible thermal processing route that produced a high-quality galvanized med-

Mn steel with 3G AHSS target mechanical properties.

The major findings of these studies are summarised as follows:

1) A martensitic starting microstructure was more robust in achieving 3G AHSS general target
mechanical properties of 24,000 MPa% < UTS x TE < 40,000 MPa%. Lower IATs (650 and
675 °C) and short holding times (60 and 120 s), compatible with CGL processing windows,
produced chemically and mechanically stable retained austenite owing to faster austenite
reversion transformation (ART) kinetics and relatively rapid C partitioning from the
surrounding C supersaturated martensite. A gradual transformation of the retained austenite to
martensite (TRIP effect) and formation of deformation-induced nano-twins in the retained

austenite (TWIP effect) aided in sustaining high work hardening rate during deformation. As
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a result, the onset of necking was delayed and a high strength/ductility balance, meeting 3G

AHSS target mechanical properties, was achieved.

2) Sn micro-alloying had more profound effect on the carbide evolution and, in turn, retained

austenite stability and mechanical properties for the as-received cold-rolled med-Mn steel. Sn

segregation at the carbide/matrix interface inhibited C dissolution and partitioning to the

intercritical austenite, resulting in poor retained austenite stability. Consequently, the Sn-

containing cold-rolled med-Mn steels failed to meet 3G AHSS general target mechanical

properties.

3) The austenitizing heat treatment at 775 °C for 600 s (used to produce the martensitic starting

microstructure) produced a thick (~ 200 nm) external oxide layer regardless of the process

atmosphere pO- (i.e., —30, —10, or +5 °C Tqp) employed. However, intermediate flash pickling

was successful in dissolving the external oxides to an average thickness of 30 nm as well as

revealing trapped extruded Fe nodules that formed owing to the volume expansion associated

with internal oxidation. Flash pickling also exposed the substrate in regions where the external

oxides were relatively thin.

4) A multi-micron (~ 2-8 um) deep solute-depleted layer formed during the austenitizing heat

treatment, where the depth of the solute-depleted layer increased with increasing process

atmosphere pO2 owing to a higher inward O flux which promoted internal oxidation deeper

into the substrate.

5) No significant growth of the external oxides remaining after flash pickling occurred during

intercritical annealing at 675 °C x 120 s regardless of the process atmosphere pO». The multi-

micron solute-depleted layer, formed during the austenitizing heat treatment, prevented solute

diffusion from the bulk substrate within the 120 s annealing time.
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6) The discrete external oxide distribution along with extruded Fe nodules and exposed substrate
on the pre-immersion surface facilitated successful reactive wetting of the prototype med-Mn
steel using a conventional 0.2 wt% (dissolved) Al Zn(Al,Fe) galvanizing bath with a well-
developed Fe>AlsZny inhibition layer forming at the steel/coating interface. This resulted in a
high-quality galvanized coating with good coating adherence, as shown by the three-point bend
test results.

7) Direct wetting was the main reactive wetting mechanism, where the exposed substrate and
extruded Fe nodules dissolved readily upon immersion in the galvanizing bath and reacted with
the bath dissolved Al to form the requisite Fe;AlsZny interfacial layer. Detailed analysis of the
steel/coating interface revealed that oxide lift-off, oxide wetting, bath metal ingress, and
aluminothermic reduction were the secondary reactive wetting mechanisms.

8) The galvanized prototype med-Mn steels met 3G AHSS general target mechanical properties,
confirming that CGL-compatible thermal processing can be successfully employed to produce

target 3G AHSS mechanical properties and high-quality galvanized coating in med-Mn steels.

7.2 Future Directions
Based on the findings of this Ph.D., some future research projects can be recommended. These
following research projects will help develop this emerging 3G AHSS further and promote
accelerated adoption of galvanized med-Mn steels by the automotive industry.
1) High strain rate mechanical property and fatigue tests: Additional mechanical tests, such as
tensile tests at high strain rates, need to be performed to assess the strain rate sensitivity of
these new generations of AHSSs. Furthermore, fatigue tests should be conducted to evaluate

the response of these med-Mn steels during repeated loading.
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2) Effect of micro-alloying elements (V, Ti, Nb) on the mechanical properties: Micro-alloying

elements, such as V, Ti, and Nb, can further increase the strength of med-Mn steels via grain

refinement and precipitation strengthening mechanisms. Nevertheless, it should be noted that

formation of carbides, nitrides or carbonitrides of the micro-alloying elements can lead to less

C being available for chemically stabilising the retained austenite, which can affect the TRIP

kinetics and in turn, the mechanical properties. However, the literature on low-alloy TRIP

steels [1-6] reported contradicting results regarding this. Hence, the effect of V/Ti/Nb micro-

alloying on both the mechanical properties and retained austenite stability should be

extensively studied for these med-Mn steels.

3) Delayed hydrogen cracking analysis: AHSSs with retained austenite are known to be

susceptible to delayed hydrogen cracking [7,8]. Hydrogen has a higher solubility in austenite

compared to martensite. As a result, the TRIP effect can produce hydrogen-rich martensite

during any type of deformation process and, thereby, increase the risk for delayed hydrogen

cracking. In that regard, deep-drawing cup test should be conducted for the galvanized med-

Mn steels to evaluate delayed hydrogen cracking susceptibility.

4) Different galvanizing bath compositions: The galvanizibility of med-Mn steels in Zn-Al-Mg

galvanizing baths should be investigated.

5) Weldability of the galvanized steel substrates: Resistance spot welding (RSW) is the most

commonly used joining technique in assembling automotive body parts. However, the

galvanized coating and internal oxidation of AHSSs can significantly affect RSW process

parameters [9-11]. Hence, weldability studies need to be carried out for successful integration

of med-Mn steels into the automotive industry.
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