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Experiments are described in which thin fils transmission electroa
microscropy, as well as optical and electron fractography were
eaployed to elucidate the mechaniss of fatigue fasilure in dispersion
strengthened nickel. It was found that whereas faligue crack
initiation occurs as in conventional materlals, the propagetion of
both fatigue and tensile cracks is abnormsal. The material fails in
shear wherever possible although this is prevented where triaxial
tensile stresses exist. Particle~matrix detachment does not occur
during either tensile or fatigue stressing.
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CHAPTIR 1

INTRODUCTION

Fatigue can be defined as the failure of a metal or alloy
when a stress less than its ultimate tensile stress is applied repeatedly.
In many practical cases fatigue cycling occurs between a tensile and a
compressive stress. The number of cycles the material can withstand
before failure is a function of the applied streas, the structure of the
materiel, and the euviromsment in which the stressing takes place.

This investigation is concerned with the fully reversed
fatigue stressing of a dispersion stremgthened alloy, D Nickel. %his
is a commercially produced nickel alloy containing two volume percent
thoria in the form of submicroscopic particles randomly distributed in
@ nickel matrix. It has been thought that dislocation or point defects
produced by fatigue can be aitracted to the interfaces between the
particies and the matrix., Alternatively, as a result of matrix
dislocations and elastic strains produced by the deformation, stresses
can be generated st these interfaces particularly if they are of the
noncoherent high-energy variety. Both these effects might lead to
detachment of the particles frow the matrix, leaving voids at the inter-
faces., Such voids would be expected to affect the initiation and/or
propogation of fatigue cracks.
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The most useful techvique for observimg tnese volds is thinm
film transmission electrom wmicroscopy. TD Hickel is well suited to
such a study since the oxide particles are so small that they do not
interfere with the electropolishing process by which thin films are
produced. If voids are formed at the particle-matrix interfaces then
they will be revealed by electron microscopy.

Ko thin fils electron microscope study of the fatigue of
oxide strengthened mlloys has been previously reported. In fact fatigue
studies of any type on these alloys are few. This investigstion has
therefore been planned to detersine the mechanism of fatigue failure in
ID Nickel.



CHAPTER 2

DISPARSION STRENGTHERING

2.1. General

A dispersion strengtaened alloy may be defined as one which
is made up of fine discontinuous second-phase particles randomly
distributed in a matrix of pure metal or solid solution (1). Dispersion
strengthening is differentiated from precipitation hardening by two
factors: a non-coherent particle-amatrix iamteriace, and lack of
solubility of the dispersed phase in the matrix at high temperatures.
The mairix may be any metal or alloy while the dispersion may be an
oxide, a nitride, a carbide, an intermetallic compound, or a pure setal.
In the most useful systems the dispersed particles are stronger than
the smatrix,

The early history of dispersion strengthened alloys coincides
with the development of SAP, sintered alusinus powder (2-5). From
aluminum, experiments have been extended into mumercus other systess.
Recent reviews on the subject have been writtes by Goetzel (1,4),

Guard (6), Saith (7), Kelly (8-10), end Gramt (11).

Several technigues are used to manufacture dispersion
strengthenad alloys (11). All of these, with the exceptica of the
sreraging of precipitation~hardened alloys, imvolve powder metallurgy,
followed by high tempersture, high strain-rate consoclidation to achieve

>



the required demsity. The most common technigues are:

Hetals which form a thin sdherent oxide film are powdered,
oxidized, compacted, sintered and then extruded to produce an alley
consisting of metal matrix with a dispersion of tae shattered oxide
which had initially formed arcund the metal powder particles. This
method is used in the productieon of SAF (5).

(i1)

In this process, a fine powdered metal or alloy is blended
with & such finer powdered refractory oxide (12), followed by compsction
sintering and extrusion. For high temperatlure stability it is
secessary that the free emergy of formation of the matrix oxide de less
then that of the refractory oxide (11).

(144) Ato

When an alloy is atosized, the guench rate is so rapid that
if an intermetallic compound exists in the alleoy system it precipitates
as fime dendrites in the atomized droplets. Compaction and extrusiom
of this powder bresks up the dendriles te form an evean finer dispersion.
Thais method has been applied to the n»tuzj system (13), however, high
tesperature stability is inferior to that of oxide-strengihensd alloys.

A dilute sclid sclution may be internally oxidiszed provided
that the solute oxide has a such higher free energy of furmation than
the oxide of thae sclvent. Thin sheet or wire say be dispersion
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strengthened by this method or, alternatively, powder metallurgy
techniques may be used. Common systems used are Ni or Cu containing
84 or Al (14-18).

{v)

Theriated nickel may be produced either by the decomposition
of thorium nitrate on nickel powder (19-21) or by the deposition of a
nickel compound on a thorium salt followed by co-reductiem (22,23).
The resultant msetal powder is demsified in the ususl manner.

The extrusion of sintered powder can lead to striagering of
the dispersed phase in the sxtruded direction. Since a uniform disper-
sion is necessary for optimization of mechanical properties this effect
is undesirable. Eliminstion of stringering is ome of the major probless
in the production of dispersion streagthemed alloys by powder metallurgy.

Dispersion strengthenmed alloys generally contein between
0.5 perceat and 1% percent dispersed phase by volume. The particles
may be any diameter from 50 Angstrome to sore than 1 micron while
interparticle separations range upward from 0.1 micron. MNost of these
alloys show a comsiderable improvemeat in room temperature strength
cver their non-dispersion strengthemed counterparts. However, it is at
high temperatures that they exhibit their most useful properties.

Both strength and stability are vastly improved over conventiosal alleys
at temperatures up to within & few degrees of the melting point. The
high temperature properties of these materials are responsible for the
impetus behind their development. Their primary applications are as
components of turbines and internal combustion engines and in nuclear

reactors.
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The atrengthening of dispersion sireagthened alloys is due
to the ability of the dispersed particles to increase the stress
necessary for propagation of dislocatione over long distances in the
matrix. The mecnanisus involved are uncertain but several have been
proposed and these have been reviewed by Keily (9,10) and others (11,
24, 25). For long rsnge dislocation motion in these alloys it is
necessary either that dislocations by-pass the particles (by bowing
between them, cross-azlipping sround them, or cutting through them) or
else that new dislocation sources are created. All theories of ﬂu
yield strength assume that particles are not detached from the matrix.

Seversl relationships have been postulated which relate the
yield strengths of these alloys to a parameter of the dispersion. The
differences between these relationships sre guite marked| however, the
lack of agreement among the results of various imvestigations is equally
marked. These disparities are due to structural differences in the
many systems which have been studied. OSuch structural differences
include (11) differences in particle size, shape and distribution, in
matrix composition, in the perticle-matrix interfacial emergy, in the
coherency of the particle-matrix bond, in the degree of cold work of
the matrix and in the mluncui properties of the dispersed phase.

In general, strength increases snd ductility decreases as
particle size and/or interparticle spacing decresse. However, several
- different relatioaships have been proposed.
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(i) The first such relationship was determined empirically by
Gensamer (26) who found for pearlitic and spheroidized steels that the
yield stress is inversely proportional to the log mean free ferrite
path. Agreement with this relationship has been found in carbon steel
(27), SAP (28), tempered martemsite (29) and imternally oxidized copper
(16). However, Shaw et al (30) found for overaged aluminum-copper

that the relationship

n is a strain dependent
parameter

A is velume mean free path

Y5. a ﬁ- where

gave a better fit to their experimental results. Westbrook (31) applied
a similar relation devised by Unckel (32)

the 6 6™ ware 8 is approximately .06

to the resulte of other imvestigators (26,27,30) including Gensamer and
Shaw, He found that Unckel's functionm fitted their results at least as
well as did their own relationships. In addition, Uncksl's function is
much more accurate at large and small inter-particle spacings. However,

all these relationships are empirieal.

(1) An alternative relationship hss been derived fundamentally
by Orowan (33) using concepts developed by Habarro (34). This predicts
that yield stress is inversely proportional to the mean planar spacing
between particles, i.e. the spacing as seen by a moving dislocation.
This distance is considerably less (35) than the mean free path which
is derived from intercepts on random straight lines drawn across

micrographs of cross-sections of the alloy. According to Urowan, yield


http:26~27.30

occurs when the applied stress is sufficlent to force dislocstiocns
between particles lying in the slip plane, leaviag conceatric disloca~
tion rings around each particle. For the Urowasn criterion to be wvalid,
the particle spacing must be such that little dislocution motion occurs
in the matrix before the dislecstions come into contact with the
particles so that no work hardening of the matrix hss occwrred (9).
Thus the Urowan relationship should not apply to dispersion-strengthened
alloys munufactured by powder metallurgical processes (which imvolve
extrusion and swaging) unless they are completely recrystallized before
testing. However, sany investigators (12,18,19,36~38) have found agree-
ment with the Orowan relationship despite the fact thst the mairices of
several of their systems (12,19,36) were in a strain hardened condition.
In addition, Tyson (39) has re-anslyzed the data of other iavestigators
(27,29) wnose results agreed with the Gensaser relationsnip. He
converted mean free paths to interparticle spacings and found that the
Orowan prediction was obeyed. It is significant that in all investiga-
tions ia which the conditions for Urowan's eriteriom were met, agreement
was obtained (25)., In addition, trensmission electron microscopy has
revealed dislocations bowing betweem particles (18,38,40-42) and
leaving loops around thes (43) as predicted.

(1i1) Ansell and Lemel (44-43) have proposed a yield wechanism based
on & different concept. Accordiag to these workers, dislocalion sowrces
operate in the microstrain reglom until the buck stress from Urowan
loops sround the particles becomes large enough to stop the sources from
operating. At this point the material hes not yielded. Yield will occur
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when particles are shesred by the loops, thus relieving the back stress
and allowing the sources to operate agnin. This model gives the
relationships

1.5, @ ‘7% for a coarse dispersion

Y.8. @ i’ for a fine dispersion

where d is the interpsrticle spmcing. The results of several workers
(27,28,57,40,50,51), sowe re-anslyzed (45,46,48), agree with these
relationships. However, seversl objections to this argument exist.

Une is that the stress necessary to shesr an oxide particle is too high
to be supported by the matrix, thus plastic flow aroumd the particle or
particle-matrix detachment should occur before a particle fractures.

In addition, mo fracture of incohsrent particles other than large inclu-
sions has been observed, although this is difficult to detect evem with
the ald of the electron microscope. A further objection te this t!w&rx
has been raised by Abel and Ham (52) who found thet in overaged Al-Cu
single crystals the Baushinger effect increases with increasing pre-~
strain, Ansell and Lenel's model implies that the back stress, due to
the particles, should not inercase after yield has occurred since the
particles are being fractured.

(iv) Several other workers have found empirical relationships betwsen
yield strength and the volume fraction of dispersed phause. HKeeler found
a direct proportiomality as predicted by the law of mixtures for Zr-zrﬁrz
(53) and dr-irfe, (54). Meiklejohn and Skoda found yield stress to be

proportionsl to a complex functiom of volume fraction for iron particles
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dispersed in mercury (51). Fiaally, Hibbard asd Hart (55) found yield
stress to be independent of volume fractionm ia owveraged Cu-Uo alley.

On the basis of experimental agreeseni and sechaniss the
COrowan criterion seems to be the wmost likely. However, it is a two-
dimensional model and meglects the possibility of eress-slip. Hirsch
(56) mas shown thet a dislocation can cross-slip around a particie
leaving behind a prismatic dislocation loop snd cresting a jog in the
dielocation., If the dislocation is of screw character this cross-slip
can result im a Frank-Read type dislocation source in the primary siip
plane to which the cross-slip has occurred. The particles sct as stress
concentrators to supply the energy necessary for cross-slip. FPrissatic
loops and jogged dislocations have been obaserved by transsisaion
electron microscopy (18,40,49,57,58). Cross-slip occurs at stresses
lower than those necessary to force a dislocatiion between particles,
thus if ercss-slip is the yield criterion it should give a lower
yield stress than that demanded by the CUrowan model. However, the
temperature dependence of flow should be greater than that of the
elastic modulus if cross-slip controls the yield stress whereas in fact
they are about the same (53,60).

Thus the yleld stress is equal to the c¢ritical shear stress of
the matrix plus the Urowan stress due to the forciang of dislocations
between particles. In addition, there are two small comtributions to
t»muatmu..muan.ucmm-tnmumumumw
a difference in the coefficients of thermal expansion of the particle
" and the matrix when the alloy is cooled after heat treatment (18,61,62).
The other is the result of a difference between the shear soduli of



the matrix and the particle (63). Both these effects cause the

dislocations to "stand off" from the particles, thus decreasing the
effective interparticle spacing. A typical value of this stand off
distance is one teath the particle radius (25). This value sssumes
that the shear modulus of the perticle is greater than that of the

matrix, as is generally the case.

2.5.

Dispersion strengthened alloys generally work-~harden much more
rapidiy than do the matrix materids without a dispersion. After
several percent strain the rate of work hardening falls off, and the
stress-strain curve becomes approximately parallel to that of the
satrix alome (64,65). Fisher, Hart, and Pry (66) have developed a
work hardeaning theory for these alloys based om Urowan loops left
around particles. They postulated that the back stress exerted on
dislocation sources by the loops is responsible for the work hardening,
neglecting the contribution to the back stress [rom loops in paraliel
or iatersecting planes. Hart (64) obtained remsonable agreement with
the theory but other workers (37,55,67) found it necessary to modify
the relationship to obtain agreement. Caleulations reveal that wore
than thirty loops sbout each particle are necessary to cause the
observed hardening (9) and the stress caused by thirty conceantric
loops is greater than the theoretical matrix shear stress. In addition,
the observed temperature dependence of tae [low stress is higher than
that calculated from the theory (25,38,67,68). Umn these bases the

theory sust be rejected.
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Ashby (25) has developed a work hardening theory based on the
prismatic loops left when dislocations cross-slip past the dispersed
particles. Single crystal experiments (37,60,69,70) show that these
alloys exhibit multiple slip. Dislocation sources may be due directly
to the presence of the dispersion as suggested by Hirsch (56). In
addition a difference im coefficients of thermal expansion of the
particles and the matrix can lead to dislocation creation (71-74) as
can & differemce in the elastic constants when a stress is applied (75).
Thus interference between slip systems could occur leading to jumction
reactions between loops (76). These loops, which are often extended
into dipoles under the influence of an applied stress, assume & lower
energy cell structure. According to Ashby's theory the stress to
force dislocations through this cell structure is the increment in flow
stress caused by work hardening. Ashby supports his theory with the
re-gnalyzed results of workers in Al-Cu (37,60), internally oxidized
Cu (18) and Hg-Fe (51). The presence of the cell structure has been
reported by numerous investigators (25,38,57,58,74,77,78) and it is a
stable configuration. Thus it is a likely contributor to the work
hardening behavior of these alloys. Mitchell, et al (24) haveealculated
that the thermally activated intersection of dislocations is the rate-

controlling mechanism for deformation in overaged Al-Cu alloys. Their
conclusion agré®s with Ashby's that work hardening is due te the

increased dislocation density. This is also supported by Barnby and
Smith (78) who devised a model which predicts the straim at which a

cell structure should have developed.
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2.4. QOther Considerations.
2.4.1 Stored Epergy.

In those dispersion strengthemed alloys which are produced by
powder wetallurgy, the extrusion process iantroduces energy inte the
structure as dislocation sub-boundaries (16,25,67,77,79) and also as
elastic strain emergy in the matrix and particles (16,17,80,81). This
energy, most of which is retained after amnealing since recrystalliza-
tion is not common, makes s significant comtribution to the stireagth
and stability of the alloy (17,79-86). FPreston and Grant (16) have
devised a model which rciam the streangth of the alloy to the exteant
of the dispersion indirectly through its effect on the ability of the
dislocation structure to retain strain energy. This model holds for
internally oxidized copper but its validity ia other systems has not
been determined.

2.4.2 Preferred Orientation.

The extrusion process used in the sanufacture of meny dispersion
strengthened alloys rnulu» in a preferred orientation of the matrix
grains. SAP develops a (111> fibre texture (28) while thoriated
nickel has a pronounced (100D fibre texture (87,88) which is stable
even after annealing. It is interesting that SAF fibre texture is the
same &s that of pure aluminum, but thoriated nickel has a fibre texture
while extruded pure nickel has mo preferred orientation (19,87). The
degree of developuent of the fibre texture in these alloys is determined
by the extrusion ratio used in thelr sanufacture.
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2.4.5 Slp Liges.
Slip lines have been reperted by several workers on overaged

precipitation hardening ailoys st teansile straims greater than 6 perceant
(25,69,70). They sometimes appear just prior to failure close to the
fracture edge in the necked regiom. In these cases (6,59,69,70,89)

they are indistinct and wavy, indicating that sultiple slip is
occurring. Other workers (37,41,60,90) report me slip line formatiom.
Taere have been mo slip line observations reported im oxide dispersion
strengthened alloys.

2.4.% Fracture.

Tensile fracture of overaged precipitation hardened alloys
occurs either by uecking im & ductile manmer (37,90) or by cracking
along an sctive set of slip planes (9,91). In S4F a dimpled fracture
ocecura in the centre of the specimen with micro-cleavage cracking
around the edge (92,93). It is possible that cleavage cracks nucleate
at the particle-matrix imterface, particularly in oxide stremgthenmed
alloys where the particles are strong enough to allow a high stress to
be gemerated at the interface during defermatiom (7). Particle-matrix
interface effects may be responsible for the lack of ductility of many
dispersion strengthened alloys (94-98).

2.5. 2D Nickel
TD Nickel is 2 dispersion streagthened nickel alloy containing

two volume percent thoria (Th0,) (22,23,99). It is manufactured
coumercially by powder setallurgical technigues including mtui,
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sintering and extrusiom. The extrusion cperation gives the alloy &
utmg{'lm}" fibre texture and elongetes the grains in the extrusion
direction (57,87,100). This results in amisotropy of mechanical pro-
perties at temperatures above 300 degrees Centigrade (101). Streagth
and stability are developed by a series of strain-amneal ¢ycles after
extrusion. Thus the mechanical properties of ID Hickel are dependent

on the dimensions of the (swaged) rod or (rolled) sheet. The final
working is’ folloved by a one hour stress relieving anmeal at 1010 degrees
Centigrade.

The spherical thoria particles are distributed evenly through-
out the satrix with a mean spacing in the order of 1200 Angstroms. The
size range of the particles is such that 86 per cent are less than
1000 Angstroms in diameter, the median size being about 500 Angstross.
No agglomeration of particles is evident even after amnnealing at
close to 1400 degrees Centigrade (102).

The annealing behavior of this alloy is gquite unusual. In the
svaged condition it does net recrystallize (101) although a form of
recovery occurs anear 550 degrees Centigrade and aleo near 1100 degrees
Centigrade. However, if TD Hickel is rolled, it does recrystallize when
sanealed above 500 degrees Centigrade (58,81,88,101). However,
recrystallization does not drastically wesken this material (81,88,101)
as is common in conventional metals and alloys.

ppansmission electron microscopy reveels that in the extruded,

stress relieved condition the alloy has & graia or sub-grain size of
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about 1 micron diasmeter elongated to about 10 aicrons in the extrusion
direction (58) with both large and small angle boundaries present.
Hlo elastic strain fields can be detected near particle-matrix inter-
faces (80). If a recrystallized specimen is deformed dislocationSare
imhibited by the particles, and cross-slip around them leaving
prismatic loops (58). As deformation procesds the heavy tangled
dislocstion structure which forms is gradually developed into a cell
structure. This cell structure seems to be anchored by large thoria
particles and thus has a cell size in the order of 3000 Augstroms.

Indications as to the actusl strengthening wechanism come from
two Fources. Microstrain measurements om recrystallized T Hickel
indicate that strengthening is due to the formation of a deformation-
resistant dislocation structure by the strain-anncal cycles (86). The
thoria particles determine the fineness and stability of the dislocation
network. This, however, does not explain the retention of strength
after recrystallization when the dislocatiom structure has annealed
out. OGrierson and Bonis have shown (81) by Fourier analysis of
broadened x~ray diifraction lines that deformation increases the
elastic straim in the matrix. This incresse is only partislly relieved
by annesling even when complete reerystallization occurs. Thus the
particles seem to prevent the amuealing out of elastic strzins in the
matrix. In swaged material strengthening is due to a coibination of
these two factors.

The creep fracture of TD Nickel has been studied by Wileox and
Clader (100). They found that the fracture surface consists of two
regions, one oriented at 45 degrees to the stress axis and one at 90
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degrees. The 45 degree regiom has an intergranular appearance while
the 90 degree region is covered with dimples similar to those caused
by low temperature ductile fracture. HNecking precedes this fracture
wMWMﬁdehmuﬁdMu. Wileox
and Clauer proposed that these voids originate with the detschment of
grain boundary oxide particles. This could lead to shear of lomgi-
tudinal boundaries with fimal rupture occurring when the voids merge.
This explanation does not account for the different orientations of
the two regions on the fracture surface, however, it dees illustrate
the complexity of the {racture behavior of IU Nickel.



CHAPTER 3
FATIGUE

This chapter deals with the fatigue behavidr of face-centred
cubic metals and alloys. Although there is mo comprehensive, up-to-
date review article on fatigue several older or more specialized
reviews (103-108) are available.

3.1.

When an snnesled metal or alloy ie subjected to reversed cyclic
stressing its initial response is to harden as total strain accumulates.
Tais hardensing, which is less than that which would result from an
eguivalent temsile straim (109,110), is accompanied by fine slip
distributed st random throughout the specimen (109,113-115). Hardening
decreases ss cycling continues until it cesses or "saturates"” after
several percent of life at a stress which is a function of the plastic
strain mﬁumﬁ (112,116). At saturation slip becomes conceatrated in
irregularly spaced slip bamds (111-11%,116,117), typically tem to
fifty microns wide and separsted by fifty to several hundred microms.
As cycling continues the slip bands become wore numerous (113,11%,116,
118) end more intemse (112,118) particularly &t high stresses. In
polycrystals, some grains saffer heavy deformation while others show
very little evidence of slip (112,119), thus slip bands do not usually
cover more tham 20 percent of the specimen surface. However, a high

18
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density of slip bands usually appears adjacent to a growing fatigue
erack (111,118,119) due to its stress-concentrating effect.

The slip lines which form during the rapld hardening stage way
be removed by electropolishing a few microms of metal from the surface.
However, once the slip bands have formed, electropolishing leaves
dark traces on the surface where the slip bands have been removed (111,
118-120). These “"persistent” slip bauds are not removed ustil as much
as one hundred microns is electropolished fros the surface.

If & metal or alloy has beem cold worked it softens during the
early stages of fatiguwe (117,121-129) finmally resching a saturstion
level. High stacking fault energy metals saturate at a stress level
which is independent of the initial condition of the specimen; bowever,
low stacking fault energy alloys which have been cold worked saturate
at & higher stress level than their anmcaled couaterparts (130). Fully
reverssd stress is essential for fatigue softening (126,131). The
slip bands formed in fatigue softening materials develop before
saturation is reached and are sore closely spsced than those in imitially
annealed metals (116,123,127).

The dislocation structure of fatigued specimens depends om
stacking fault emergy and the amplitude of the eyclic stress. MNetals
of high stacking fault emergy whem cycled at low stress (umm>1c:\6
eycluy) exhibit a dislocstion structure comsisting of P2tches of high
dislocation density several microns in extent and m@tﬁ by

relatively dislocation-free regions of similar size (115,132-135).
These dense areas have a high concentration of small dislocation loops
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and jogged dislocatioms. The boundaries of these patches are well
defined and lie parallel to 111 directions (134). The dislocation
loops are elongated in crystals undergoing single slip but are eguiaxed
under sultiple slip conditions (133).

When cycled at high stress, these high stacking fault emergy
metals develop a cell structure during rapid herdening (112,115,132,
136~1%2). Cell formatiom is virtually complete at saturstion and
further cycling tends to thicken snd rearrange the cell walls so thst
the cells become equiaxed (140). Cell boundaries 1ie in {121 , {126
or %m} planes and are msde up of loops, tangles and jogged disloeatious.
In a polycrystal the substructure in adjacent grains may very inm its
development {rom grain to grain depending on taeir orientations. There
are indications mtmmmefnwmmmum
for cell formatiom (115,140). Such a condition always exists in poly-
erystals due to grain boundary constraints. In general during fatigue
the ¢yclic stress necessary to obtain a given dislocation configuration
increases as stacking fault energy decreases (138). This may explain
the failure of some workers (133) to observe a cell structure in
fatigued copper.

Hetals and alloys of lov stacking fault energy when fatigued
atm-mmm.mmmmmtammnw
stacking fault energy metals at small stress amplitudes (142,143).
However, if these materials are subjected to low cyclic stressing,
dense two dimensional patches of jogged dislocations and loops appesr



slong slip planes or in faulted basds (115,133,134,144), These
arrangesents of dislocations correspond to the surface slip sarkings.

The rapid hardening stage of fatigue results from the creation
of a dislocatioa structure which is detersmined by the stacking fault
energy and the stress amplitude. An additional contributiom to work
hardening may arise from polnt defect generation. Saturation has been
explained by two thecries. One (116.1#5,1‘6‘) considers the non-
hardening strain to be due to anninilation of screw dislecations of
opposite sign, thus permitting continued easy motion of dislocations
in the regions where this has occurred. in alternative explasation due
to Feltner (135) and valid in low stress fatigue ascribes saturation
to the flip~flop motion of large numbers of the prissatic dislocation
loops as the stress is reversed.

Forsyth (1035,147) found evidence for tae development of
substructure in the persistent slip bands of aluminus alloys fatigued
at low stress asplitude. This has recemtly been confirmed by trans=
mission electron sicroscopy (148,149). The coccurrence of the cell
structure, which is present to a depth of one hundred microus beneath
the surface, asay contribute to the imitiation of cracks in the persistent
siip bands.

Sede

Fatigue cracks sre initiated by the action of slip that is sot
fully reversed. The concentration of alip into slip bands gives the
surface a characteristic notch~-peak topography which often leads to

cracking im the persistent slip bamds (1035,11%/113,11%,118,119,150-153).
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There is a tendency particularly in alloys of low stacking fault energy
for the persisteat slip bands to form near twim or grain boundaries,
thus cracks may be associated with these bounderies (111,118,119,143,
146,1548-158).

Asother phenomenon wnich affects orack imitistion is the cecar-
rence of extrusions and istrusions on the surfuces of sany metuls and
alloys during fatigue (114,116,150,153-155,159-164). Extrusions are
sheets of metal which extrude from slip bands &t aboul the time that
fatigue hardening saturates (155,156,162,165). Intrusions are grooves
whaich appear at the same time, in some cases in the same slip band (155).
Extrusions are typieally 0.1 sicrom tadck and 10 asicrons high although
they are short and blocky in some alloys (150,135,161). They develop
very quickly, growing as much as 50 Angstroms per ¢ycle, however, growth
uaually stops withia 100 eycles.

Since intrusions are primitive notches, it is not surprising
that fatigue eracks are often cbserved in the vicinity of these [eatures
(155,162,166). Several theories have been developed to explain the
formation of extrusioms and intrusions (116,156,167-170), most of these
baced on cross-slip. This agrees with the observations that the
forsation of these fsatures iz enhanced in alloys of high stacking
fault emergy (113,114,116,157,158,169), fatigue lives being correspond-
ingly shortened (114,143,146,169). Lowering the test tempersture results
in thivner extrusions which are more closely spaced than those which
form at room temperature.

Hany workers have observed pits in persisteat slip bands
{105,118,119,161,164), These may in foct be asrrow imtrusioms or, as
several investigators (164,171) have suggested, a consegueace of sub-
boundary cracking.
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S1ip bands and erack paths in cold worked and in annesled
wetals are similar (122); however, extrusions occur in cold worked
specimens during the fatigue~-softening stage (116) wheress in annealed
saterial they do not generally sppear until saturation.

That & free surface is necessary for crack initiation has been
desonstrated by several experiments. If an anodic oxide film is formed
on the specimen surfuce, the formation of slip bands, extrusions and
cracks is suppressed as long as the film ressine unbroken (114). The
fatigue life of such a specimen can thus be extended appsrestly
indefinitely. If slip lines are repeatedly polished away belore they
become concentrated inm bands, or if persisteat slip bands are completely
polished away, the fatigue life is similsrly proloaged (111,118).
innealing a specimen repeatedly before it resches saturstiom also
praventa siip intensification sud extends the fatigue life (11%) although
oncedlip is concentrsted in bands acnealing has no effect (111,118,151).

There is considerable evidence to indicate that im high
stacking fault emergy metals, particularly at high stress ranges, cracks
may fors in sub-grain boundaries at the saurface (143,171,172). Gince
these sub-boundaries lie in {m\k planes it is difficult to distiaguish
this type of initiation frowm normal slip band cracking. Sub-boundary
cracking may originate with the forsstiom of pores at sub-boundsries
during high stress fatigue (164). Specimens which have been cold worked
to develop a sub-structure are also susceptible to this type of failure.

bxtrusions, iatrusions, grain boundaries, twin boundaries and
sub-boundaries all iafluence fatigue behavior slthough none of these
factors 1% a prerequisite for failure.
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3.3. Propagation of Fatigue Cracks.

The separation of the fatigue process into erack initiation and
propasation is rather arbitrary. However, since cracks are usually
present well before tem percent of the fatigue life, their behavior
from that point is described as propagation. It has been found (163,173)
that fatigue crack propsgation in specimens stressed axially or in
torsion occurs in two stages.

Stage I is slip plane fracture which occurs by an "unslipping"
or reverse glide. This is an extension of the initiation process and
is controlled by the range of resolved shear stress acting on the slip
plane. The crack front may be sharply serrated with the tip acting as
a dislocation source. The fracture paﬁh, since it follows active slip
planes, deviates when it crosses a grain boundary thus giwing the
fracture surface a faceted appearance but the general fracture plane
is one of maximum shear stress. In favourably oriented single crystals
or in cold worked pure metals with a preferred orientation the Stage I
process may continue to final fracture.

In most cases the crack grows a short distance into the interior
of the specimen and then ehangeslto a Stage II crack growing at right
angles to the direction of maximum tensile stress. The conditions which
favour this change are those which proveﬁt easy glide including high
stress amplitude, mean tensile stress, slip plane obstacles such as second
phase particles, and the growth of the crack into the depths of the
specimen where the shear stress/tensile stress ratio is low. Stage II
growth is controlled by the value of the maximum principal tensile stress

in the region of the crack tip.
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When Stage II cracking predominates along the crack froat the
fracture is basically cleavage. However, as the crack grows the peak
stress rises until microscopic plastic deformation occurs at the crack
tip. It is at this point that the characteristic fatigue striations
become resolvable on the fracture surface. Bach striation results from
one stress cycle, the spacing of the striations thus indicating the
local crack growth rate (174).

Striations may be one of two types, brittle or ductile,
depending on the environment, the stress conditions, and the mechanical
properties of the material. Brittle striations lie on crystallographic
planes which form facets at an angle to the general fracture plane. They
do not normally appear except in a corrosive enviromment. Ductile
striations lie on plateaus, the surfaces of which are parallel to the
general fracture surface. The boundaries of the plateaus are, at least
in some cases, grain boundaries.

As the crack grows longer, the tip stress rises, the striations
become more heavily defined and cross-slip becomes extensive enough to
turn the fracture path back teo a plino at 45 éesreca.to the maximum
tensile stress direction (163). This type of fractur; is called shear
decohesion failure. The stages of crack growth as described ahove are
shown in Figure l,halthnugh not in the proportions in which they occur

in a specimen.


http:surfac.es

MAXIMUM TENSILE

GENERAL DIRECTION
OF CRACK GROWTH. T STRESS DIRECTION
—

oz
=0
23
e \ STAGE I |
hu ¢ i 5 - BRITTLE CLEAVAGE DOMINATED |
o STRIATIONS, FOUND MAINLY
UNDER CORROSION FATIGUE : I
CLEAVAGE CRACKS CONDITIONS. (GENERAL FRACTURE |{)
PLANE (100)) <
a
2
- wn
>
ui \ \ g
< Y 5
ik (PLASTIC w
2 COMBINED SLIP PLANE ENCLAVE) “w
z AND CLEAVAGE CRACKS. ‘
3 ONSET OF DUCTILE |
9] FRACTURE STRIATIONS
w GROWING IN_SPACING AND | emaL
* ! SIZE WITH CRACK LENGTH. HIGH STRAIN ; e FRACTURE
‘SHEAR DECOMESION

} BEHAVIOUR.
STAGEI  STAGE II

Striations have been examined by optical and electron micreoscope
studies of fracture surface replicas (175-178). Un the basis of this
work several explanations for the occurrence of striations have been
proposed. Forsyth -md Ryder (174) peostulated that the hydrostatic .
stress operating ahead of a propdzating crack opens up volds which are
then linked to the crack by ductile rupture of the metal between. lLaird
and Smith (179) using the stress snalysis of Williams (180) showed how
"ears” cam form at the tip of & crack as the stress chamges from the
compressive lizit into the tensile half of the cycle. These ears are
then folded as the crack closes and .sharpeii, thus leading to striations.
Mcivily and Boettmer (157) have modified this mechaniss to imclude the
effect of crystallography. These workers have zalso explained the
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ripples which sometises ocour between striations as being slip steps
which form durisg the compressive half of the eycle (1851).

 According te Forsyth (163) a ductile striation forms im two
steps, an easy slip component om a flat erystalliographic plane followed
by motion where the slip smust conform te the curved crsck from by cross-
slip. This latter step effectively bluats the crack tip so that
resharpening by the compressive aslf of the cycle is aecessary lor
further propagatiom. Forayth slso explains the appearance of the
fracture surface in the high strain shear decohesion region. Itriations
are forwed oa this surfage, however, the secund step, lavolviang cross-
slip, dominates their formation thus shifting the orieatation of the
fracture surfsce.

The role of grain boundaries im transcrystalline fatigue creck
propogation 1is uncertsin. Crussard et al (176) have shown that grain
boundaries do not affect the striations while Pelloux (177) has observed
stristioms orientation changing at & grais boundary.

Muﬂwm’m&emktmtatwam‘
amplitudes substructure formatiom is important te fatigue crack
mmm in saterials with high stacking fault ensrgies. JSeveral
workers (157,182,183) have found that the fracture surface of fatigued
alusinue costains & aighly developed substructure to a depth of less than
fifty sicrons. This may be related to the cell structure cbserved in
persistent slip bands or slternatively, the stress field at the tip of
& growing crack may be sufficient to cause subgrain formatiom (103,138,
159,147,153,154-186). Since croas-slip is sssccisted with the formation
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of subgrains the observed dependence of crack growth rate on stacking
fault energy may therefore be explained (143). It is likely that
sub~-boundaries act ss dislocation sources, thus siding progagatiom (138).
Sub-boundsry cracking is not incomsistant with the model of Laird and
Swith (179) but does not fit Forsyth's striation theory. Grossiyeutz
(153) found in fatigued aluminum sheet that surface cracking (imitiation)
occurred along alip planes while in the interior the crack followed
sub-boundaries. This way be a ressonable explanation for the high
stress fatigue crack behavior of high stacking fault energy metals.

| Under certain conditions, namely high stress and high homologous
temperature, intergranuler fatigue cracking cam also occur. This effect
has been reported in tin (187), silver chloride (188), a-brass (177),
copper (125) and aluminum (119,181,189). low cycling frequency enhances
this effect (108).

3.4,

The fatigue behavior of dispersioa strengthened alloys has not
been intensively investigated from a fundamental point of view although
some studies have been made on overaged precipitation-hardened alloys.
These alloys fatigue harden to a pesk, and them gradually soften with
further cycles until crackimg occurs (52,190). Both single crystals
(52,190) and polyerystals (191,192) exhibit a pronounced Bauschinger
effect, particularly at low temperatures, Extrusiomns are not usually
formed and slip intensification is ot as repid =s in single phase alloys.
The dislocation structure is characterized by tangles in the viciaity
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of precipitates (190,193). Cracks may start from large fractured
imclusions (158,177,181,194-197) or from grain boundaries (198),
particularly st high stress amplitudes. Transerystalline fractures are
of the rough, shear itype with the fracture plane lying at sbout 45 degrees
to the direction of maximum temsile stress (190,199).

In steels, the initiation of fatigue fracture at cracked
nonmetallic inclusions is well documented (200-203). Siamilar cracking
of second phase particles ia Udimet 700 hes also been reported (204).
In norsal dispersion stresgthened alloys such cracking is not likely
since the second phase particles are small and usually eguiaxed.

If the particles do not crack their effect on the rate of
fatigue crack propogation depends on the width of the plastic zome at
the crack tip (197). If the width of this zome is small compared with
the interparticle spacing, them cracking is comtrolled by the matrix
properties, with the particles effectively acting as crack arresters
(195). Im this case the growih rate as determined by striation spacings
is larger than the sacroscopic growth rate. However, if the inter-
purticlie spacing is much larger than the width of the plastic zone then
crack growth is comtrolled by eracking arcund the particles (173), so
that the macroscopic growth rate exceeds the microscepic rate.

For the case of oxide stremgthened alloys the only fundamental
fatigue study has been carried out by Hartin and Smith (205). They
found that ia polyerystalline copper alloys internal oxidstion reduced
the fatigue life by prosotisg intergramular fracture. This eifect is
likely caused by the presence of oxide particles at grain boundaries.
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The fatigue resistance of single erystals was improved by the oxidatios,
particularly when the oxide dispersion was very fime. 3lip lines forwed
.Mi.l‘ fatigue, however, intonsification was slow. The fracture path
_ in both single and polycrystals lay at 45 degrees to the stress axis.
Several other investigstors (2,3,4,15,23,199,206) have reported
fatigue lives of 5AP at various stress levels and tesperatures. Their
results are sommarized im Figures 2 and 3. The trend towsrd higher
fatigee ratics at nigh tempersture is am indication that fatigue fructure
of SAP is not intergramulsr, since high temperatures would emcouruge
this type of failure (206). The detachment of particles from the
satrix ressins a possible contributdr to fatigue failure in these alloys.
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CHAPTER &

EXPEZRIKENTAL PROCEDURE

TD Rickel was obtaimed from the Uriver-Harris Compeny as
3/8 ineh diaseter rod. This material had besn extruded, swaged,
mmmum‘cm-mm. Fatigue specimens
were produced by grinding gauge sections on the rod as shown in
Figure %,
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The ainisue diaseters of the gauge sections ranged between 0.0%6 in.
and 0.135 in. JSeversl additionsl specimens were ground to a diaseter
of 0.135 in. along & gauge length of 0.85 in. These were used for

>3
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tensile tests. All specimens were electropolished prior to testing.
This was done by masging the shoulders with Hicrostop lacquer and
mu:m&ma‘%ﬁ%ﬂ.ﬂiﬁﬂv Zﬂﬂzaatm
temperature using a stainless steel cathode. After electropolishing
the specimens were rimsed in distilled water and in methanol.

(11) Meshanicsl Testisg.

All fatigue teats were carried out under fully reversed, axial
stress conditions (push-pull). Tests lasting longer than 106 cycles
were performed at 1800 cycles per minute in a Sonantag S5F-l-U fatigue
machine with comstent losd amplitude. This sachine was equipped with
an oscilloscope connected to a linear variable differential tréasformer
in order to monitor the strain values. By this technigque a zero mean
strain could be waintsined taroughout each test. The specimen surface
was exsmined periodicelly with a low powered optical sicroscope. when
& fatigue crack had grown around one-gquarter of the specimen circus-
ference the test was discontinued.

Tests at high stress amplitude were carried out in an Instron
TIC-I precision tester modified for fatigue by Mr. D. F., Vatt as
described elsewhere (190). After electropolishing, specimenswere
mounted in precise conical grips and aligned in a jig to elimisate
nop-axiality. Constant losd and constant total strain smplitude tests

ware performed at frequencies of 16 and 206 cycles per mimute respectively.
A coantipucus recé¥d of the test conditions was obtained om a recorder

which plotted load against crosshead position. when cycling between
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fixed load limits, the test was stopped after a crack had grown arcund
one~guarter of the specimen circumference. When strain cycliag the
presence of a fatigue crack was indicated by an ssysaelry of the pesk
stresses, the peak tensile stress dropping rapidly as the erack grew.
The teat was discontinued when the peak tensile stress bhad fallen to
about half its isitial value. This corresponded to a crack acroas
more thsn three-guarters of the cross-section.

Several lengths of as-received rod were cold-rolied to a
thickness of 0.005 in., annealed for 1 hour at 1000°C i argon, and
pulled in temsion to failure in & Hounsfield Tensometer. Tensile tests
were also performed om bulk specimens using & Tinius Ulsen tensile
machine.

Fatigue specimens in the cracked condition were examined with
a Heichert optical microscope to determine the positions of fatigue
eracks with respect to surface features. The specimens were then
subjected to further examination by other techniques.

From as-received and fatigued specimens, thin slices were

spark cut with a moving Ho. wire on a Servomet spark cutter. This
apparatus is deseribed in wmore detail im Appendix A. These slices,

which were 0.005 to 0.015 in. thick were cut either perpendicular to
the specimen axis, parallel to the specimen axis or parallel to the
fatigue crack. Since the specimens had non-uniform cross-sections, each
slice had been subjected to a different fatigue stress amplitude. It



36

was therefore necessary to accurately measure the diameter of each
slice at this stage. The slices were then cleaned in a solution of

50% CH,COOH, 30% HNO, 10% H,SO,, 10% H,PO, at 85°C to remove the
carbon layer deposited during the spark cutting. They were then
electropolished by the window method in 40% HBPO%' 35% H,80,, 25% HZO
at -20°C with a current density of 2-3 amps/cm°. Thin films obtained
by this method were examined in a Siemens Elmishop I electron microscope
at 100 kV.

Bulk tensile specimens which had been pulled past the ultimate
tensile stress were sliced through their necked regions. The slices
were cleaned and electropolished as described above for electron
microscope observations. In addition, thin films from near the fracture

of the rolled and annealed foil were examined in the electron microscope.

ulectron fracto hy.
Fatigued specimens containing cracks were pulled to failure in

the Tinius Olsen tensile machine. The fraétnra surfaces thus obtained
were replicated by a two step process using parlodion and a 50-50
platinum-carbon mixture. The latter was evaporated onto the parlodion
in a vacuum at a shadowing angle of 50°, Replicas obtained in this

fashion were examined in the electron microscope at 80 kV.

Optical Microscopy.

The fatigue and tensile fracture surfaces were also examined
with the Reichert optical microscope. This was accomplished by direct

observation as well as by the examination of celluloid replicas stripped
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from the fracture surface and shadowed with aluminum.

The propagation of cracks was studied by sactiéning cracked
specimens parallel to the specimen axis in a plane perpendicular to
the plane of the crack. These sections were mounted in bakelite,
polished and etched with Carapella‘'s Reagent (99 ml. Gzﬂﬁﬂﬂ, 2 ml. HC1,

5 8. Fgclj). They were then examined using the Reichert microscope.

A specimen of as-received TD Nickel was electropolished to a

point and exposed to unfiltered Cu radiation in a transmission Laue
configuration to determine the degree éf preferred orientation. In
addition, an Acton (Cameca) electrom probe microanalyser was employed
to determine the extent of impurity segregation, if any, in the

material.
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CHAPTER 5

The use of the two testing machines made it possible to cycle
at low stress gquickly and at high stress precisely. The experimentally
determined 5-N curve is shown in Figure 5 including the data given by
Anders et al (23).

¥hen load cycliag in the Instrom at high stress, cyclic creep
was observed, This was manifest as the gradusl necking of the
apecimens followed by double-cup fracture at lives much shorter than
indicated by the S5-8 curve. Cyclic creep was mot observed when load
eycling at low stress or when strain cycling at high stress.

mmwmumamwmmam
stress between constant total strain limits. In taese tests the pesk
stresses were observed te drop for the first few Yy

sa cyeles,
finally reaching saturation at about 708 of the fatigue life (Figure 6).

Despite the fact that specimens were electropolished before
testing, surface irregularities such as polishing pits were oftem
present. Thess marks vere usually the sites of the first observable
fatigne eracks. The fatigne eraeks propagated at am sugle of abeut 45°
to the specimen axis regerdless of whether or not they initiated at

surface marks.
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During the fisal 50 to 100 eycles of each strain-controllied
test, which were applied at a freguency of about 1 per ainute, an
irregularity developed in the compressive halves of the cycles, as
shown by the arroes im Figure 7. This irregularity occurred at lower
compressive . load and became more promounced ss the specimen approached
final fracture.

The tensile tests revesled that the materisl had ap ultismate
tensile stremgth of 100,000 psi. and showed a deviation from elastic
behavior at 72,000 psi. Tensile fracture occurs at 17% elongation with

a reduction in area of 828.

The structure of the as-received material is shown ia Figure 8.
The distributions of thoria particles and grain boundaries can be
clearly seen. OSome but mot all of the boundaries contaim thoria particles.
The grains are .2 to .5 u in size and relatively free from dislocations
except in the boundary regioms. JSelected area diffraction was attempted
to determine the misorientation of these grains, however, this proved
in most cases to be impossible since the grain size was so smell that
each diffraction puttern containmed spots from several grains. However,
& few successful determinations were carried out, these revealing
boundary sngles ranging froa 8% to 20°. For the purposes of this work,
they will be referred to as grains regardless of the boundary angle.

Figure 9 shows the structure after 1,357,000 cycles at #47,000
pei. An increase in dislocation dessity both at the boundaries and ia-
side the grains is evident. There is mno! change in grain size and no
evidence of particle-matrix detachment.



40

The structure im 2 plane parallel to the specimen axis after
6800 cycles at 88,000 psi. is shown im Figure 10. The thoria particles
are stringered to some exitent in the extrusios direction and are
frequently sssoclated with graian boundaries. Jislocatiomsare present
ia the interiors of some grains. The greins are .2 to .5 u wide with
lengths in the order of 5 u. Mcmumﬁmcfmh-
satrix detachwent.

Figure 11 is & thin film taken from mear the fracture of the
rolled, amnsaled foil which was pulled te failure in teamsion. The
grain boundaries have been removed by the snnealing treatment. Inter~
actions between dislocations and thoria particlescan be clearly seen
nzmunm#mulmtmwm.

The structure of the msterial in the necked region of a bulk
tensile specimen is shown ia Figure 1l2. The dislocation demsity in
the interior of the grains is higher than in the fatigued specimens.
Tae grain size, however, has not chamged. Once again there is mo
visible particle-matrix detachment.

In all thin files, some clustering of thoris particles was
evident. These clusters were spaced approximately 0.5 u apart and
were stringered in the extrusion direction.

Electron Fractography
Fracture surfsce replicas showed that on a submicFoscopic
scale the high stress (short life) fatigue fracture surfaces contained

many different features. GSeveral types of features are shown in
Figure 13. Myriads of fine "pin-head” specks in the order of 50 A°
diameter can be seen. These are considered to be coagulated shadowing
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material. In addition there are a number of small craters in the
replica (bumps in the fracture surface), these being 1000-2000 A% im
diaseter. Surface disturbances om a larger scsle are visible. These
appesr to be ridges on the replica (crevices im the setal surface) in
taat they csst shadows on the replica surface. The ridges are often
curved as if to partially emclose a structural umit .5 to 3 u in size.
The third festure observed in this figure is a general linear texture
running from the upper left to the lower right of the sicrograph.
This is more glearly shown in Figure 1%. The lines are sometimes but
not always parallel to straight segments of the surface ridges. Some
surface areas seemed to conaist of ledges separated by tora “eliff™
edgea. Such a structure is shown in Figure 15.

Uccasionally a large surface structural unit was defined by
the surface ridges. Examples of this are shown in Figures 16 and 17.
In Figure 16 the line texture appears to be affected by the preseace
of this division. There is also a marked change im the density of the
small craters. In Figure 17 a boundary separates a region comtaining
two types of crater from a region which has a very rough appearance.
This latter region is shown at higher magnification im Figure 18. It
consists of craters and ridges with a definite orientation as if this
surface had been dragged across another.

Two other features appeared ceccasionally on fracture surface
replicas. OUne was a series of parallel straight lines or grooves
across the surface as shown in Figure 19. The other was wvhat appears
to be normal Stage II fatigue striatioms, as shown in Figure 20.
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Every series of striations terminated at a surface ridge, as shown in
the figure, and the striation spacing always increased as they approached
the ridge. The individual striations were less than 5,P long. These

striations, however, were not a common surface feature.

The surfaces of strain cycled specimens developed slip bands
visible to the naked eye at about the time saturation occurred. These
slip bands did not appear during load cycling at either high or low
stress amplitudes. The slip bands always formed at about 45° to the
specimen axis and the fatigue cracks grew along these bands. Figure 21
shows cracks initiated at polishing pits growing along the slip bands.
Occasionally the crack turned through 96° and grew back toward the
region of minimum cross-section as shown in Figure 22. This figure
also shows the crack jumping between parallel slip bands, a type of
behavior which was quite common. An increase in the concentration and
intensity of slip bands near the crack tip was also observed.

Optical micrograghs of the high stress (short life) fatigue
fracture surfaces are shown in Figures 23-26. These surfaces were
rough and often contained fissures (Figure 23), particularly hear the
specimen edge. Rows of striations covered the fracture surface
(Figures 24 and 25). The striations lay perpendicular to the general
direction of crack propagation (parallel to the crack front) and were
spafed 15 u to 25 u apart.

The fatigue fracture surface also contained regions which were
smooth except for straight parallel lines. These regions, which were
always located adjacent to the area where final tensile fracture

occurred, are shown in Figure 26.
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The structure of the as-received material as revealed by
sectioning, polishing and etching is shown in Figure 27. The widths
of the elongated grains average about 1 . The lengths of these
grains are difficult to estimate as it is virtually impossible to
locate the grain ends even at high magnification. The inclusion-like
objects shown in Figure 27 were located randomly throughout the
structure although not in large numbers. Microprobe analysis of these
objects showed that no foreign elements were present and the back-
scattered electron image suggested that they were in fact voids.

Cross-sections of the specimens containing cracks are shown
in Figures 28-31., In all cases the sections were cut in a plane at
right angles to the plane of the crack. The micrographs shown are
from specimens which failed under high stress conditions and the
directions of crack growth are from left to right on the micrographs.
Figure 28 shows a typical fatigue crack in the interior of a specimen,
running at 40 to 50° to the specimen  axis. The small sub-cracks
growing at an angle to the main crack were present in all specimens
and were genmerally spaced 10 te 50 n apart. These sub-cracks are
shown at higher magnification in Figure 29. It can be seen t?at the
sub-cracks are branched and do mot grow parallel to the direction of
elongated grains. Figure 30 shows a crack which exhibited a great
deal of branching with one branch in the process of rejoining the
main fracture. The figure also shows the elongated voids mentioned
above. These voids occasionally limked up with the crack (Figure 31)
but only when the crack grew very close to them. In all these figures
there is a noticeable distortion of the elongated grains around the

crack.
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Tensile Specimens
The fracture surfaces of bulk tensile specimens contained

cross-shaped fissures as shown in Figure 32. When the arms of the
cross were not mutually perpendicular, an additional fissure sometimes
formed in one of the larger uncracked segments. In all cases the
arms of the cross were within 20° of being mutually perpendicular.

One tensile specimen which had been pulled past its ultimate temsile
strength to 10% reduction in area was sectioned through the necked
region perpendicular to the specimen axis. No cracks were observed
in this specimen.

One of the tensile specimens necked down unevenly so that at
one point the edge of the fracture surface was tangential to the
circumference of the original cross-section. The fracture surface of
this specimen is shown in Figure 33.

Figure 34 and 35 show polished and etched sections cut parallel
to the axis of a tensile specimen so as to include the necked rcgiqa.
It can be seen that the regular elongated grain structure has been
distorted in the temsile neck, and the elongated voids are no longer
evident. Instead fhcrc is a high concentration of smaller voids,
nxeraging about 10 m to 25 u in size. Figure 35 shows ghe root of
the cross-shaped crack. The crack follows a path which includes these
voids but it does not appear to be intergranular.

All these tensile results are for bulk specimens, that is,
specimens with a circnl;r cross-section. In addition, rolled sheet
specimens were pulled in tension to failure. When the sheet was in

the order of 0.025 in. thick, fracture occurred in a plane at about 50°
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to the stress axis as seen on the broad side of the specimen. This
type of fracture was accompanied by necking such that the thickness,
but not the width of the sheet was reduced. The fracture appesred
to be a shear fallure with the shear occurring in the direction in
which no necking hed occurred.

mmﬁtmwm%mmunw
{100) fibre texture (Figure36). Tis texture was so well developed
that the angular spreads of the arcs on the x-ray fils were less thsn
5°, corresponding to a spread in graim oriestatien of about 2° about
the00) direction.
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Figure 8. As received TD Nickel.

Electron Micrograph from a thin film cut
perpendicular to the specimen axis.
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Figure 9. TD Nickel after 1,350,000 cycles at #47,000 psi.
Electron Micrograph from a thin film cut parallel
to a fatigue crack (at 45 to the specimen axis,)




Elcctronvﬂiorosraph frou"n thin film cut

parallel to the specimen axis.
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Elactron Hicrograph fréw a thin foi.l cut
through the tensile neck.
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Figure 22. Fatigue cracks on specimen surface. 120 x
Specimen axis horizontal.

Figure 23. tical micrograph of fatigue fracture surface.
5 x
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Figure 26. Optical micrograph of fatigue fracture surface. 460 x

F e 27. Polished and etched section of as received TD Nickel.
Specimen axis from lower left to upper right on micrograph.
700 x



Figure 28. Section through fatigue crack. 148 x

Specimen axis vertical.

Figure 29. Section through fatigue crack. 880 x

Specimen axis vertical.



Figure 30. Section through fatigus crack. 350 x
Specimen. axis vertical.

Figure 31. Section through fatigue crack. 460 x
Specimen axis vertical.
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Figure 32. Tensile fracture surface. 16 x

Figure 33. Tensile fracture surface. 22 x



Figure 34%. Section parallel to specimen axis on tensile
ien W t e neck o .
Specimen axis horizontal. 45 x

Figure 35. Section through root of axial crack. 460 x

Specimen axis horizontal.
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Figure 36.

X-ray diffraction pattern showing fibre texture.
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CHAPTER 6

DISCUSSION

This section is subdivided as follows. Firat the results
of investigations into the structure of the as received material are
susmarized. Then the effects of this structure on the temsile and
fatigue behaviors respectively are considered, showing how the tensile
studies have & beuring on the interpretation of the faligue results.

The importsat features of the structure before testing are
the following. The graine are about 1 u im width and are clongated
by a large factor in the direction of extrusion. Within each grain
are 2 nusber of sub-grains which are alsc elongated. Thoria particles
are dispersed throughout the structure and are stringered in the
extrusion direction. Clusters of thoria particles are slso present,
these being spaced inm the order of 0.5 u apert (om a planar section).
The cluaters are also struamg out is the extrusion direction. IEloungated
intergranular voide occur with an average plansr spacing of about
100/a. The material aleo has a very well developed <100/ fibre texture.

TD Nickel is guite ductile, necking to about 80¥ reduction inm

65
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area before failure. Tensile specimens with circular cross-sections
develop cross-shaped axial fissures in their fracture surfaces. These
unusual fissures cun be explained by cossidering the triaxial state
of stress in the necked region. In a plane perpeadicular to the .
specisen axis, radisl temeile stresses act as showm in Figure 37(a).
These stresses, which are highest at the centre of the specimen, cause
the formation of the cross-shaped cracks.

The sumerous voids which exist in the necked region (Figure 35)
provide a path for the propagation of these cracks. The conceatration
and shape of the veids can be explained by the distertiom of the graia
structure in the temsile meck. This distortion causes the axes of
the grains to lie on comes pointing iato the neck instead of lying
parallel to each other. The elongated voids change their orientation
in the sase sanper. OUn a planar section through these comically
oriented voids, they appear shortened since they do mot lie in the
plane of the section unless the section bisects the cone (i.e., contains
the specimen axisj. Thus the voids appear to be slongated by a factor
of only 2-3 in Figure 35. In addition, the conceantratioa of voids in
a plansr section is increased by this distortion since the section
cuts through many more grains than does an equivalemt sectiom through
non-distorted material. 7Taking this factor inte consideration, the
mtnﬁnﬁwi&k?iwc)ﬁmmwmthumﬁm
T Nickel.
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This figure also shows that the path of the axial crack is
determined by these elongated voids. In mormel high purity saterials
where e¢longated voide are nol preseant, this type of erackiang cannot
occur since even though the radial tensile stresses exist in the
 mecked region, there is no such potential path along which am axial
crack cam propagate.

The specimen which necked unevenly did sc because of a
bending componeat in the applied stress. The distributiom of radial
strecses caused by the uneven necking is shown in Figure 37(b);
however, this is modified by the bemding. Simce the bending effectively
causes the necked area to move in the -x direction (Figure 37(b) it
reduces the radial temsile stress in the +x direction. The resultant
stress distribution is shown in Figure 37(c). This leads to the type
of axial cracking showa in Figure 33.

Since the radial stresses im the meck fall to zero at the
specimen surface, it is not surprising that the arms of the cross did
not extend to this gurface. The lack of crackimg observed im the
specimen which was sectioned after mecking to 104 reductieom in area
indicates that comsiderable necking is required for the forsatiom of
mmwm.'

Transmission electrom microscopy of temsile specimens provided
no evidence for the occurrence of particle-matrix detachment. It
appears then that tensile stresses alone, or triaxial tensile stresses
such as exist in the tensile neck are not capable of detsching particles
from the matrix or causing cracke im the clusters of purticles.



(a)

Figure 37.
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(b)

Radial stress distribution in tensile

neck.

Broken line represents initial cross-
section.

Solid line represents cross-section
at fracture.
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The temsile test om 0.025 ia. thick sheet shows that shear
failure can occur in this material uader the correet conditions,
nasely a lack of necking (i.e. hydrestatic temsion). This is plausible
since the presence of the radial tesmsile stress at right angles to the
mudtndhstrmmumm.umm“thm
plane of the two tensile stresses. This is shown on Figure 38. Shear
stresses is the x3 plane are much higher than those ia the yz plane
thus the materisl fractures as indicated. The fact that the msterial
fractures in this manner indicates that it is sore susceptible to
shear failure than to mormal stress failure simce it would otherwise
have failed by ductile rupture (cup and cone or double cup). However,
despite the fact that TD Hickel is istrinsically weakest in shear, the
presence of hydrostatiec (triaxial tensile) stresses in the tensile
neck prevent shear {racture from occurring whenever a specisen necks.

The presence of preferred orientation in this material reduces
the tendency for shear failure (inm the bulk specimens) since all four
111 plases 1ie at about 55° to the 100 direction (specimes axis),
so that no single shear plane is formed. The sheet specimens were
pulled in the Hounsfield tensometer, where axial constraiants are less
rigid. In this case some rotation can ocour as the crack propagates,
80 as to confine the crack to the ' 1l1 plsnes on which it is growing.
Thus once & shear crack is formed the imhereat imstsbility of the - 100’
orientation contributes to shear crack propagation.



Figure 38, Tensile shear fracture of TD Nickel sheet.




The mechanism of fatigue failure in TD Nickel.

The initiation of fatigue fracture in TD Nickel occurs in a
normal manner. The material fatigue softens, slip bands form in the
direction of maximum shear stress, and cracks are initiated in these
slip bands. There is no evidence that the thoria particles contribute
directly to the initiation of fatigue cracks since if, particle-matrix
detachment in the interior of the specimen was the cause of initiation,
both the fatigue ratio and the appearance of the fatigue fracture
surface would have been affected.

The onset of crack propagation, as indicated by a decrease in
the peak tensile stress, occurred some 650 cycles before failure in
specimens with fatigue lives of 8000 cycles. Thus approximately 8% of
the life is spent in propagation, in good agreement with Laird and
Smith (207) who found that for nickel and aluminum with fatigue lives
of 1&4 cycles, 10% of life was spent in propagation.

The optical examination of fatigued specimens revealed striations
on the fracture surfaces similar to those which form in normal stage II
crack propagation. The number and spacing of these striations showed
good agreement with the rate of crack propagation provided that each
striation corresponds to one striss cycle. However, in TD Nickel the
fracture surface lies at 45° to the stress axis rather than at 99°.
indicating that the crack is not a conventional stage II type. Sections
through fatigue cracks reveal sub-cracks with the same spacing as the
striations, as well as grain distortion in the vicinity of the crack.
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The fracture surface as revesled by electros fractographs
corresponds to the reglons betwesn stristioms. The striations are so
coarse that they wsually fracture the carbon replica, although the
"eliffs" shown in Figure 15 are likely due to these striations. The
resainder of the features seen on electrom fractographs, nasmely the
irregalar ridges (crevices in the specimen), craters (bumps on the
specimen) and the linear texturse are caused by crack growth within each
cycle. In mormal stage II fatigue crack propagation the regions be-
tween striatioss are featureless except for occasional sub-striations
which are belleved to be due to slip dwring the compressive hall cycle
(181). These disparities between the observed behavior and norsal
stage II behavior indicate that the latter is not the mode of fatigue
failure in T0 Hickel.

The fact that TD Hickel cam fail in tension by shear (in the
absence of necking) suggests that fatigue erack propagation may alse
be a shear process. Fatigue fracture by shear explains why the cracks
propagate at 45° to the specimen sxis and also explaims the other
observed features. Shear decohesion failure occurs in cold worked pure
nickel fatigued at high stress (176,179,207). However in the pure
nickel under these comditions no striations are cbserved on the fracture
surfsce. It therefore appears that TD Nickel frsctures by a mechsnism
intersediate betweea shear decohesion and conventional stage II
fatigue crack growth. The proposed mechaniss is as follows.

The crack initiates im a slip band (presusably at an intrusion).
As it grows it has a tendency to turan norsal to the stress axis so as

uﬁmnumlxutimm. However, if it does this, it sust
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then penmstrate through clusters of thoria particles. These clusters
are aot easily crucked by the hydrostatic temecile stress at the craek
tip (as indicated by the lack of observed detachment in thim filas
from the necks of tensile specimens) but are more readily deformed by
shear (as indicated by the tensile shear fracture of sheet). Thus if
the erack turns to the normsl stage II orientation it encounters more
resistance from the thoria clusters than it does im growing by shear.
This factor stabilizes propagation in the shear mode. The shear ahead
of the growing fatigue corack thus penetrates the clusters and distorts
the grain structure as shown in Figure 30. mmotm'{m&'
fibre texture emhances the esse of slip across grain bounderies. Ia
addition, the inhereat instability of this orientation also contributes
to the ease of shear crack growth since a reorientation is necessary
(once = creck is formed) to satisfy the demand of the fatigue machine
for axiality as described in the diccussion of temsile fracture.

The craters observed on the fracture surfaces are evidence for
the contribution of thoria particle .clusters to the fracture process.
Thus spacing between craters is approximately the same as that between
clusters and their sizes are also similar. The effesct of penetration
of a Ghesr) crack through a cluster is shown in Figure 39. It can be
seen that this process leaves protrusions on the fracture surface.
These, in turn, lead to craters in the f{ractograph since two-step
replication creates an inversiom of features.
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Figure 39, Penetration of a shear crack through a thoria
particle cluster.




The irregularity which occurs during the compressive half
cycle (Figure 7) provides further evidence that propagation is not a
simple shear decohesion since if this were the case, this plastic flow
would also be expected in the tensile half cycle. The irregularity
can be explained by the following argument. As the crack grows by
shear during the tensile half cycle, it is blunted by dislocation
motion on planes at right angles to the plane of the crack. When the
specimen is unloaded and re-loaded in compression, the stress reaches
a value at which the crack is folded and resharpened. In these respects
the process is similar to the Laird and Smith model for stage II
propagation. However, in the case of TD Nickel this sharpening must
involve shear so that the crack can grow through the thoria clusters.
The extra increment of compressive strain is taken up by a shear
displacement of the two faces of the crack so that a step appears on
the specimen surface as shown in Figure 28.

As the crack grows, the uncracked area diminishes so that the
sharpening strain occurs at lower values of compressive load (but the
same compressive stress) so that the irregularity moves closer to zero
load with each cycle. In addition, since the crack growth rate increases
with cycling, the length of crack to‘ho sharpened is also increased so .
that the amount of plastic atraig due to the sharpening increases.

When the specimen is unloaded from compression and reloaded
in tension, the crack grows to some extent by shear decohesion but it
then becomes blunted by dislocation motion as described above. In
addtion to this blunting action, slip on planes at 90° to the plane of
the crack canm cause the formation of sub-cracks. These shear type sub-

cracks can be seen in Figure 28. It must be noted that sub-cracks can
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be deformed by the subsequent folding of the crack front so that the
observed orientations of the sub-cracks may not indicate the manner of
their formation. Plastic deformation can also occur at the tip of the
sub-cracks so that they grow as shown in Figure 29.

Sub-cracks can also be caused by the intergranular voids.
Shear in the direction of crack growth can cause axial sub-cracks to
develop (parallel to the elongated grain boundaries) whenever voids are
encountered during the temsile half cycle. This effect can be seen on
the upper face of the crack im Figure 29 and also in Figure 31.

In some cases a (shear type) sub-crack can become the most
favourable path for continuation of crack propagation, so that the
erack may turn -bys 90° as shown in Figure 30. This is particularly
likely if the crack is growing away from the sminimum cross-section of
the specimen where the strnm are highest.

The sub-cracks, then, denote the successive positions of the
crack front since they are formed during the tensile half cycle
(blunting). They correspond to the striations seen on the fracture
surface as in norwal stage Il propagation.

The fracture surfaces as revealed by electron fractographs
correspond to the crack path between the striations. The curved ridges
on the fractographs (crevices in the fracture surface) may be explained
as follows. As the crack grows, it cuts through both high and low

angle grain boundaries. Wwhen it cuts a high angle boundary its path
will deviate slightly since the dislocation motion responsible for crack

growth will then be taking place on planes with a slightly different
orientation. If this orientation difference is large, the crack fiont

is held up momentarily at the boundary. The hmmdary then tears (by
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shear) snd the crack grows inte the new grain. This effect is
expected to ocour only at high angle boundsries with particularly
unfavourable orientations, thus aot all boundaries are revealed on the
electron fractographs.

in which the boundaries are sheared, and can therefore be determined
by the tearing of the ridges on the micrograph. Figure 18 shows the
result of this grain boundary tearing in a region ian which many ofy
the boundaries ishibit crack growth. In other regions msny of the
boundaries allow the crack to grow readily so that there is less
boundary tearing. This may be related to the rate of crack growth
since a slow-growing crack would be more easily delayed than would a
rapldly growing erack.

The linear texture is due to slip accosmodation at the face
of the crack. Since the fracture plame is approxisately a j111{ plane,
the (sheer) crack grows im the <110) direction. snpznnintu
ernkmtmmnth&motj‘ul‘sﬂuuum”om
(10> directions. In the slectron fractographs which show the linear
texture, this texture is always at either 60° or parallel to the
direction of crack propagstion (as indicated by the direction of graia
qum)mmmum:mw-nmmu
alip.

m-atmumnﬁmaaommmwumm:ai
temporary excursion into stage 1I cracking, likely near the origiam
of fracture. This could be caused by a region with an orientation
particularly uafavoursble for shear fracture.
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The occasional surface aress which showed well defined parallel
markings on electron fractographs (Figure 19) can be sssociated with
the swooth regioms on the optical fractograghs (Figure 26) close to
the final tensile frecture which followed fatigue. This fimal tensile
togehter as the specimen failed (the fatigued parts of the surfaces
did mot). This rubbing temds to smooth protruding areas of the surface,
and score them by mesns of thoria clusters projecting from the sliding
faces. This gives rise to the parallel scratch marks.



CHAPTER 7

CURCLUSIONS

1. No particle-matrix detschment occurs during either temsile or
fully reversed axial fatigue stressing of TD Bickel.

2. Tensile fracture in bulk specimens is sccompanied by cross-
shaped axial cracks. These cracks fors mlong paths provided by
elongated voids, so a5 to relax the radial tensile stresses caused by
necking. Tensile fracture in sheet specimens indicates that wherever
possible this material fails by shesr; however, nocking inhibits shear
fracture. The relative ease of failure in shear is attributed to the
ocour more readily in shesr than in teasion.

3. hmmmmtmmmnmwm.um
plane (shear) cracking. The propagation of fatigue cracks is controlled
by the thoria particle clusters. Simce cracks prefer to penetrate
these clusters by shearing tharough thes, fatigue crack growth is a shear
controlled process which oceurs at an angle of 45° to the stress
{specimen) axis. Sub-cracks formed by stress reversal result in
striations on the fatigue fracture surface. Thus fatigue crack growth
in TD Rickel is & proceass intermediate between conventional stage II

fatigue crsck propagation and fatigue by shear decohssion.
79



1. In future work of this type it would be helpful to devise a
method for determining the crack growth direction ou electrom
fractographs.

2. A 7D Wickel foll could be sirained im an electron microscope
tensile stage to observe the distortions and cracks forming in thoria
clusters in the tensile neck.

3 A microbesm X-ray study of the fatigue fracture surfsce of
TD NHickel would revesl whether subgrains were formed in the plastie
gone at the erack tip. This has been observed by other workers is
conveational materials. It would be interesting to see if the pre-
existing substructure has an effect on this process.

&, X-ray line broadening experiments would reveal the extent to
which relaxation of elastic strains costributes to the futigue
softening of TD Nickel. The fact that fatigme softeming occurred
with an imerease in dislocation density is also significent and
further work on thin fils transmission eleciron microscopy of fatigue
softening materisls would help elucidate the mechanism of fetigue
softening.



&

5. The role of grain boundaries im the fatigue and tensile fracture
of TD Nickel could be studied by obtaining specimens which had been
extruded and swaged to differeat diameters. Since these deformation
operations determine the width and elongation of the graims, the
ut:mumotmmmunipmmm
importance of the grain structure. Additional information could be
obtained by rolling and reerystallizing TD Nickel, so as to drastically
change the grain sisze. ZIince the elongated voids should be eliminated
by the rolling operation, it would thesm be possible to assess the
extent of crackinmg im thoria clusters.



APPERDIX A

Spark cutting is accomplished by the repeated discharge of a
capascitor across a dielectrie-filled gap between a tool and a work-
piece. Lach discharge causes a pulse of slectrons to be accelerated
across the gap where they bombard the surface of the workpiece. The
result of this bombardment is localized melting of the workpiece
(with ejection of resolidified metal particles inte the dielectrie)
so that the tool gradually cuts through the specimen. However, in
addition to this slectrom flux, there is a flux of positively
charged ions (from dielectric breakdown) which bombard the tool.
This couses the tool to be ergded until eveatually it becomes useless.
The standard tool used for cutting thin dises frow & rod is a
tungstem wire, typically 0.010 in. diameter. ¥ith use, the wire
becomes thinner and fisally breaks. Wwhem it is replaced, the new
wire must be mounted so that it fits into the slot cut by the
previcus wire. Accurate alignment of the mew wire is both necessary
and difficult. Since as many as ten wires may be brokem in cutting
through & 0.375 in. dismeter (nickel) rod, this alignment presents a
major difficulty.

To elisinate this problem, a Servomet spark cutter was
adapted to use a continucusly moving wire as the cutting tool. This
adaption was patierned after one designed by dr. 4. 5, Basinski of
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the National Research Council, Ottawa. Om a framework atop the spark
cutter were mounted two 4 in. diameter reels and a drive system. OUne
reel, the take-up reel was continucusly rotated by means of a
“gpeedometer cable" drive (a Servomet accessory) acting through a
pulley-belt system and a reduction gear, all of which were mounted on
the framework. The othermel, the feed reel, rotated freely and held
the unused wire. To guide the wire as it moved scross the speciaen,
a copper fork was attached to the Servomet tool holder (see Figure Al).
The wire was held in positiom by circumferentislly grooved Teflom discs
attached to each arm of the fork. Electrical contact was provided by
a steel c¢ylinder which was also mounted om the fork. Tension on the
wire was maintained by friction inm the bearings of the feed reel.

The variables which can be controlled whem using this adaption
inclade the wire tension, the speed of wire travel, the type and size
of the wire, the spark gap (capacitance) range, the fine gap (voltage)
control and the type of dielectric. These will be discussed in turn.

(1) The saximum wire tension is determined by the strength of the
wire. At the other extreme, a certain amount of tension must be
maintained to prevent the wire being forced too far away from the
specimen by the energy of the spark. The tension could be varied by
uisaligning the feed reel bearimgs. The cutting rate was found to be
relatively inseasitve to tension.
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Servomet
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Copper Molybdenum
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Figure Al. Spark cutting adaption.
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(ii) The wire speed could be changed by using different sized
pulleys in the belt drive aystem between the “speedometer cable” snd

the reduction gear. The slowest wire speed possible with this
arrangemeat, 6 im. per minute, was found to be acceptable.

{1i1) Two sizes of wolybdenum wire, 0.00L5 in. and 0.003 in. diameter
were obtained from Sylvasis Froducts, Towanda, Pa. Both sizes of wire
wvere completely satisfactory.

(iv)  The setting of the spark gap (capacitance) control determines
the energy released by each spark. It is calibrated on a scale from
1 to 7, corresponding to high and low energy sparks respectively. It
was found that when using the moviang wire adaption the spark cutter
could be operated on ranges 5,6 and 7 although renge 5 could not be
used with the fine wire. All spark cutting for this project was done
on range 6.

(v) The fime spark control varies the width of the spark gap. This
setting seriously affects the cutting rate. Unfortunately it was not

possible to develop a technigue for optimizing this adjustment.

(vi) Two types of dielectric fluid were used, automotive motor oil
and kerosene. The latter was found to be superior when the moving wire
adaption was used. The dielectric tends to become contaminated with
carbon from the “eracking” of the dielectric hydrocarbon molecules in
the sperk gap. Filtration and circulation of the keroseme was attempted,
however, it was found to be simpler to replace the kerosene when it
became contaminated (every 100 operating hours).



Several additional problems arose during the operation of this
apparatus. It was found that the wire must be kept free from kinks
while it is being threaded through the fork, otherwise it bresks at a
kink when the machine is started. loose wire ends sust be securely
taped to the take-up spool to prevent them from arcing against the
framevork.

The heavier wire could be rewound onto the feed reel and re-
used, however, the fine wire was discarded after use.

This apparatus, although umsophisticated, was used extensively
with excellent results. ¥ith proper adjustment of the fige gap coatrel
it was possible to cut through a 0.375 in. dismeter T Nickel rod in
less tham 10 hours.
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