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SCOPE AND CONTENTS: 

The macroscopic mechanical behaviour of alloys is intimately 

related to their structure at the atomic level. The influence of small 

(<O.lµ) ordered coherent particles {y') on the mechanical properti es of 

Ni-Al alloys has been studied. The maximum strength of polycrystals 

occurs at 0.45 volume fraction y' and grain boundary embrittlement 

occurs at h·igher volume fract ions. It was shown that long range order 

in the particles affects strength by increasing the anti-phase boundary 

energy. In monocrystals the deformation behaviour is strongly influenced 

by the amount of particles present. 

By growing very large particles of y' (-1 .Oµ) dislocation-particle 

interactions hav.e been studied. Stacking faults have been observed in the 

particl es whose bounding dislocation Burgers vectors were determined. 

By suitable heat treatment still larger y' particles (-1011 ) were formed 

which had incoherent interfaces. The di slocation networks at the 

interfaces were analysed. 
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DEFINITIONS 

Several terms (and their abbreviations) which are used 

extensively in this thesis, are defined below. 

Anti phase Boundary( APB): 	 A planar stacking mistake in an ordered 

crystal, which locally brings a high 

proportion of like atoms into nearest

neighbour positions. 

Critical Resolved Shear Stress (C.R.S.S.), {T): 

T =~ cose cos¢, where P is the load 

at yield, A the cross-sectional area of 

the specimen, e is the angle between 

the specimen axis and the nonnal to the 

slip plane,¢ is the anqle between the 

specimen axis and the slip direction. 

Schmid Factor: 	 Cose Coscp 

Long Range Order (L.R.O.): This may occur in alloy crystals in systems 

with an energetic preference for unlike 

nearest-neighbour pairs. When this preference 

becomes dominant, the different kinds of atoms 

tend to associate with different sublattices 

over distances large compared with the unit 

cell dimensions. 

Long Range Order Parameter (S): p-x 
s = where pis the probability that 

1-x 

(vi) 



a given atomic species A is on the correct 

sub-lattice and x is the atomic fraction 

of A in the alloy. 

In this thesis, when the composition of the 

ordered crystals is unknown, the calculation 

of S will be based on ideal stoichiometric 

proportions. 

Single Crystal or Monocrystal: 
In alloys, a single crystal may be defined 

as one in which each atom or group of atoms 

in the structural motif has the same average 

orientation and composition. The single 

crystals referred to in this thesis were 

single as grown. After heat treatment, they 

contained dispersed precipitated particles; 

the continuous matrix phase was a single 

crystal as defined above. 

(vii) 
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CHAPTER I 

INTRODUCTION 

The tenn superalloys describes a category of alloys which have 

been developed for service at high temperatures and high stresses. 

Typical applications are, for instance, in the turbine blades of jet engines. 

These conditions require that such alloys have high strength, corrosion 

. resistance and adequate ductility at the operating temperatures. Their 

compositions reflect these requirements in that different elements 

enhance different properties,thus leading to the complex compositions 

found in commercial materials. For example, chromium must be present 

to ensure .corrosion resistance, carbon to impart grain boundary strength 

~hrough the presence of carbides and aluminium for strengthening by the 

precipitation of a second phase. 

The structure of nickel-based superalloys cons.ists basically of 

small, coherent second phase particles distributed in a solid solution 

of the principal element. The relation between mechanical properties of 

these alloys and the second phase precipitate is a subject of current 

interest but most of the present work appears to be confined to commercial 

superalloys whose composition and ageing treatments are fixed. A detailed 

understanding of this relationship would seem to include a variation in the 

amount and size of second phase, an examination of the resultant bulk 

behaviour and correlation with the microstructure. This thesis is concerned 

primarily with this correlation. 

In order to eliminate side effects ~ue to the various additions 

1 
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found in superalloys it was decided to 
. •. 

use the binary alloy Ni-Al. 

This alloy is the prototype of the nickel-based superalloys in that the 

precipitation reaction is identical i.e. small, coherent particles of 

the y' phase are precipitated on ageing. Coherency occurs when the 

lattice 'sites at the ' interface are common to both matrix and 

particle. 

The influence of the amount of second phase was studied by 

varying the aluminum composition of polycrystalline alloys tested in both 

tension and compression, and observing the effects on yield strength 

a~d fracture properties. By measuring the size of the second-phase 

particles by electron microscopy an overall picture of the mechanical 

properties in terms of yield strength, work hardening, ductility and 

fracture characteristics as related to composition in terms of volume 

fraction, size and distribution of precipitate has been built up. 

A detailed knowledge of the macroscopic deformation behaviour 

in relation to the microstructure was obtained by testing single crystals 

of different compositions in compression. Crystals with low volume fractions 

of second phase exhibited slip over the whole crystal whereas those with 

intermediate amounts showed kink bands and stress-strain curves with 

load drops. High volume fractions caused slip to be ·localised into a 

narrow band which broadened with deformation ex hi biting a Luder' s band 

type of behaviour. No kink bands were present but the stress-strain curve 

exhibited serrated flow. By considering a variety of experimental evidence 

including study of the surface slip lines, examination of back-reflection 

Laue X-ray diffraction pictures for asterism and thin film electron microscopy 
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the above behaviour was accounted for in tenns of the microstructure. 

Examination of the dislocation-particle interaction in these 

alloys is difficult because the particles are small <1000~. Accordingly 

large particles -1µ were obtained by suitable heat treatment which 

enabled this interaction to be seen in the electron microscope. For 

defonnation by single slip it was shown that the particles could be 

sheared by groups of dislocations which travelled in pairs. It was 

also shown that particles could act as barriers to dislocations resulting 

in pile-ups which accounted for the high rate of work hardening found 

in these alloys. The coherent interface became incoherent after cold 

ro11 i ng showing di sl ocat ion networks at the interface. Furthennore, 

stacking faults were observed in the particles which were analysed to be 

of the intrinsic type bounded by partials of the type~ <112>. This is 

an important result because it confinns current theories which call for 

stacking faults without anti-phase boundaries characterised by the above 

partial dislocations. 

For high volume fractions of second phase it was shown that the 

equilibrium precipitate has a~ incoherent interface containing a hexagonal 

network of dislocations. These dislocations were analysed to be of the 

type~ <110> and were shown to account for the mismatch between particle 

and matrix. By considering the elastic energy in both particle and matrix 

due to the interface a theoretical calculation showed that the difference 

between coherent and incoherent solubilities was small. A consequence of 

this treatment also showed that the composition of the second phase also 

changed slightly. This is an important result in view of the current 
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.interest in the thermodynamics of coherent and incoherent second-phase 

particles. 



CHAPTER I I 

REVIEW OF THE LITERATURE 

2.1 The Precipitation of Ni 3Al from Solid Solution 

.The ~i-Al phase diagram, Fig. 1, shows that by ageing a supersatur

ated solid solution of nickel containing between 12 and 20 a/o Al a second 

phase can be precipitated. This precipitate, tenned y', has a composition 

close to Ni 3Al and is a superlattice of the Ll 2 type (Fig. 2), i.e. a f.c.c. 

·structure with aluminum atoms at the corners and nickel atoms at the 

centres of the faces. The lattice parameter of y' is slightly greater, 

about 0.57%(6), than the matrix y. This misfit introduces coherency 

strains at the precipitate-matrix interface which may contribute to the 

strength of the alloy(l). 

The first reported investigation of the morphology of y' 

precipitates in Ni-Al alloys was by Westbrook( 2). He investigated the 

precipitates in several ternary alloys of the type Ni-Al-X. He obtained 

precipitation by rapid cooling in a water cooled cooling chamber from 

the .solution temperature to obtain particles*. However the cooling rate 

must have been relatively slow to produce such large particles(about 

2.5µ in size} The composition he was most concerned with was Ni-7.5 a/o 

Ti-7.5 a/o Al which would give a fairly high volume fraction of y'. 

In a plane section the particles were in groups of four _and 

Westbrook attempted to s~ow tha~ in fact, the particles were in groups 

of eight arranged on the corners of a cube. He described the clusters as 

* This tenn will be used to describe the y' precipitate. 

5 
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ogdoadically diced cubes. By using a wooden model compos~d of eight 

cubes of pine interleaved with mahog any he was able to account for the 

different structures seen in the micrographs by taking appropriate 

sections through the model. The presence of a thin layer of matrix between 

the cub~s making up the clusters was explained by postulating that 

diffusion is difficult down these interfacial channels and by the 

presence of a slight disregistry between adjacent cubes. Since all cubes 

are coherent with the matrix the only kind of disregistry that is 

possible would be due to adjacent cubes being on different sub-lattices 

of the Ll 2 structure. 

The origin of these clusters was discussed in terms of either 

subdivision of the master cube or concertive formation of eight individual 

cubes. Since he did not observe any. 'unsplit' cubes, Westbrook favoured 

the individual formation of cubes. He then discussed the question as to 

whether the eight cubes formed on one common centre or on eight separate 

nuclei but concluded that the evidence was insufficient to give a 

conclusion. Westbrook argued that for those instances in which the 

ogdoadically diced cubes are obtained, a critical value of the ratio 

growth rate to nucleation rate is required . . Below this critical value 

only single cubes are seen, this condition would seem to cover most of the 

ageing experiments on Ni-Al alloys in the literature. Above this critical 

value another set of cubes begin to grow from the corners of the existing 

cubes, a process which repeats itself to give a line of cubes in the <111> 

directions. 

Some of the cubes Westbrook observed showed concave faces and 
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extended corners which he explained following PapapetroJ3iHe ·argues thatinthe 

early stages of growth the cube corners acquire pointed extensions due 

to the increased activity at such sites compared to the faces. In later 

stages of growth, however, the sides of such exten~ions disappear since 

they are comp o·s ed of high index faces the growth rate nonna1 to which 

is much greater than that for .those of low index. 

The electron micrographs shown by Westbrook are from replicas 

and thus no conclusions can be drawn as to the state of the interface 

between particle and matrix . i.e. whether it is coherent or incoherent. 

~o more data on this type of precipitate morphology appears in the 

literature until the results considered later in this thesis. 

All other published work on the Ni-Al system has concerned heat treat~ 

mentswhich consist of a water quench. from solid solution followed by ageing 
. 0 0
in the temperature range 550 C to 850 C. This treatment always produces 

small discrete particles of y' which show deviations from a random 

distribution only after l~ng ageing times when the particles begin to 

align along <100~ directions. 

Williams(4) appears to have been the first to conduct a systematic 

study of the strengthening response of Ni-Al alloys with composition and 

ageing treatments. He used compositions between 7.9 a/o and 15.5 a/o Al 

and foll owed the hardness after ageing for different times at different 

temperatures. His conclusions regarding the precipitatim process .are based 

on X-ray diffraction data. The latter indicates that Ni 3Al precipitates 

in the fonn of coherent pl ates on the {l 00} planes, the coherency resulting 

in two tetragonal structures with common axes where the matrix has a c/a ratio 
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<l and the Ni Al a c/a ratio >l. His conclusion that y' precipitates3
as plates on {100} planes is at variance with recent thin film work{ 5,5) 

which shows that y' initially precipitates as spheres which quickly 

become cubes at about 50~ in diameter. However, these~udies also showed 

that on coarsening the cubes appear to become platelets but it is not clear 

if Williams results come from overaged specimens or not. His contention 

that the matrix develops a tetragonal structure at the interface with a 

c/a ratio <l is supported by a recent calculation by Ardell(?) who 

estimated this ratio to be 0.99. Ardell 's work was supported by Oblak 
8and KearC J1ho studied the fringe contrast at the y '/y interface and showed 

that Ardell 's model interpreted this effect correctly. 

Williams postulated that precipitation occurs by a two stage 

process. The first was believed to be a change of atomic configuration, 

presumably increasing short-range order, while the second is the actual 

precipitation of Ni 3Al. ManenJ9-ll) also envisaged several steps. He 

described the first stage by the term "pre-precipitation" followed by 

precipitation of a coherent intermediate phase on {100} planes which was 

slightly tetragonal due to coherency strains and finally a visible stable 

precipitate possessing the equilibrium f .c.c. structure. Manaic discussed 

two interpretations of this so-called pre-precipitation effect. Firstly, 

following Guinier(l 2), a random nucleation of plate-1 ike zones on {100} 

planes each a few atoms thick and adjoined by impoverished matrix zones 

which exactly balanced the parameter variation in the central zone so that 

the average parameter matched the supersaturated matrix. Secondly, 

following Daniel and Lipson(lJ), a general perturbation of lattice 
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regularity accompanied by a change of structure factor and a ·regular 

periodic atomic displacement in <100> directions. 

· Bagaryatskii and Tyapkin(l 4,l 5) also made extensive studies of 

y' precipitation by X-ray diffraction. However, they concluded that 

only a ·single intermediate stage exists and that the initial precipitation 

structure consists of isolated Guinier zones, while more zones nucleate 

on further ageing giving overlap and a structure resembling the Daniel 

and Lipson model. 

Despite these extensive investigations it was not known whether 

there was any relationship between the modulated structures, i.e. alignment 

of y' particles,seen after long ageing times, and the structure~ detected 

by X-ray diffraction which developed during the initial stages of 

precipitation. Both Ardell and Nicholson( 5) and Phillips( 6) did transmission 

electron microscopy work on aged Ni-Al alloys and concluded that there 

was no connection. Because of the lack of streaking on electron diffraction 

patterns, Phillips also concluded that the particles did not nucleate as 

platelets and only a single stage precipitation process occurred. Ardell 

and Nicholson also conclude that precipitation occurs by growth of nuclei, 

at least at the ageing temperatures and composition (13.5 a/o Al cf 

Phillips 12.7 a/o Al) they investigated. Both investigations pointed to 

the absence of spinodal decomposition as playing any part in the alignment 

process. Ardell and Nicholson paid particular attention to this point 

by cooling from the solution treatment temperature to the ageing temperature 

thus keeping above the spinode. This treatment still produced alignment 

thus supporting their conclusion. The best explanation of the side-bands 
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observed in the X-ray work seems to be the Guinier model of z.ones with 
' 

the initial small particles of y' being the zones. The size of the 

coherent particle controls the spacing of the side bands and thus their 

contraction as the particles grow during ageing can be understood . 

. It is worth noting that precipitation in these alloys is difficult 

to suppress by quenching. Phillips found no evidence of superlattice 

reflections in his as quenched alloys (12.7 a/o Al) whereas Ardell and 

Nicholson found weak reflections in their as quenched alloys (13.5 a/o Al). 

Manenc< 9-ll) and Bagaryatskii and Tyapkin(l 4,lS) used Al compositions 

which would give volume fractions of y' considerably larger than the 

above investigators and it is most unlikely that they could have suppressed 

the precipitation process by quenching. Ardell and Nicholson comment on 

the latte~'s observation of "side-bands" and point out that these are 

characteristic of modulated structures which can fonn very early in the 

ageing process of high volume fraction y' alloys. 

Ardell and Nicholson(S) discuss in some detail the alignment of 

y' particles as platelets along <100> after long ageing times. In an appendix, 

Eshelby discusses the elastic interaction between inclusions of this type. 

He was able to show that for particles with a smaller shear modulus than 

the matrix there was a positive interaction between particles proportional 

to 1;R6 where R is the distance between two particles. On the basis of 

this calculation Ardell and Nicholson postulate that alignment is caused 

by the elastic interaction between particles. Thus for particles favourably 

aligned along a <100> direction compared with an unfavourably positioned 

particle a gradient in chemical potential is established such that the former 
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particles grow at the expense of the latter . They further suggest that 

plate-like precipitates will tend to be oriented so that the plane of the 

plate is perpendicular to a direction of minimum Young's modulus i.e. 

<100>, in this alloy . 

. This type of behaviour is a difficult problem and a satisfactory 

complete analysis is not yet available. For instance,what happens when 

the particle has a higher shear modulus than the matrix? The above 

analysis indicates a repulsion between particles so that alignment should 

not occur. However, there is some evidence in work by Weatherly(l 6) on the 

Cu-Fe system that alignment can still occur with 'hard' particles. However, 

the suggestion of alignment along <100> directions due to a minimum in 

Young's modulus is reasonable since less energy will be required in straining 

the lattice in this direction to take up the misfit at the interface. 

Ardell and Nicholson(S) also investigated the kinetics of the 

coarsening process of y' particles (often called Ostwald ripening). They 

measured the rate of coarsening at three temperatures as a function of time 

up to the onset oi alignment. They showed that particle size is a function 

of time governed by the relation a/2 = kt113 where a is the mean particle 

edge length, t is the ageing time at a given temperature and k i·s a 
(17)constant given by Wagner as 

2 
k = (8yD Co Vm )1/3 

9 RT 

where y is the particle-matrix interfacial energy, D is the coefficient of 

diffusion of the solute in the matrix, C the solubility of the solute in 
0 

equilibrium with a particle of infinite radius, Vm is the molar volume 
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of the precipitate and RT has its usual meaning. Their results showed 


that the behaviour is consistent with the theories of coarsening of 


Wagner(l?) and Lifshitz and Slyozov(lB). They also used their data to 


estimate the activation energy Q, for diffusion by plotting log k3 against 


l/T and obtained a value of 64.4 kcal/mole. This is close to Swalin and 


Martin's(l 9) figure of 64 kcal/mole for the activation energy of diffusion 


of Al in Ni. However, Ardell and Nicholson point out that they have 


ignored the temperature dependent tenn C/T but, in a later work< 21 ) include 


this dependence and obtain the same result. 


Ardell and Nicholson point out that the Lifshitz-Wagner theory is 

strictly speaking applicable to coarsening in fluid systems only al though 

Oriani( 20) has discussed how the theory can be modified to cover the case 

of solid systems. The conclusion was that the Ni-Al system acts like an 

ideal system in that the y' particles behave as though they were randomly 

distributed throughout the matrix. In a later paper< 21 ) Ardell and Nicholson 

discussed the coarsening behaviour further and pointed out that this system 

is the only one examined so far which agrees well with theory. Their 

conclusion is that the Lifshitz-Hagner equations are accurately obeyed 

in systems with small elastic strains in the matrix where the particles 

are spherical or regular polyhedra with crystallographically equivalent 

faces (as in Ni-Al). It further appears that the flux to particles is unaffected 

by the interparticle spacing at least until alignment occurs. Their 

experimental results show that the distribution of particle sizes is in 

. good agreement with the theoretical distribution formulated by Wagner. 

This evidence lends support to their statement that Ni-Al behaves like an 
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ideal system in regard to the Ostwald . ripening proces_s. 

One parameter of considerable importance and ignored so far 

concerns the rate at which the equilibrium volume fraction is obtained 

at a given ageing temperature. Ardell and Nicholson(S) are confident 

that this occurs very quickly and believe that nucleation had ceased 

before they made their observations. In their later work( 2l) Ardell 

and Nicholson calculated the foil thickness from an estimate of the volume
I . 

fraction obtained from the phase diagram. They considered the results 

consistent with the sort of foil thickness necessary to allow sufficient 

transparency to show up weak superl att ice reflections. They further 

pointed out that the supersaturated solid solution decomposes very 

rapidly even on quenching and that the good agreement between theory and 

experiment admits of no mode of particle growth other than coarsening. 
. . (22)

Recent work by Ardell does cast some doubt on the above 

conclusion. He estimated the concentration of Al in the matrix of a 

Ni-Al alloy as a functi-on of ageing time by measuring the ferromagnetic 

Curie temperature. His results showed that the Al concentration is 

linearly related to t-l/J which implies that Al is continuously being 

precipitated. This can result in either or both of two effects; an 

increase in volume fraction of y' or an increase in the concentration of 

Al in y'. For a constant volume fraction the composition of the y' would 

have to increase at a rate governed by the lever rule, a situation 

whfch seems doubtful. However, until measurements are done on the 

effect of ageing time on volume fraction this question will not be 

conclusively resolved. 
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In the work just cited, ArdelJ makes an estimate of the 

· concentr~tion of Al in the matrix in equilibrium with a particle of 

infinite size by extrapolating to t-l/3 = O. The values he obtains 

for two temperatures are some 10% greater than the re~ults of Williams( 4) 

and Taylor and Floyd( 23 >. He concludes that his results represent 

the solubility of coherent particles and by inference the other results 

represent the solubility of incoherent particles. It is true that 

incoherent solubilities are always less than coherent ones, as Cahn has 

shown( 24 > but this is hardly sufficient basis for assuming that Williams 

and Taylor and Floyd examined specimens which contained incoherent 

particles. Williams in particular aged his specimens in the same way 

as Ardell so it is difficult to see where the distinction comes from. 

However, in a more recent paper( 2S} Ardell has reversed his position 

and concludes that all thedata in the literature represents coherent 

solubilities. 

In this latest paper Rastogi and Ardel1( 2S} have attempted to 

calculate the magnitude of the incoherent solubility over the temperature 

range 600 - 7So0 c and find that it is about 2 a/o Al less than the coherent 

solubility. They use the equations developed by Oriani( 20} with 

suitable approximations and assuming that the composition of the y' 

particles remains constant. In his derivation of the equations, Oriani 

assumed isotropic elasticity and that the ratios of the activity 

coefficients in the coherent condition and in the incoherent condition 

can be set equal to unity. 
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2.2 The Particle-Matrix Interface 

I~ all ihvestigations so far in the Ni-Al system where y' is 

precipitated from solid solution coherency is maintained beb1een the 

particle and matrix. We foll ow the definition of coherency as given 

by Kelly and)licholson(l). 

"The interface between two crystals is fully coherent 

when the crystals are placed in contact such that the 

plane of atoms constituting the interface has an 

atomic arrangement disregarding chemical species of 

the atoms, which is common to both crystal structures." 

It is generally believed that the misfit at this type of interface 

will produce sufficient strain energy to cause the interface to become 

incoherent by allowing dislo~ations to fonn there. That this does not 

occur is because there is an6ther condition to be fulfilled, as Weatherly 

and Nicholson< 26 ) pQinted out, if dislocations are to be nucleated at the 

interface. This is that the theoretical shear stress must be exceeded. 

Weatherly< 27 ) calculated that a certain critical misfit, c 
1 i"t' is neededer . 

before this condition is satisfied. €T is the transformation strain given
3 .

1by ET= 1: e for a spherical particle in pure ch1atation. For spherical 
i=l ij T 

particles the value for Ecrit turned out to be >0.04. If this is assumed 

to be valid for y' cube particles then since ET for y' is ·0.017 punching 

of dislocations from the interface cannot occur. 

In their investigation into the loss of coherency at interfaces in 

several systems, Weatherly and Nicholson< 26 ) mention other ways in which 

breakdown of coherency can occur. These are firstly, the climb of 
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dislocations from a source in the matrix, the driving force for climb 

being the elastic interaction between the strain fields of the particle 

and dislocation. Secondly, the nucleation of dislocation loops inside the 

particle; one way this could occur is by the collapse of a vacancy cluster 

into a dislo~ation loop. 

None of these mechanisms has yet been found in Ni-Al alloys but 

Weatherly and Nicholson( 2?) have shown that incoherent particles occur in a 

similar system. This is in Nimonic BOA with a composition of Ni-20 w/o Cr

2.32 w/o Ti - 1.48 w/o Al which on ageing precipitates spherical y' 

particles with a misfit of 0.0028 (cf 0.0057 in Ni-Al alloys). In 

view of this smaller misfit it is at first sight a surprising result. 

However, there are two differences which may account for the result, 

firstly the Nimonic alloy has a larger volume fraction of y' and secondly 

the ageing temperature was 930°c which is somewhat higher that the ageing 

temperatures usually used for Ni - Al alloys. Diffusion is considerably 

more rapid at 930°c than say 700°c so this may account for dislocation 

climb at the higher temperature. This argument implies that a Ni-Al alloy 

with sufficient Al to give precipitation at 930°c, should give y' 

particles with incoherent interfaces. 

Some particles such as 9' in Cu-Al alloys can nucleate dislocations . 

within the particles which are thought to form by the collapse of vacancy 

aggregates( 26 ). Loops have so far not been seen within y' particles in 

Ni-Al alloys. This may be due to the lack of vacancies on the aluminun 

lattice sites as may occur in the above 8 1
( 
2S). In other words the defect 

lattice on the nickel-rich side of Ni 3Al has nickel atoms on the sites of 
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·missing aluminum atoms. 

BrO\'/n et ·a1( 29 ) have derived two expressions which describe 

the conditions under which spherical particles can support a dislocation 

loop. The first expression describes the critical ~adius, r , below whichc . 

· a particle cannot support a dislocation loop at its interface wh~n the 

force due to its line tension causing the loop to shrink is just 

balanced by a force due to the interaction with the stress field of the 

precipitate. The second expression defines a critical radius, ·r*, below 

which an incoherent particle is metastable with respect to a coherent one 


apd above which th~ opposite is true. Using values of 1/3 for Poisson's 


1ratio and strain E = 2/38 where 8 is the misfit, for the case of y in 


Ni-Al alloys in the expressions gives r 't = 120~ and r* = 233~ or in
cr1 
terms of c.ube edge length 240~ and 446~ respectively. Hence alloys with 

particles belm·1 about 450~ can never become-hcoherent and many of the alloys 

so far studied have been in this condition. However, alloys in the averaged 

condition can have particles much larger than this which still remain 

coherent. Thus it seems that it is very difficult to punch out dislocations 

and Weatherly( 2?) has pointed out that the theoretical shear stress as 

· determined by Kel ly( 30) can be exceeded in some systems without producing 

dislocations. Weatherly suggests this is due to the.fact th~t Kelly 

considered nucleation of a shear loop at the surface of a crystal whereas 

we are considering the interior of a perfect crystal where it seems nuclea

tion is much more difficult. 

The type of interface we are discussing is characterised by a 

'surface ene.rgy'. This is usually defined in tenns of the increase in 
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free energy of a crysta 1 per unit area of interface formed. It is made 

up of two components (Turnbull{ 3l)), a structural and a chemical compon

ent. The structural component reflects disorder of atomic position 

at the boundary, while the chemical component results from a change in 

the number of neighbours of a given chemical identity, both relative to 

the interior of either crystal forming the boundary. For y' particles 

in Ni-Al alloys the interface lies along {100} planes and it can be shown( 2l) 

that the introduction of a y'/Ni interface along this plane does not 

produce a change in the nearest neighbour configurations. On this simple 

picture then y(lOO) = 0 and interactions between second (and higher order) 

nearest neighbours account for their value of 30 ergs/cm2. However, this 

is not strictly correct because the interface is between y' and y, i.e. 

a solid solution of Ni containing Al in which at 700°c 1 atom in 8 is 

Al. Using the method of Ardell and Nicholson( 21) for a solid solution 

instead of pure Ni shows that the number of Ni-Al bonds is reduced. However, 

it seems clear that the percentage change of nearest neighbour bonds is 

small and thus y(lOO) should be small. 
22Recent work by Ardell < ) has given a value of Y(lOO) of 14~3 ergs/cm2. 

This result depended on an experimental determination of Ce, the 

equilibrium concentration of Al in the matrix, as discussed above. This 

value is about half the previous value{ 2l) and Ardell accounted for this 

by pointing out that previous calculations used the diffusion coefficient 

for Al in Ni in dilute solutions( 21) whereas the effective diffusion 

coefficient in a 12 a/o Al solid solution is about twice as high. An 

expression for calculating this value is given by Li and Oriani< 32 ). 
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2.3 The Mechanical Properties of Alloys Containing Coherent Ordered Particles 

Precipitation from solid solution can result in a marked increase 


in yield strength over that of the solid solution. It is certain that 


this increase is due to the precipitates acting as obstacles to dislocation 


motion ahd it is usually only necessary to consider this interaction to 


account for this increase. 


Mott and NabarroC 33-35 ), and Orowan( 36 ) were the first to advance 

dislocation theories for the yield stress of precipitation hardened alloys. 

Orowan showed that if the particle spacing is large enough the dislocations 

could bow between particles provided the particles could withstand the 

stress acti-ng on them. In this case the yield stress is determined solely 

by the spacing of the particles. However, in alloys with coherent particles 

the spacing can be quite small, ~100~, and the particles will be cut by 

the dislocations before the stress is large enough to cause bowing to this 

radius. 

There can be short- and long-range interactions between the 

dislocations and particles(l). The former are those occurring as the 

· dislocation passes through the precipitate, and the latter those forces on 

the dislocation due to the precipitate when the dislocation is at a . 
distance from the precipitate of the same order as the precipitate spacing. 


Long-range forces could be due to coherency stresses but the problem arises 


as to how to average over the whole dislocation line the effect of 


individual particles. This difficulty was considered by Mott and Nabarro( 33 ). 


Kelly and Nicholson(l) reviewed the theories then current so they 


need only be summarised here. In discussing Mott and Nabarro's theory 
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they concluded that it does not apply .when dislocations cut particles 

but that the flow stress is detennined by the forces on the dislocation 

due to internal stresses when a dislocation is close to an obstacle. 

They listed the effects to be considered when a particle is sheared 

by dislocations as follows: 

(a) 	 The interaction between the moving dislocation and the stress field 

around the precipitate at small distances from the precipitate. 

{b) 	 The particle may be ordered so that anti-phase boundary is created 

when a dislocation shears the parti~le. 

(c) 	 The lattice parameter of matrix and precipitate may be different so 

that ~ork is done in producing a misfit dislocation at the interface. 

(d) 	 If the slip planes in the matrix and precipitate are not parallel it 

may be necessary to fonn a jog in the moving dislocation as it passes 

through the precipitate. 

Kelly and Nicholson then consid~d these interactions in more detail 
cl 

and make some quantitative estimates of the contributions. In particular, 

they considere:i the interaction of a dislocation with an ordered particle 

which produces an anti-phase boundary in the particle and an area of_ particle

matrix interface on the slip plane. The flow stress is then governed 

by the values of the surface energy terms and the area of particle on the 

slip plane i.e. volume fraction. They go on to calculate the critical 

radius of spherical particles at which dislocations change from cutting 

to bowing and estimate that particles of d~ameter greater than 2ooft 

cannot be sheared. There is now a great deal of experimental evidence to 

show that this is not the case so their estimate is not realistic. This 
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is because they equatedthe interparticle spacing for. bowing with distance 


between particle centres used in the cutting treatment which are different. 


Furthermore, dislocations move in pairs through particles thereby 


lowering the stress. 


· Experimental work on the Ni-Al system to obtain insight into the 

strengthening mechanisms has been done by Phillips< 37 ). By studying 

the variation of flow stress with change in temperature from 300°K to 

77°K he was able to estimate the contributions to the flow stress from 

various hardening mechanisms. His results were that solid solution 

hardening contributed 36%, dislocation hardening 11%, coherency hardening 

12-15%, and order hardening and modulus mis-match hardening 38-41%. 

This was for a 12.7 a/6 Al alloy aged at 100°c. to peak hardness. Since 
.o~ 

this volume fraction was about 6% at 700°c the relative contributions will 

change as the volume fraction is increased such that the first two 

contributions will decrease and the second two increase. This in fact 

happened when Phillips aged the alloy at 600°c giving a volume fraction 

of about 0.16\ y'. The peak flow stress had increased by 10,000 psi for 

this 10% increase in volume fraction suggesting a linear relation. 

Brown and Harn( 3B) have analysed Phillips' results in a different 

way. They first point out that the flow stress for the solid solution 

alloy is l~rger than is expected for substitutional strengthening and 

sugge~t that this indicates the presence of short-range order. They 

believe that the flow stress is made up from solid solution strengthening, 

equated with weak obstacles, and precipitation strengthening equated with 

strong obstacles. The weak obstacles are strongly temperature dependent and 

and the strong obstacles \IP-akly temperature 'dependent. They maintain that each type of 
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obstacle has a contribution to the temperature dependence of the flow 

stress and are able to calculate the total temperature dependence of the 

flow stress of the alloy. Their calculations seem to fit Phillips' 

experimental data quite well. For instance, at the peak strength of 

52,000 psi they estimate the solid solution component of strength to be 

25,000 psi and its temperature dependence factor l.29, and the~rticle 

strengthening to be 27,000 psi with a temperature dependence factor of 

0.98. The overall temperature dependent factor, corrected for the 

difference in shear modulus at 77°K and 303°K, turns out to be 1.07 as 

compared with Phillips experimental value of 1.06. They argue that the 

only real contributions to strengthening come from order strengthening and 

a friction stress in they' particles. They do not agree with Phillips' 

conclus1on that order-strengthening is proportional to G which in turn 

is a function of temperature. Based on Davies and Stoloff 1 s< 39 ) results 

they show that order strengthening increases with increasing temperature 

in the range 77°k to 303°K. In considering the contribution of coherency 

strains to hardening they argue that appreciable hardening from this source 

would affect the component due to the particle to the temperature dependence 

of the flow stress. This would make their calculations in error but since 

they agree well with Phillips' results th~conclude that the contribution 

from coherency hardening is small. By a similar argument Brown and Ham 

~aintain that the same conclusion applies to misfit dislocations. 

In their analysis of order strengthening Brown and Ham derive 

an equation for the flow stress by considering that dislocations travel 

in pairs such that the first dislocation bows sufficiently between particles 

to make the Friedel particle spacing condition applicable, while the 
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second 	dislocation is nearly straight. The Friedel condition occurs 

when a dislocation in bowing between two partic'les meets a third 

particle before it has escaped from the first two~2) The Friedel spacing 

is then the distance between the third particle and the one closest to it. 

' 1

This ex.Pression is .s-e, rrt " ~~ dtr; ~,,,~OQ ). 

(1) 


When 	 the Friedel condition does not apply 

T = (L)[(4 If)~ - f] (2) 
2b irT 

where 	y = APB energy of y' 

r = particle radius s 

f = volume fraction of y' 


T = 	 line tension of first dislocation 

They analyse Phillips' results in tenns of these equations by plotting 

the· total flow stress minus the sol id solution flow stress against particle 

size. The plot has a linear portion between rs= 40~ and rs= 4R and 

from the slope and the above equation (1) the1 calculate y to be 

)38 ergs/cm2. When rs = T/y = 36~ the Friedel condition does not apply 

and equation (2) should be used. This equation applies at peak ageing and 

gives a value of y = 142 ergs/cm2. These values are close to others 

obtained previously (e.g. Copley and K~ar( 4 0)). However, Phillips' 



24 


results show only one measured value -of r below 40~ and they have 
5 

extrapolated the particle sizes below this as (time) 113• This procedure 

is questionable since the times involved are a few minutes and the 

compositions of the particles could be a long way from equilibrium in 

which case the APB energy would be lower than that expected. Thus the 

good agreement of they values obtained with previous ones may well be 

fortuitous. 

Brown and Ham go on to calculate the stress on the leading dislocation 

at th~ peak ageing stress in Phillips' results and compare it with their 

calculated value for the Orowan stress. The respective values are 

17 x 108 dynes/cm2 and 54 x 108 dynes/cm2 from which they conclude that 

the Orm.,ran process never occurs in the 12.7% Al alloy used by Phillips. 

They attribute the decline in flow stress after peak ageing to an increase 

in d2/1 2 where d2 is the length of the second dislocation in the particles 

and 12 is the interparticle spacing for this dislocation. What this 

means is that the second dislocation begins to bow closer to the 

first dislocation thus increasing the repulsive force and reducing 

the applied stress necessary for continued cutting of the particles. 

The mean interparticle spacing is given by L =4rs/3f which at peak 

ageing in Phillips' results gives L = 1540~. If the Orowan stress is 

taken to be T = Gb/l then with the above value for l, T = 12.2 x 108 

'dynes/cm2 which is considerably less than Brown and Ham's value. Even 

if the Friedel spacing is chosen this still gives a lower Orowan stress 

i.e. 27 x 108 dynes/cm2, than Brown and Ham's value. Since there is a 

Gaussian distribution of particles it is not inconceivable that in low 
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volume fraction alloys such as the one Phillips' investigated, there are 

particles on the slip plane which are sufficiently separated to give 

the Or6wan condition. Thus the Orowan mechanism cannot entirely be 

ruled out in explaining overageing, at least in alloys with low volume 

fractions of y'. 

Equation 2 quoted above gives a simple relation between flow 

stress due to particle cutting and the volume fraction. This only holds 

when the second dislocation is straight so that d2/1 2 = f v. This equation 

predicts a maximum strength over the range f = .3 to .35 . 

. Davies and Stoloff{ 39} investigated the flow stress of an aged 

Ni-14 a/~ Al alloy between 77°k and 973°k and found that it was independent 

of temperature between 173°k and 873°k. They concluded that this was 

due to a balance between the softening of the matrix and a hardening 

of the y' particles in this temperature range. This only occurred when 

particles were cut by dislocations. In an overaged alloys the strength 

decreased with increasing temperature and in this alloy the OrO\>Jan 

mechanism was predominant. Their conclusions were based on electron 

micrographs which for the cutting mechanism showed planar arrays of 

dislocations while for the Orowan mechanism revealed tangles of dislocations 

resulting from bowing. They believe that strengthening by particles is 

due to the creation of particle-matrix interface on the slip plane as 

dislocations cut through the particles although they include a contrib~tion 

from the resistance to dislocation motion in the particles. It appears 

now that this chemical term resulting from the new interface has a very 

small contribution. Brown and Ham{ 3B} discount this contribution on the 



grounds that the actual interfacial area created per dislocation is very 

small compared with the area of APB created in the particle. However, 

these results do show that bowing between dislocations can occur under 

certain conditions although they did not observe any loops round particles. 

This w·as probably because the right operating reflection conditions were 

not realised in the electron microscope. 

That bowing can definitely occur in alloys with coherent ordered 

particles has been shown by Castagne<41 ). He studied a Ni-base alloy 

containing Cr, Co, Mo, Ti and Al which on ageing gave spherical y' 

particles with negligible coherency strains. Depending on the size of 

particles produced by ageing either pile-ups or bowing of dislocations 

was observed. For particles of diameter greater than 500~ single loops 

were observed round particles while for still larger particles -1000~, 

double loops were seen. 

Brown and Ham(3s) analyse Castagne's results as they did with the 

results of Phillips and calculate the APB energy, y, to be 170 ergs/cm2. 

They submitted the results of Gleiter and Hornbogen< 42 ) and Horhbogen 

and Mukherjee< 43 ) on Ni-Cr-Al alloys to the same treatment and obtained 

y = 97 ergs/cm2. They maintain that order strengthening is the main factor 

in increasing strength by ageing in all these alloys and that the 

experimental results are consistent with their theory. They conclude that 

alloying elements affect the APB energy y, and hence the strength of the 

a~loy. Thus those elements which increase y lead to a strengthening of 

the alloy and vice versa. 

G1eiter and Hornbogen( 44 ) have also developed a theory to explain 
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the hardening in alloys by coherent particles. Their approach is similar 

to that of Brown ·and Harn in that they calculate the effect of a second 

dislocation interacting with a leading one and tending to push 

it through a particle. Their analysis is more rigorous in that they 

calculate the. actual shape of the dislocations under various conditions 

of particle size and distribution. They also consider the effect of 

changing long range order in the particle with ageing time and also the 

increase in volume fraction with ageing time. Qualitatively the 

parameters which influence the flow stress are divided into those which 

increase and those which decrease the flow stress. The former predominate 

in the early stages of ageing and the latter become more predominant as 

ageing proceeds resulting in overageing. In the initial stages of ageing 

both the long range order of the particles and the volume fraction increase 

·1eading to an initial rapid rise in flow stress. They soon reach their 

equilibrium values and their contribution to strengthening remains constant. 

When a pair of dislocations passes through a spherical particle the 

leading dislocation has a longer segment in the particle than the second 

dislocation. It is maintained that the excess length of the leading 

dislocation is the main obstacle to motion through the particle and increases 

with the size of particle. Thus, there is an increqsing contribution from 

this effect as the zones grow. However, as some particles grow others 

'dissolve so it is difficult to see how this 11 effective 11 length of antiphase 

boundary increases after the equilibrium volume fraction has been reached. 

In passing it should be noted that for cube-shaped particles with a 

triangular cross-section on the slip plane this effective excess length 
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is independent of particle size. As the flow stress increase~ the 

second dislocation moves nearer the leading one thus increasing the force 

on the leading dislocation resulting in a lowering of the applied stress 

necessary for cutting. When the latter effect begins to predominate 

the alloy is in the averaged condition. Gleiter and Hornbogen argue 

that once overageing has begun the flow stress begins to decrease 

rapidly with ageing time. This in fact is doubtful as Phillips 1 ( 
6) 

results show. Furthermore, on the above model the dislocations must 

reach some equilibrium spacing and thus no further decrease in flow stress 

can be expected from this interaction. 

Gleiter and Hornbogen< 45 ) calculatedthe long range order in y' 

particles in an ingenious way. They observed that an aged Ni-Cr-Al alloy 

containing spherical y' particles also contained dislocation pile-ups. 

lhey noticed that the spacing of dislocation pairs in the pile-up increased 

with distance from the head of the pile-up. They reasoned that this is 

because the APB surface area in the particles was reduced through shearing 

by dislocations. An expression was derived relating the APB energy of 

. the particles with the spacing of the dislocations in the pile-up. 

Measurements of these spacings on electron micrographs led to an estimate 

of the APB energy. These results showed that the(L.R·.O:*)order was lowest 

at the edges of the particle and increased towards the centre. The smaller 

the particle the greater the difference between the LRO at the edge and 

at the centre. The contra~t of particles i~ electron micrographs which was 

weak at the edges of particles and particularly small ones, was cited as 

support for the above conclusion. 

* Long range order 
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In some very recent work Beardmore et a1< 45 ) have examined the 

temperature dependence of the fl ow stress of Ni-Cr-Al a11 oys. They 

measured the flow stress at temperatures up to 95o0 c as a function of 

volume fraction of y'. The results showed that the flow stress at 

high temperatures increases with the amount of y' in the alloy up to 

a maximum at 100% y'. At room temperature this relationship is reversed 

with the peak strength occurring at 25% y'. This latter result was 

unexpected and was shown to be due to hyp?rfine precipitation of y' during 

cooling from the ageing temperature and is therefore absent at high 

temperatures. At high temperatures. the microstructures after deformation 

were characterised by a unifonn tangle of dislocations stored in bothy' 

particles and they matrix in high volume fraction alloys. In low volume 

fraction alloys, the dislocations can bow between the particles leaving 

pinched off loops and the dislocations in this configuration are not 

paired. At low temperatures (below soo0c), defonnation occurs in localised, 

discrete slip bands associated with large offsets. The slip bands become 

more diffuse as the volume fraction of y' is increased or the temperature 

is raised. Dislocations move in pairs and are stored primarily in the 

matrix phase. 

Fracture in precipitation hardened alloys often occurs in an 

intercrystalline manner with little ductility. The fracture passes along 

'the grain boundaries with the grains themselves being little defonned. 

This phenomenon is often assumed to result from the presence of a 

precipitate free zone near the grain boundaries which can occur in alloys 

of this kind. The argument is that copious slip occurs in these denuded zones 
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and little within the grain interior. The material in these Tegions is 


thus rapidly worked to fracture with consequently little elongation. 


In summary it can be Said that the variation of flow stress 

with ageing time for a fixed volume fraction of precipitate has only been 

partly accounted for an~ present theories do not adequately cover the 

effect of chan~ing the volume fraction of precipitate on the flow stress. 

· 2.4 The Deformation of Single Crystals Containing Coherent Ordered Particles 

Very few results have been published of the deformation of aged 

single crystals containing coherent ordered particles. This may be due 

to the difficulty of producing single crystals of two phase alloys. 

Most of the work has been done on aluminium alloys and was last reviewed 

by Kelly and Nicholson(l). The alloys usually show a large increase in 

yield stress over the pure metal solvent but the work hardening is not 

greatly increased. F~trly coarse slip lines are usually seen on the 

crystal surfaces in contradistinction to the very fine slip lines 

characteristic of alloys containing hard, incoherent particles. This 

coarse slip is explained in terms of a decrease in resistance to dislocation 

motion by sheared particles once a slip plane is activated. Thus slip 

continues on an activated plane until local work hard~ning stops that 

particular source from operating. One particular important point 

emphasised by Jaou1(47) concerns an instability condition which may 

arise if the work hardening is not sufficiently high. Since the specimen 

area is decreasing this results in an increase in the resolved shear stress 

which may be more than necessary to sustain the strain so the load drops. 
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dT . T dTThis condition occurs when era < z .· where era is the work hardening in 

tenns of shear stress and shear strain, and T is the critical resolved 

shear stress. This is only applicable in a tensile test. 

Piearcey and VerSnyder(4B) have published results on single crystals 

of Mar~M200, a nickel-base superalloy. They find that the defonnation 

characteristics are strongly dependent on orientation. Thus single 

crystals with single slip orientations exhibit maximum ductility and 

minimum work hardening whereas crystals with multiple slip orientations 

show the reverse. 

Single crystals of precipitation hardened alloys often fracture 

in a peculiar way. This is characterised by slip on a narrow region of 

the specimen which lies approximately parallel to an active set of slip 

planes. Extensive shear occurs on these slip planes until the two 

halves of the crystal on either side of this region virtually slide apart. 

Price and KellyC 49 ) have shown that this can occur in a single crystal of 

Al-1.6% Cu aged to produce e" precipitate. 

The work hardening characteristics of these alloys are similar 

to those for pure metals. This is a notable distinction to the behaviour 

of alloys with hard non-coherent particles which show much higher rates of 

work hardening than pure metals. These results are a consequence of the 

dislocation-particle interactions in both types of alloys. Coherent 

particles,other than raising the critical resolved shear stress,do not 

interfere with the movement of dislocations on slip planes since they are 

cut. On the other hand non-coherent particles, although initially easily 

by-passed by dislocations4 quickly build up back stresses due to the 
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dislocation 16ops round them and raise the stress to keep dislocation 

sources operating or to operate new ones. The microstructures are 

characterised by high dislocation densities and tangles resulting from 

multiple slip. 

2,5 Kink Bands in Deformed Metals 

An unusual feature of deformation produced in certain metals 

is a structure which was termed 'kinking 1 by Orm·1an(SO) and believed by 

him to be a mechanism of deformation different from slip and twinning. 

An analysis by Frank and Stroh(Sl) and results on zinc by Hess and 

Barrett< 52 ) show that this is not the case and results from a particular 

dislocation arrangement during defonnation. Kink bands havi also been 

reported in aluminium by Cahn(SJ) and Chen and Mathewson< 54 ), The most 

recent reviews are by Maddin and Chen( SS), and Hirsch< 56 ). 

· Kink bands can be observed on the surface of a crystal as a 

small change in direction of the slip lines. This results in the 

appearance of a narrow band, at right angles to the slip lines, across 

which there is a small change in orientation. A Laue pattern of the kink 

band shows asterism suggesting that lattice bending is occurring through 

the band. It is believed that this bending is caused by an accumulation 

of edge dislocations on parallel slip planes in a localized region of 

, the crystal. The axis of the rotation 1ies in the slip planes at right 

angles to the slip vector and is known as the 'roller axis'. In f.c.c. 

crystals this axis would be <112>. 

Although kink bands have frequently been observed a detailed 

understanding of the way in which they form is lacking. That they 



33 

- are arrays of edge di~locations perpendicular to the slip direction 

seems certain and they would thus seem to be similar to dislocation tilt 

boundaries. The situation is further complicated by the use of the 

term deformation band to describe lattice rotation seen in crystals. 

Whether or not the two terms are synonymous or kinking is a particular 

kind of deformation band is not clear. According to Cottrell{S?) kink 

bands show a sharper change in otientation because the dislocations 

are aligned vertically without any spreading of dislocatip~as ~n 

deformation bands. There is .a further difference in that dislocations 

at kink band walls come from inside the kink band and not outside as 

with deformation bands. Frank and Stroh(Sl) .have shown how a kink band 
' 

can grow by considering a vertical 'wedge' of edge dislocations. The 

stress concentration at the tip of this wedge can be severe enough to 

create new dislocation pairs necessary for growth of the kink band provided 

the applied stress is high enough. The origin of the wedge is not known. 

It appears that both kinds of bands occur only in crystals oriented for 

single slip so that very few nuclei can form. In crystals exhibiting 

multiple slip so many nuclei form that none is able to collect enough 

dislocations to make a band. 

·Hatherly{SS) has investigated the rormation of kink bands in 

polycrystalline «-brass during compression. He concludes that their 

formation depends on the presence of single systems of lamellar slip 

bands and emphasises the importance of grain interaction. The latter 

conclusion was deduced from the fact that kink bands had not been detected 

in single crystals of «-brass. In this connection Kuhlman-Wilsdorf and 
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Wilsdorf( 59 )have suggested that thi~ results from the slip lines being 

too far apart for the dislocations on corresponding planes to fonn the 

necessary kink array. Hatherly observed that kink bands appeared after 

deformation in the temperature range -l83°C to 300°c. 
( 

Observations of kink bands in two phase alloys do not appear 

to have been reported in the literature. 

2.6 Stacking Faults in Ni 3~ 
Stacking faults can occur in face-centred cubic metals when a unit 

dislocation dissociates to give two partial dislocations joined by a 

stackin~ fault. The stacking fault is characterised by an energy due 

to_the change in stacking sequence of lattice planes. It can be visualised 

by the removal of one plane (an intrinsic fault), or the insertion of an 

extra plane {an extrinsic fault). If either of these processes occurred 

in a structure such as Ni 3Al a violation of nearest neighbour bonds would 

occur resulting in a fault of high energy. Since the fault energy determines 

the separation of the partial dislocation by balancing their mutual 

repulsion, a high fault energy would result in a very narrow separation of 

partials. Thus it would seem unlikely that this dissociation mechanism 

would occur in a Ni 3Al structure. 

Recent observations, however, have .shown that stacking faults can 

occur in Ni 3Al. Calvayrac and Fayard(60) observed stacking faults in 

Ni 3Al recrystallised after cold working. Kear et a1(6 l) have also observed 

stacking faults in a nickel based alloy containing y; after creep 

experiments. During examination of deformed Ni 3Al , Enami and Nenno (62 ) 
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observed stacking faults which they ·detennined to have intrinsic character 

but did riot detetmine the Burgers vectors of the partials bounding the 

fault. 

To overcome the above difficulty in regard to the formation of 
. ~3)

stacking faults in structures of the Ni 3Al type, Carnahan et al ~owed that 

it is possible to fonn stacking faults without violating nearest neighbour 

bonds. This can be done by removing a {111) plane of atoms and displacing 

the adjacent planes to fill the gap. Although, this results in an 

intrinsic stacking fault no nearest neighbour bonds are violated so that 

.the fault has a 10\'I energy. To account for their fonnation in deformed 

Ni 3Al Kear{ 64) has suggested that two complex partials of Burgers vectors 

2oB and 2Ao could be separated by a stacking fault which has no anti-phase 

boundary. Evidence will be presented in this thesis to support this 

contention. 
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CHAPTER II I 

EXPERIMENTAL PROCEDURE 

3.1 Alloy Preparation 

The alloys were made from spectrographically pure materials; 

analyses are given in Table I. Alloys were prepared by melting in 

an arc furnace under a gettered argon atmosphere and cast into a 

rectangular horizontal mold machined in the hearth. The ingots 

produced were approximately circular in cross-section of 0.4" diameter 

and 2.5" long. The button was turned over three times and remelted 

before cisting into the mold to ensure homogeneity. The loss in weight 

was deter.mined for each melt and found to be on average.1% of the initial 

weight. If all this loss was attributed to aluminum evaporation it would 

represent an insignificant change in the composition of the alloys. 

All compositions in this \'iork are referred to in atomic %; these were 

converted to weight % for alloy preparation. The compositions of the 

alloys made are listed in Table 2. Also given are the volume fractions 

of y' at 700°c calculated from the equilibrium weight fractions obtained 

from the phase diagram in Fig. 1. The volume fractions were calculated 

from the relation 

X p I 

Wt %y' = y 
(110-x)ps + x py' 

where x =vol.%y', Ps =density of matrix, py' =density of y'. 

p = 8.15 using a/o Al = 12 at 700°c
5 

p 
y 
· ' = 7 .49 using a/o Al = 23.2 at 700°c 
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nA · The density p, was found from p = Wf where n = number of atoms in unit 

cell(4}, A= mean atomic \'/eight, V =volume of unit cell, N= Avogadro's number. 

3.2 Single Crystals 

Single crystals of several alloy compositions were grown by a 

modified Bridgeman technique in the apparatus shown in Figs. j and 4, similar 

to that used by McDonnell et al {G5}. Ingots prepared by arc melting were 

ground to fit a pointed bottom, recrystallised alumina crucible,~" O.D., 

3/8" I.D., 4" long with an angle of 120° at the bottom. The crucibles 

were cleaned by scrubbing with a detergent, rinsing in a solution of 

water-nitric acid-hydroflouric acid and finally rinsing in distilled 

water followed by drying in an oven. 
-4After the apparatus was assembled it was evacuated to 10 mm and 

the induction unit switched on. The temperature in the region of the 

molten zone was monitored by a Pt-Rh thermocouple connected to a 

continuous chart recorder. The temperature was kept at 1500°c by 

varying the input to the induction coil. When this temperature was reached 

the apparatus was back-filled with argon to atmospheric pressure and 

the ingot slowly lowered through the coil at 111 per hour. This procedure 

was adopted so that gas bubbles would not be trapped at the base of the 

single crystal as might occur by melting initially in an inert atmosphere. 

An inert atmosphere had to be used during growth of the single crystal to 

avoid loss of aluminum by evaporation. 

A graphite susceptor was used to give uniform heating to the ingot. 

The graphite was enclosed in a sleeve of "Fibrafrax" (manufactured by the 
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Union Carbide Corp.} an insulator which prevented large heat "losses and 

protected the vy~or tube . 

. There was always some reaction between the ingot and alumina tube 

so that weight losses could not be detennined. A single crystal was not 

produced every time probably because of the reaction with the alumina 

tube producing new crystals. This wasparticularly so if the temperature 

rose too high when reaction became severe. In fact, Ni-Al alloys in the 

molten state are particularly reactive and attacked a crucible made of 

pyrolytic borori nitride which is considered to have a low reactivity. 

Temperature control sometimes became difficult because of the failure of 

the Pt-Rh .thermocouple and this was eventually replaced by a Pt-5% Rh/ 

Pt-20% Rh which has a higher melting point. 

The single crystals produced viere surface ground and electropolished 

then etched in a 10% Bromine-90% ethanol solution to test their integrity. 

· Orientations were detennined by the back-re·flection Laue technique. The 

crystals were homogenised at 1300°c for 72 hours and quenched into iced 

water. The crystals were about 1.5 11 long and ·.350 11 diameter as grown 

.3 11and after spark-cutting and polishing were diameter and .650 11 long. 

Three different heat-treatments were used in studying the crystals, 

1) aged at 700°c for 6 hours and water quenched 2} slow cooled from 

130o0 c to 700°c in 3 hours and water quenched . 3} slow cooled in steps 

of 25°c from 1300°c to 700°c, equilibrating at each temperature for a time 

derived from the relation x = IDt where x = lµ, and D the diffusion . y 

coefficient of Al in Ni estimated from D = 1.87 e -64000/RT(the values 
y 

for 0 and Qare as quoted by Swalin and Marti.n(l 9))followed by wate~ quenching.
0 
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This process took 3 weeks. 

flats were also polished on the sides of the crystal approximately 

0.1" wide to aid in the examination of slip lines. Photomicrographs 

of slip lines were taken on these flat sides. Compression tests were 

done in an Instron at a strain rate of 0.015 per minute. Sections were 

obtained from thecrystals by spark cutting with a 0,003 11 diameter 

molybdenum wire. An X-ray microbeam unit with a 100µ diameter beam was 

used to detect asterism on these sections and also on the sides of 

crystals. The sections were then used for thin film microscopy. 

3. 3. Long Range Order Measurements · 

Since the degree of long range order of the y' particles can 

exert an important influence on the mechanical properties an attempt was 

made to measure this parameter as a function of ageing time. This was 

. done by measuring the intensities of the 100 and 200 lines by a 

diffractometer in a section cut close to a (lOOJ orientation. In the 

absence of extinction the ratio of these intensities is a measure of the 

L.R.O. in the crystal. Cu radiation was used for this investigation. 

A section was spark cut from a single crystal of composition 


16 a/o Al and mounted vertically in a Phillips diffra~tometer equipped · 


with a spinner so that the specimen could be rotated about a horizontal 


axis. Since the section was not exactly at the [lOOJ orientation the 


(100) planes were brought to the best reflecting position by rotating 

the section and 'rocking' the crystal about the angle e, with 26 set, to 

obtain maximum intensity. The diffracted beam was directed onto a 
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focussing monochromator which was tuned to diffract the K6 radiation of 

the copper tube into the detector. A chart recorder was used to trace 

the peak profiles of the 100 and 200 reflections. The areasunder the 

peaks were measured with a planimeter and the Lorentz-Polarisation factors 

applied to give values of the intensities. 

The section was aged at times of !ii, ~. 1, 3, 6, 9, 24 . 

hours at 700°c and the line intensities measured after each time. The 

section was electropolished before each measurement to remove any oxide 

film present. 

3.4 	 Polycrystalline Compression Samples 

Ingots each 50 grms. in weight were produced in the form of bars 

.5 11 .25 11as described above and ground to give compression specimens long x 

diameter. The 'out of squareness' of the specimens was checked on a 

shadowgraph and found to be less than 0.001 11 On the basis of a study • 

of compression samples deliberately prepared 'out of square' by Alstruther 

and Christian( 6·6)it is not thought there would be any error in load reading 

from this source. The specimens were sealed in a quartz tube under an 

argon atmosphere and annealed at l300°c for 6 hours before quenching 

into ice cold water. The quenched specimens were then sealed in vycor tube 
.. under vacuo and aged at 700°c for various times followed by quenching into 

cold water. The temperatures were monitored by an alumel-chromel 

thermocouple and found to be within + 2°c of the desired temperature. 
0.1 

A flat about 0.01 11 wide was ground along the length of the 

specimens to facilitate slip observations and grain size determinations. 
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Before testing the specimens were ele-ctropolished in a solution of 

10% perchloric acid, 90% ethanol at o0c. Compression tests were 

done on an Instron machine at a strain rate of .02 per minute. The 

specimens were compressed 1.-2% Jnd the slip lines on the flat surface 

examined by optical microscopy. 

3.5 Polycrystalline Tensile Specimens 

Ingots produced by argon arc melting were hot rolled to 0.025 11 
, 

the furnace temperature was l300°c. The strips were cleaned by grit 

blasting and electropolishing followed by cold rolling to 0.012 11 At• 

this thickness they were sealed in a quartz tube with an argon atmosphere 

and annealed at 120o0 c for ~ hour and quenched into iced water. The 

final operation was cold rolling in a 4-high mill to 0,006 11 followed 

by an annealing treatment as above. The strips were then sealed in vycor 

tubes under vacuum and aged at 70o0 c for various times and quenched into 

water. 

Alloys with aluminum contents greater than 17 a/o could not be 

cold rolled due to brittleness, thus the range of compositions used _for 

strip samples was 12 to 17 a/o Al. 

The aged strips were machined to flat tensile specimens with a 1.0 11 

gauge length and 0.5 11 width and the grain size determined by lineal analysis. 

They were cleaned by electropolishing and tested on an Instron at a strain 

·rate of 0.02 per minute. Specimens for particle size determination were 

electropolished in a solution of 59% ethanol, 35% ethylene glycol and 

6% perchloric acid at o0 c and examined in the electron microscope. Dark 
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field electron micrographs were taken from superlattice reflections 


using the gun tilt method. The particle sizes were measured with a 


bench microscope equipped with an ocular readout. [100] and [llOJ 


directions were used in measuring particle sizes and compensated fOr 


where necessary when the foil plane was oriented away from (100). 


3.6 Electron Microscopy 

Thin films for transmission microscopy were prepared by the 

window technique using an electrolyte of 59% ethanol, 35% ethylene 

glycol and 6% perchloric acid at o0 c and 20 volts. Thin films from 

strip tensile specimens were obtained by cutting sections 0.5" long 

from the gauge length and thinning directly. Thin films from single 

crystals were obtained by spark-cutting sections approximately 0.02 11 

thick and mechanically polishing to 0,005 11 before electropolishing. 

Replicas were obtained by the direct carbon technique. The 

electropolished surface was etched in an electrolyte of 10% phosphoric 

acid, 90% water at l0°c and 20 volts for l second. Carbon was deposited 

on the surface by arcing carbon electrodes in a vacuum coating unit, and 

then stripped by dipping in distilled water after electropolishing in a 

10% perchloric acid, 90% ethanol solution at 20 volts. 

Most of the microscopy was done on a Siemens Elmiskop I; thin 

films being examined at 100 Kv, replicas at 80 Kv. For tilt fog experiments 

. a double-tilting stage of the 	Valdre type was used. Some microscopy was 

done on a Phillips EM300 equipped with a single tilt stage capable of rota

tion. The double tilt stage was used for the determination of Burgers 
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vectors of dislocations in networks at particle interfaces and bounding 

partials of stacking faults. 

3.7 Splat Coolina 

To find out if y' precipitation could be prevented by extremely 

high quenching rates, some high volume fraction alloys were splat cooled 

and examined by transmission electron microscopy. Two gram samples were 

levitation melted in an argon atmosphere and splat cooled by the drop 

hammer technique between copper blocks( 73 ). 



CHAPTER IV 


EXPERIMENTAL RESULTS 

4.1 The Mechanical Properties of Single Crystals 

4.1.1 Crystals with small x' particles (<0.lu dia.) 

The mechanical properties of six ;single crystals with different 

compositions were investigated by compression tests. The compositions 

were 13, 14, 15, 16, 17 and 18 a/o Al whose volume fractions of y' at 

700°c are given in Table III. The orientations of the crystals were 

determined by the Laue back reflection technique and are plotted in the 

standard triangle shown i~ Fig. 5. The Schmid factors are given in 

Table III. The crystals \vere solution treated at 1300°c, quenched into 

iced water and then aged at 700°c for 6 hours followed by \'Jater quenching. 

The results of the compression tests are given in Table III. 

Listed are values of the critical resolved shear stresses obtained from 

the 0.2% flow stress, work hardening rates obtained from shear stress-shear. 

strain curves, and observations of the macroscopic slip behaviour. The 

latter descriptions indicate 3 different modes of deformation termed A, 

B and C, which can be related to the form of the load-extension curves 

obtained during the compression tests. 

Deformation mode A is characterised by slip lines appearing over 

the whole crystal with a region of intense slip in one region giving a 

broad slip band. A photograph of the 14 a/o Al crystal in Fig. 6 shows 

the shape of the crystal after 4.5% compressive strain. The broad slip 

band has the same plane as the slip pl ane and the surface slip lines 

44 
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extend round the crystal, except where they met the ends. A·microphotograph 

of the slip line~ in Fig. 7 shows they are widely spaced with large 

offsets except for the region of intense slip. The corresponding load

extension curve issnooth as shown for the 13 a/o Al crystal in Fig. 8, and 

the corresponding shear stress-shear strain curve in Fig. 9 gives a 

work hardening rate of G/530. This value is consistent with 

stage I (i.e. single slip) work hardening for alloys of this kind 

and is supported by the slip lines being continuous round the 

circumference of the crystal. 

This kind of slip behaviour should not resul~ in any lattice 


distortion at the crystal surface in the region of intense slip as the 


slip lines just indicate points at which dislocations have 1 run-out 1 


·of the crystal. That this is correct is shown by the absence of any 

asterism in back reflection Laue photographs taken in this region. 

Fig. lO(a) shows a Lau~ taken in the region of intense slip and Fig. lO{b) 

a Laue outside this region. There is obviouily no asterism nor any 

change in orientation between the two areas. 

The intense slip band region is believed to be due to constraint 

between the ends of the crystal and the compression .plate so that stress 

concentrations are set up at the ends which are relieved by the slip 

band. The evidence for this lies in the fact that in both 13 and 14 a/o Al 

· crystals one part of the slip band appears very close to the point where 

the end of the crystal meets the compression plate. In fact, in the 

14a/o Al crystal slip bands on different slip systems appear to start at 
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opposite ends of the crystal. For a smaller i.e. in length, .14 a/o Al 

crystal (Sl) this. behaviour did not occur. Its initial length was 0.475 11 

as compared to crystal 52 which had a length of 0.605 11 
, and after 

4% compressive strain it was sectioned and the remaining length of 0.2 11 

compressed a further 16%. It deformed uniformly to give the shape shown 

in Fig. 11. 

The deformation structure was studied by sectioning the 14 a/o Al 

crystal on the (111) slip plane after the 16% compression, and examining 

in the electron microscope. The structure is characterised by dislocation 

loops around y' particles and paired dislocations as shown in the bright 

field micrograph, Fig. 12, and offsets in the y' particles as shown in 

the dark field micrograph, Fig. 13. It is believed that the offsets in 

the y' particles are caused by dislocations shearing the particles either 

by the collapse of loops or the passage of relatively straight dislocations. 

It appears that the particles cannot support more than one dislocation 

loop and tangles of dis·locations round particles are not observed. 

This is consistent with the rate of work hardening observed since the 

presence of dislocation tangles would lead to much higher rates of work 

hardening as found in hard particle dispersion strengthened materials 

containing dislocation tangles. 

A back-reflection Laue photograph of the (111) section shows 

evidence of asterism indication lattice bending {Fig. 14). This lattice 

bending could be explained by an excess of edge dislocations of one sign 

lying on the slip plane. 

Considering now the deformation mode termed B we see it is 
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confined to two crystals of composit1on 15 and 16 a/o Al. The 

characteristics are slip lines over the whole crystal but concentrated 

fn one region which contains bands which appear to be perpendicular 

to the slip planes and will be termed kink bands. The general appearance 

of one of these crystals is sho\'m in Fig. 15 and the slip 1ine structure 

in the kink band region is shown in Fig. 16. The slip lines outside 

this region are widely spaced with large offsets similarly to those 

observed in deformation mode A. The load-extension curve for the 15 a/o Al 

crystal is shovm in Fig. 8 and is quite different from the curve for mode A 

in that a series of load drops occur(of about 200 lbs. in magnitude for 

each drop in load). The details of the load-extension curve indicate a 

fairly high work hardening rate followed by a sudden load drop. That there 

is a correlation between the formation of kink bands and the load drops 

is evident by the fact that the numbers of each are the same. To test 

this hypothesis the crystal was retested and the number of new kink bands 

was found to equal the increase in the number of load drops. 

The details of the slip line structure at the kink bands shown 

in Fig. 16 suggest a lattice rotation across the kink band as evidenced 

by the slight change in direction of the slip lines. The angular change 

projected onto the crystal surface at kink band one is 10°. The slip 

lines bend back to their original direction at kink band two although, 

the angles are not exactly the same so any misorientation remaining must 

be compensated for in other kink bands so that the original orientation 

is restored outside the kink band region. 

To obtain further insight into this lattice rotation a series of 
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back-reflection Laue photographs were taken as shown in Fig. 17. Laue (a} 

was taken to the right of kink band one (Fig. 16}, Laue {b)in between 

kink bands one and two, and Laue (c) to the left of kink band two. Close 

inspection of the photographs e.g. spots numbered 1 ,2,3 and 4 shows a 

change of orientation of the spots going from (a) to {b) but regaining 

orientation (a} on going from {b) to (c). This is easily demonstrated 

by constructing a stereographic projection of Laues (a) and (b) as shown 

in Fig. 18. The spots have been indexed as 1 = (113), 2 = (112), 

3 = (111) and 4 = {101), and it is immediately obvious that the (112} 

spot has not changed position. This suggests that a rotation has occurred 

about the [112] direction and by re-orienting the projection with the 

(112)pole at the centre it was shown that a rotation of 12° about this 

pole would bring the spots into coincidence. This value is very close 

to the 10° change in direction of slip lines measured at the surface. 

The sharpness of the spots indicates that there is no lattice 

rotation in between kink bands, at least at the crystal surface. But it 

was further demonstrated that lattice rotation occurs at the kink band by 

taking a Laue with the X-ray beam right on the kink band. The expected 

asterism of the spots is shown in Fig. 19 • 

From the geometry of the kink bands, and slip planes as related to 

a stereographic projection of the Laue showing the crystal orientation 

it appeared that if the slip planes were designated to be (111) planes 

and the slip vector [TOlJ then the kink band lay in the {TOl} plane 

i.e., it was at right angles to the slip vector. This is consistent with 

rotation occurring about a <112> direction (termed the roller axis} since 
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this direction is common to both (111) and {TOl) planes. Thus edge 

dislocations of one sign lying in a <112> direction ~nd piled up on 

many parallel slip planE!S so that the pile-ups lay in a {TOl) plane would 

explain all the features of the kink bands observed. 

To test this model sections through the kink bands were examined 

by electron microscopy to discover the dislocation structure. The first 

section was taken nearly perpendicular to the kink bands {9° from {lOT) 

and at an angle of 28° to the (111) slip plane. A low magnification 

electron micrograph (Fig. 20) shows the dislocation structure in the 

region of kink bands. Pile-ups of dislocations on the (111) slip planes 

are cut by zones clear of dislocations which are thought to represent 

undefonned slip planes between the active slip planes. The electron 

diffraction micrograph from this region shows that the direction 

of clear zones is<ll2> and the dislocation <110>, In .Chapter VI 

it will be shown how this structure can be explained in terms of the 

model proposed above. That these clear zones are associated with an 

orientation change is shown by studying the Kikuchi lines on electron 

diffraction patterns taken on each side of the zone. Fig. 21 shows how 

the Kikuchi 1 ines (arrowed) change position on moving across the zone. 

This orientation change was calculated to be 0.5° and is tho~ght 

to be due to relaxation of the clear areas because of the pile-ups, 
after cutting from the crystal. That the dislocations are in pairs 

in the pile-ups is evident from the electron micrograph shO\\ln in Fig. 22. 

The section used for electron microscopy was also checked for 

asterism by a back reflection Laue and showed streaking as would be 
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expected (Fig. 23). 

Considering now the deformation mode termed C for which the 

characteristics have been listed in Table III. These are, initially 

slip occurred in a narrow band only and slm<1ly spread across the 

crystal as deformation increased. The associated load extension 

curve was sharply serrated as shown in Fig. 8. The magnitude of the 

load drops varies but it is in the order of 50 lbs. 

The appearance of the crystal (17 a/o Al) for 2% compressive 

strain is shown in Fig. 24(a) and a photograph of the slip band in 

Fig. 24{b}. It can be seen that no slip lines appear outside this 

slip band. As strain increased the width of the slip band increased 

until it covered most of the crystal. The final appearance of the 

crystal after some 28% strain is sho\'m in Fig. 25. 

The spreading of the slip band indicates that new slip planes 

are being activated to account for the strain implying that existing 

slip planes become inactive. An attempt to show that this was occurring 

was made by measuring the height of slip steps on the surface by 

interferometry at intervals of strain. However, because new slip planes 

seemed to be activated very close to old ones the true step height 

of the latter was observed and the result~ were inconclusive. The slip 

structure was similar to that seen in the other crystals as illustrated 

by Fig. 26. 

Using the technique adopted above no lattice distortion inside 

the slip band or change in orientation could be detected using back 

reflection Laue photographs. Fig. 27{a) shows no asterism from a Laue 

taken after 12% strain on the slip band and fig. 27{b) shows the same 
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orientation in a region outside the slip band. This result .would indicate 

that no kink bands are present in the structure as a result of defonnation. 

A section taken close to the (111) slip plane after 28% compressive 

strain showed a large amount of asterism as is evident from the Laue 

photograph in Fig . . 28. As sugqested above this type of asterism can 

be explained in tenns of edge dislocations of one sign accumulating on 

the slip plane. 

In order to investigate further the details of th~ structure various 

sections were examined by transmission electron microscopy. Fig. 29 

is~ micrograph ofaOll) section and shows a high dislocation density but 

little detailed stru~ture because it is on a fine scale. A section 

taken at right angles to the slip planes i.e. viewing the slip planes 

end-on was more infonnative. Fig. 30 shows dislocation debris lying 

. on parallel slip planes and it is clear that the slip planes extend 

right through the particles. This was confirmed by taking _a dark field 

micrograph from a superlattice reflection and showing that offsets occur 

in the particles indicating cutting (Fig. 31). The general dislocation 

structure is shown by a low magnification electron micrograph in Fig. 32. 

The braids of dislocations on closely spaced active slip planes with 

clear regions between the braids is consistent with the slip line 

structure seen at the crystal surface i.e. narrow slip bands consisti_ng of 

many slip planes with large offsets separated by undeformed material. 

In Chapter VI it will be shown how the microstructure can account for 

the macroscopic deformation behaviour. A replica of the surface shows 

a narrow slip band passing through particles (Fig. 33). 
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4.1.2 Crystals with Large Particles(> lµ) 

4.1.2.1 · i;rystals with large coherent particles (-lu} 

All the crystals were slow cooled from 1300°c to 700°c over a 

period of 3 hours and then water quenched. They were tested in compression 

up· to the 0.2% flow stress but not beyond except for the 17 a/o and 18 a/o 

alloys. The resultant values of the calculated critical resolved shear 

stresses are given in Table III. All these values are below those for the 

alloys aged at 700°c for 6 hours except for the 18 a/o alloy which is stronger 

in the slow cooled condition. Since it was found that this alloy contains 

incoherent particles this result will be included in the next section. 

The remaining results in this section will deal with the 17 a/o Al only 

since it was studied extensively whilst no further work was done on the 

other alloys in this condition. 

By this technique large cube-shaped particles about lu edge 

length and coherent with the matrix are obtained. Fig. 34 shows an 

electron micrograph of a carbon replica taken from a (100) section while 

Fig. 35 is the same taken from a (111) section. The particles have a 

square shape, with concave interfaces and are often grouped in fours. 

Coalescence appears to have occurred in some cases. Also, present are 

a large number of much smaller particles which formed during the late 

stages of the cooling cylce i.e. around 700°c, and possibly during 

quenching. That the particles are coherent is shown by the presence of 

strain contrast at the interface and absence of interface dislocations in 

a transmission electron micrograph (Fig. 36). A very striking electron 

micrograph from a (111) section in Fig. 37 shows a condition known as 
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110-fringes" which are due to a difference in deviations from 

the Bragg angle for the matrix and the particle. This difference arises 

because there is a small difference in lattice vectors of particle and 

matrix. This phenomenon has recently been discussed and accounted for 

by.Ardell(G?) and Oblak and Kear( 6S). 

It w~shown that these coherent particles can become incoherent 

in two different ways, firstly cold work and secondly, on prolonged 

ageing at 700°c. Presenting first the results of the cold working 

treatment. Fig. 38 is an electron micrograph of the 17 a/o Al crystal 

after 5 a/o compression sectioned on the (100) plane showing the presence 

of dislocations at the interface, for example at A. However, it will 

be seen that strain contrast still exists at the interface marked B so 

the interfaces are more properly termed semi-coherent. On the basis 

of also examining (100) and (111) sections after cold rolling it was 

evident that some interfaces were still fully coherent without any 

dislocations while others contained dislocations and, since the strain 

contrast was less than for fully coherent interfaces
1 

they will be called 

semi -coherent. 

A major feature of interest in these foils was the observation of 

stacking faults in the particles eq. Fig. 38. Since it is well known 

that stacking faults bounded by a/6 <112~ partials would have a high 

energy because of the associated APB energy the analysis of these partials 

is of considerable interest. Accordingly various diffracting conditions 

· were obtained by using the durable tilt stage and an analysis made of 

the Burgers vectors of the partials and of the nature of the stacking fault. 
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Using the criteria( 69 ) that dislocations are visible when §.~. = ! 2/3, 

1 and invisible when~.~. = 0, ! 1/3 the partials were analysed to be 

of the type a/3 <112>. A composite electron micrograph consisting 

of 3 different reflecting conditions is shown in Fig. 41 and the details 

of the analysis of Table IV. The stacking fault was shown to be 

intrinsic fol101'1ing a rule of Gevers, et al (7o). This is for a 

200 operating reflection under dark field conditions when~ is placed 

at the centre of the stacking fault and points towards the bright 

fringes the nature of the fault is intrinsic (Fig. 42). 

Details of the dislocation particle interaction were obtained 
.. · 

from a (111) section of the 17 a/o Al crystal compressed 2%. Fig. 43 

is an electron micrograph of this section showing two interactions of 

interest. At A there is a pile-up of glide dislocations held up at 

the corner of a particle and at B an example of the way in which 2 unit 

slip dislocations in the matrix constrict to form a superdislocation 

as they enter the particle. The pile-up is consistent with the high 

· rate of work hardening observed during the compression test. Another 

electron micrograph in Fig. 42 shows very good evidence for the shearing 

of particles by large numbers of dislocations. A slip band containing 

dislocations is shown passing through several particles, the offsets 

at the interfaces are obvious. The displacement at these offsets is about 

500~ representing shear by about 200 dislocations. A comparison of the 

number of dislocations in the areas represented by Figs. 38, 43 and 44 

shows that some regions are virtually dislocation free indicating inhomogeneous 

deformation. These observations agree with the widely spaced slip band 

having large offset on the crystal surface. 
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Other features of interest observed in these foils were the 

way in which a square grid of slip dislocations could fonn at an 

interface due to the intersection of two slip systems and the presence 

of dislocations in the narrow channels between particles in a cluster. 

The former is \·tell demonstrated in Fig. 39 at area A and the latter in 

Fig. 40 in the cluster at A. 

Turning now to the breakdown of coherency by ageing at 700°c 

for 4 weeks we see first the general shape of the particles in a carbon 

replica shown in Fig. 45. Firstly, it is evident that the smooth, 

curved concave interface has become irre~ular, secondly, that all the 

small particles have disappeared and thirdly, that a "precipitate" has 

appeared within the x' particles. Transmission electron microscopy 

confinns these features and shows that dislocation networks have formed 

at the interface. Fig. 46 is again a (100) section and clearly shows 

that dislecation networks, somewhat irregular, have fonned at some 

interfaces. Strain contrast is also present so again the interfaces should 

be more properly termed semi-coherent. A further point of interest concerns 

evidence that some dislocations cross the matrix between two particles 

and lie in both interfaces. No analysis of the Burgers vectors of the 

dislocations was made in view of the results presented in the next section 

on much larger fully incoherent particles. 

4.1 .2.2 Crystals containing very large incoherent x' particles 

By using a very slow cooling procedure as described in Chapter III, 

very large irregular particles were obtained in the 17a/o Al . crystal. The 
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particles had a general tendency to be spherical but often with facetting. 

Fig. 47 i.s an opiical micrograph of a (100) section showing the general 

shape and distribution of the y' particles. Again using a (100) section 

for transmission electron microscopy, Fig. 48 shows a y' particle about 
' 14µ long and 7µ wide with facetting on {110} planes. Facetting was also 

observed on{lOO} planes. The appearance of the dislocation networks is 

well illustrated by Fig. 49(a) which shows a large network lying on the 

(100) plane. Two dislocations are visible for this operating reflection 

020, but on cha~ging the conditions to obtain a 200 reflection (Fig. 49(b}} 

then two other dislocations appear. However, it was easily shown by 

comparing .the two networks that one dislocation was common to both 

reflections and that the network consisted of three dislocations in a 

distorted hexagonal array. 

In order to conduct an analysis of the Burgers vectors of the 

network dislocations another area was chosen and subjected to the same 

operating reflections as above. Fig. 5C(a) shows the dislocation network 

of a particle for a 020 reflection and Fig. 50(b} for a 200 reflection. 

The planescontaining the networks ~re at an angle to the foil plane of 

{100} since their projected width is greater than the expected foil 

thickness (-1000~). The analysis was completed by examining a foil close 

to a (112} orientation in which a network lying on a (111) plane was 

examined. Fig. 51 shows the network under two different reflecting conditions. 

From the criteria used in the last section for determining the 

Burgers vectors the only values of Burgers vectors consistent with both 

the reflecting conditions used and planes on which the networks lie in 
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Figs. 49, 50 and 51, are dislocat~ons of the type a/2 <110>~ The analysis 

is summarised in Table IV along with estimates of the dislocation spacings 

in the networks. 

The mechanical properties of crystals containing large incoherent 

particles show some difference to the ones containing small coherent 

particles. The 18 a/o Al crystal in a compression test showed a smooth 

1 oad-compression curve and a very high rate of work hardeiing. When 

converted to a shear stress-shear strain curve (Fig. 52} the initial work 

hardening rate was G/4 (G is the shear modulus} reducing to G/60 after 4% 

·. 	 shear strain. Slip line markings on the crystal surface were not visible 

in the optical microscope. This observation and the high rate of work 

hardening are consistent with the behaviour typical of a hard particle 

dispersion strengthened metal. The microstructure of this crystal is 

shown by the optical micrograph of Fig. 5J taken from a (111} section. 

This crystal was slow cooled from 1300°c to 700°c in 3 hours and not over 

3 weeks as was the case for the 17 a/o Al crystal discussed above, but gave 

a similar structure. Electron microscopy confirmed that the particles 

in the 18 a/o Al were also incqherent (Fig. 54}~ 

A feature of interest observed in the electron micrographs concerns 

the presence of coherent particles in conjunction with the incoherent ones. 

These were identified by their more regular shape and the presence of strain 

contrast. An example of this is given in Fig. 55 where coherent particles 

(a) are found close to incoherent particles (B}. 

One final observation in this section concerns the examination of 

a foil cut from a crystal aged in a similar manner to the 17 a/o Al crystal 
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discussed above. As shown in Fig. 56 the interfaces of the y' particles 

show strain contrast and the complete absence of dislocations. 

4.2 The Mechanical Properties of Polycrystalline Alloys 

4.2.1 Compression tests 

1In order to determine the effect of the volu~e fraction of y 

on the mechanical properties, cylindrical specimens containing from 0 

to 1.0. volume fraction were tested in compression after ageing at 700°c 

for various times. The results of these tests are shown in Fig. 57 

1where the 0,2% yield stress is plotted against volume fraction of y 

for different ageing temperatures. An estimate of the work hardening 

rates were obtained by measuring the slope of the load-compression curve 

at 1% strain at the 1 hour ageing treatment (Fig. 58). The 0.2% yield 

stress has also been plotted against the ageing time for each vQlume 

fraction (in%) as shown in Fig. 59. Grain sizes are given in Table II. 

The important features of these results are, 
1i} a peak in yield strength at 0.45 volume fr~ction y (17 a/o Al) 

irrespective of ageing time. 

ii} for each volume fraction peak strength occurs after 3 hours ageing 

time. 

iii} the strength varies little over a range of about 0.3 to 0.7 volume 

fraction y' then falls sharply on each side of this range. 

iv) ageing time has more effect on strength at low volume fractions 

than at high volume fractions. 

v) the work hardening increases continuously as the volume 

1fraction y is increased from 0 to 1. 
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Tresurface slip line structure on the polished flats of the 

compression samples was examined after 1-2% strain by optical 

microscopy. The amount of y' present in the alloys did not appear 

to affect the slip line structure across the grains with the exception 

of the pure Ni 3Al alloy. At these small strains, slip lines were 

generally widely spaced, had large offsets and were very long often 

covering the width of a grain. Deformation was inhomogeneous in that 

some grains were deforined more than others. Fig. 60 is an optical 

micr~graph of the 13 a/o Al alloy after 1% strain showing the slip 

line structure typical of these alloys at .low strains. Higher strains 

activate slip planes between the ones shown in Fig. 60. The pure Ni 3Al 

alloy showed very fine slip lines which could only be detected at high 

magnifications (Fig. 61). This structure is typical of ordered 

intermetallic compounds of the Ll 2 type at room temperature(?l). The 

solid solution without y' particles also showed the presence of fine 

slip lines (Fig. 62). 

The main distinguishing feature between low volume fraction and 

high volume fraction alloys was the presence of grain boundary cracking 

in the latter but not the former. An example of this is shown in Fig. 63 

from the 19 a/o Al alloys. Grain boundary cracking was observed in alloys 

with 17 a/o Al and over sometimes being so severe that whole grains fell 

out of the specimen. In the low volume fraction alloys there were always 

enough slip systems to accommodate the shape change of grains at grain 

boundaries whereas this did not always seem to be the case in the high 

volume fraction alloys. For example areas adjacent to the grain boundary 
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cracking iA Fig. 63 have few slip lines whereas in a low volume fraction 

alloy(l4 a/o) sh~wn in Fig. 64 there is profuse slip in such areas. There 

was some evidenc~ that grains moved relative to each other along the 

grain boundaries in the high volume fraction alloys. Ob~ervation of the 

compressed specimens in the optical microscope showed that often adjacent 

areas at grain boundaries were not in the same focal plane and there was 

an offset at the boundary. The number of slip lines in these areas could 

not have accounted for this relative movement. Some further evidence 

was obtained from a bi-crystal of the 17
, a

/o Al in which the movement 

of a scratch across the grain boundary was observed. Fig. 65 shows that 

relative movement of the scratch has occurred between the parts on ea~h 

side of the boundary. Again absence of slip lines suggests that grain 

boundary ' sliding has occurred. 

One final feature of grain boundary cracking concerns that seen 

in the pure Ni 3Al. The cracking at individual boundaries is not as 

severe as in the two phase alloys but it is more widespread. 

Some of the alloys solidified in the ' two phase reg ion and contained 

massive y' prec i pit:a te. These alloys had a very high rate of work 

hardening but the slip line pattern did not appear to be affected by 

the presence of this massive precipitate. Fig. 66 ?hows the 21 a/o Al 

alloy with massive y'. At a high magnification slip 

lines could be seen in they' phase which did not appear to continue into 

the matrix. However, this may well have been due to the etching necessary 

to outline they' phase obscuring the slip lines in the matrix. 

An attempt was made to prepare thin films from compression 
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specimens by spark-cuttinQ a section and electro-thinning by_ the window 

technique~ However, preferential attack at the grain boundaries made 

this method unusable. Since sections of single crystals were thinned 

without difficulty no further attempts were made to thin sections from 

polycrystalline compression specimens. Instead carbon replicas were 

prepared from the polished flats on the surfaces on the specimens. Fig. 67 

shows the 17 a/o Al alloy, Fig. 68 the 20 a/o Al alloy and Fig. 69 the 

21 ~/o Al; the ageing time was l hour at 700°c in each case. 

4.2.2 Tensile tests 

In order to determine more definitively the effect of ageing 

time on strength for different volume fractions of y', polycrystalline 

strip specimens were tested in tension over a range of ageing times from 

zero to 1 week. The grain size was 0.13 mm as measured from lineal analysis . 

. The results of these tests are shown in Fig. 70 where the 0.2% yield stress 

is plotted against volume fraction for each ageing time. In Fig. 71 the 

0.2% yield stress is plotted against ageing time as a function of volume 

fraction and in Fig. 72 the % elongation at fracture is plotted against 

the volume fraction y'. 

The important features of these results are summarised below. 

i) the strongest alloy in the composition range studied was the 

17 a /o Al a11 oy. 

ii) the yield strength increased rapidly as the volume fraction 

y' increased from zero to 0.23 and then more slowly to the 

peak strength at 0,45 volume fraction. 

iii) peak strength at each volume fraction occurred after 6 hours 
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ageing at 100°c. The st~ength decreased _slowly on overageing 

up to the longest time used (1 week). 

iv) The strength of the quenched alloys increases with volume 

fraction y'. 

1v) the ductility decreases as the volume fraction y increases. 

These features are consistent with those found in the compression 

tests with the added infonnation that overageing occurs after 6 hours 

1and estimates of the ductility as a function of volume fraction y • 

The fact that alloys with more than 17 a/o Al could not be rolled because 

of brittleness and even the 17 a/o Al was difficult, confinns the 

observation of brittleness due to grain boundary cracking. The alloys 

failed in tension by intercrystalline fracture irrespective of volume 

1fraction y • However considerable deformation occurred in the region of 

the fracture for the low volume fraction alloys (i.e. 13 a/o Al) but 

decreased to very little at high volume fractions (i.e. 17 a/o Al). 

As is well documented y' precipitates in these alloys as cube-shaped 

particles with faces parallel to {100} matrix planes (the initial 

precipitate appears to be spherical and becomes cube shaped at about soft 

diameter( 6)). After long ageing times the particles tend to become 

platelets aligned in <100> directions as shown by Ardell and Nicholson(S) 

and Phillips( 6). These two investigations were done on low volume 

fraction y 1 alloys, viz. 13.5 a/o Al (0.14y 1 
) and 12.7 a/o Al (0.06y 1 

} 

respectively and the coarsening behaviour of alloys with a high volume 

fraction y' is not known. Accordingly the 16 a/o Al (0.37y 1 } was aged 

at 700°c for 1 week and 3 weeks and the resulting electron micrographs 
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taken in dark field are shown in Fig: 73. The 1 week sample is shown 

in ·Fig. 7j(a) and the 3 week sample in Fig. 73(b}. Clearly al _ignment 

occurs but platelets are only evident in the sample aged for 3 weeks. 

To assist in the analysis of the above data on mechanical properties 

-particle size measurements were done on foils prepared from strip containing 

16.5 a/o Al (0.42y'} after different ageing times at 70o0 c. These 

results are presented in Fig. 74 along with particle sizes of the 

13.5 a/o Al (0.14y'} taken from the data of Ardell an~ Nicholson( 5). 

4.3 Long Range Order Measurement 

It is well known that long range order in the y' particles 

affects the APB energy which has a strong influence on mechanical 

strength. Hence an attempt was made to measure the long range order 

. as 	a function of ageing time to help throw 1 ight on the effect of 

ageing time on mechanical properties. 

Profi 1 es for the 100 and 200 reflect ions were obtained from a 

{100} section of a 16 a/o Al crystal mounted in a diffractometer and 

scanned after several different ageing times. Cu KB radiation was used 

and the area under the peaks in arbitrary units is plotted against ageing 

time at 700°c for the intensity of the 100 peak and for the ratio 

200/100 (Fig. 75). Since the intensity of the superlattice reflection 

100 is a function of the long range order in the y' particles the results 

show that this parameter increases with ageing time. The increase is 

rapid with ageing time up to 6 hours and thereafter increases much more 

slowly. 
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4,4 Splat Cooling 

In order to gain more insight into the decomposition of the alloy 

on quenching some of the alloys containing high volume fractions of y' 

were subjected to splat cooling and then examined by transmission electron 

microscopy before and after ageing at 700°c for 3 hours. Fig. 76(a) 

shows the 21 a/o Al alloy in the splat quenched condition and Fig. 76(b) 

the same after ageing at 700°c for 3 hours; both are dark field pictures. 

1The first electron micrograph appears to show particles of y separated 

by a film of the y phase while the second shows y' particles only 

separated by anti-phase boundaries. The hardness of the alloy increased 

from 273 as splat cooled to 356 after ageing for 3 hours at 700°c, as 

me_asured on the Knoop hardness scale. This change in hardness is very 

likely due to an increase in the L.R.0. 

In order to get some idea of the magnitude of the L.R.O. in 

splat cooled samples, measurements of the intensity from the 100, 110, 

200 and 220 reflections were obtained for the pure Ni3Al alloy in the 

as quenched condition and after ageing. The value of the ratios 200/100 

and 220/110 can be calculated for the fully ordered condition i.e. S = l, 
and compared to the experimental ratios. This comparison will give the 

values for the L.R.O. parameter, S in the two conditions. The details 

of the calculation and the resulting experimental values for S are given 

in Table VI. It can be seen that even in the splat cooled condition 

pure y' is still strongly ordered (S = .73) and that this order increases 

with the ageing treatment (S = ~9). Thus for very high volume fraction 

y' alloys {- 0.8) consi<X:rableorder exists in quenched samples. 
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CHAPTER V 

THE FORMATION OF y 1 PARTICLES FROM SOLUTION 

5.1 On Splat Cooling 

That classical nucleation of a clump of y' of equilibrium 

composition of a critical size which grows to fonn a y' particle is 

not essential is shown by the results obtained on splat cooling a liquid 

alloy. · These results indicate that regions of a second phase can fonn 

under these conditions which exhibit properties characteristic of the 

y' particles found after ageing. For example, they show long range 

order as evidenced by the dark field electron micrographs taken from 

superlattice lines 0n Fig. 76)of a Ni-21 a/o Al alloy. The degree of 

order, at least in high volume fraction y' alloys, can be high as 

.shown by a value of 0.76 for the L.R.O. parameter in pure Ni 3Al as splat 

cooled (Table VI). 

The rate of cooling on splat cooling is very 
. 

high (-10 
6 
c0;sec 

during solidification(?J}) and thus a diffusion controlled mechanism 

for the fonnation of they' appears to be ruled out. It is more likely 

that y' is fonned by an interface-controlled process which does not 

involve long range diffusion and thus does not involve composition changes. 

Such a reaction is characterised by a chemical potential step at the 

interface where pairs of atoms change places to give ordering at the 

composition of the alloy. This reaction should occur rapidly because 

of the high degree of order obtained and the large decrease in free 

energy accompanying the ordering process. The regions of y 1 probably 

65 




66 

have their origin in the regions of short range order which act as 

'nuclei' for y' formation. 

The formation of y1 is not complete in the Ni-21 a/o Al alloy. 

Fig.76(a) shows they phase separating they' regions. On ageing 

however the y phase disappears leaving a structure consisting only of 

y' regions separated by APB's (Fig. 76(b)). This evidence would lend 

support to the above model. It should be emphasised that this discussion 

applies only to high volume fraction y' alloys. For lower volume 

fraction alloys (-17% Al) although y' regions form on splat cooling 

an ageing treatment would change their composition to equilibrium and they would 

grow as y' particles in a y matrix. 

5.2 	 On Water Quenching From Solid Solution 

y' particles are found on quenching solid solution alloys from 

high 	 temperatures. Ardell and Nicholson( 5) detected faint superlattice 
6lines after quenching their 13.5 a/o Al alloy but Phillipl )did not in 

his 12.7 a/o Al .alloy. In this work superlattice reflections were detected 

in. the 14 a/o Al alloy and all higher compositions; the strength of . 

superlattice spots in the electron microscope increased with increasing 

Al content. The maximum possible value of S {the L.R.O. parameter) is 0.49 

for a fully ordered 14 a/o Al alloy (calculated from the Bragg-Williams 

relation) and for a 16 a/o Al it is 0.57 . 

It is possible that with this rate of cooling sufficient diffusion 

can occur to form equilibrium y' particles. Using the Zener( 74 ) approxima

tion, for diffusional growth of particles, and allowing average values 



67 

. , 

of D = lo-12 cm~/sec and t = 1 sec gives radii of the right order for the 

16% .Al alloy. Fig. 77 shows a 16 a/o Al alloy as quenched with 

particle diameters of about 150R. However the fact that as-quenched 

alloys show a low degree of long range order (see Fig. 75 for the 16 a/o Al 

alloy) indicates that a diffusionless mechanism cannot simply be ruled out. 

Even allowing for an increase in volume fraction of precipitate would not 

account for the large increase in superlattice line intensity that 

occurs on ageing. If particles do form diffusionally with near-equilibrium 

co~position in sufficiently concentrated alloys, they must somehow be 

prevented from reaching the equilibrium degree of order at small diameters. 

Fig. 78 shows a schematic free energy versus composition diagram 

for Ni-Al alloys. Any alloys with above about 14 a/o Al can lower 

their free energy by forming regions of y' with the same composition by 

·a diffusionless reaction. Those alloys with less than this amount 

cannot lower their energy in this way. Thus the observed co~position

dependence of the tendency to form y' on water quenching is not 

inconsistent with a diffusionless transformation. However, diffusional 

formation seems more likely as the data of the next section indicate. 

5.3 On Ageing 

As shown by Ardell and Nicholson(S) y' particles in low volume 

fraction alloys grow on ageing following a t 113 law. The 16.5 a/o Al 

appears to behave the same way as shown by particle sizes after 3, 6 and 9 

hours ageing time (Fig. 74). This suggests a ripening of the Ostwald kind and, 
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by implication.equilibrium composition in the particles. As noted 

above the L.R.O. is very small in the as-quenched alloys. It 

is still low in the early stages of ageing compared with the value after 

24 hours (Fig. 75). This is consistent with Gleiter and Hornbogen 1 s< 45 ) 

suggestion that small particles have a low degree of order in their 

surface regions and a higher degree of order at the centre. Thus the 

overall degree of order would be small since most of the particle 

volume is in the near-surface layers at small sizes. 

Ardell( 22 ) has shown that during the ageing of a 13 a/o Al alloy 

the composition of the matrix decreases by about 0,5 a/o Al with ageing 

time. It is obvious from this that unless the y' composition changes 

in . harmony then the volume fraction must change. Ardell 's results show 

that after ageing for ~ hour the aluminum concentration in the matrix 

is 6.17 w/o. For an alloy of 6.5 w/o Al and assuming the composition of 

y' to be 12.l w/o then the weight percentage of y' is 5.5%. If the 

composition of the matrix at infinite ageing time is 6.049 w/o Al then 

the weight percentage of y' should be 7.5 %. Ardell and Nicholson(S) 

believe that they reach the equilibrium volume fraction very rapidly 

but their evidence based on a foil thickness calculation is admittedly 

crud~. With present techniques (particularly when looking at small 

particles) it seems unlikely that a change in the amount of y' from 

5.5 w/o to 7.5 w/o could be detected. 

It has been shown by Purdy( 75 ) and Oriani( 20) that the two 

factors which could cause the equilibrium particle composition to change 

are the Gibbs-Thompson effect and the strain energy effect respectively. 
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Both effects push the equilibrium composition nearer to stofchiometry 

and we b~lieve that to a first approximation these two effects are additive. 

Using Oriani's{ 20) equations (4) and {7) with the following values, {s~e Rrft"J;.,B~ 
x~i = .231, x~i = .123, Ga= 6.4 x 10" dynes/cm2, \~= 7.45 x lo-13 

2 3 - 3 
cm /dyne, V~ = 6.79 cm /mol, V~ = 6.65 cm /mol (~ - ~) = (~ - ~ ) = 

0.94 cm3/mol, LI~ = 3 LI: = 3 x .00529, we find that the composition 

change due to elastic strain caused by coherency is 0.55 a/o Al in both 

parti~le and matrix. That is the coherent solubility in the matrix 

is increased by 0.55 a/o Al and the composition of a coherent particle 

.is moved 0.55 a/o Al closer to stoichiometry. Oriani assumes that the 

thermodynamic factor e = {l + ~~~\) is unity in both cases i.e. 

~~~~ = O; ho"t1e~er from the recen~ data of Hanneman and Seybolt( 76 ) we 
· ainy . ainx 


find that . : = 1.95 and : = 6.3. Thus e8= 7.3 and ea= 2.95 and 

. a.tnx atnx 
. applying these8corrections to Or~ani's equations then the matrix composition 

is changed by 0.19 a/o Al and that of the particle by 0.075 a/o Al. 

In· his calculation of the Gibbs-Thompson effect on solubility, 

PurdyC 75 ) has considered particles of 50~ ra~ius and a surface tension 

of 45 ergsfcm2 (Ardell 1s< 22 ) estimate multiplied by ea) and finds that the 

composition change in the matrix is 0.3 a/o Al. With the above effect 

of strain energy considered by Oriani the two effects combined would give 

a composition change in the matrix of about 0.5 a/o Al and this value is 

very close to the results of Arde11< 22 ). We suggest then that Ardell 

has measured the result of two effects. Firstly, as the particles coarsen 

the Gibbs-Thompson effect becomes less and the solubility of the matrix 

decreases. Secondly, there is a relaxation of elastic energy which also 
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causes a decrease in solubility of the matrix. This relaxation of 

elastic energy is presumably a consequence of the el~stic interaction 

between particles which results in particle alignment(S). 

Rastogi and Ardell( 25 )have also attempted to calculate the 

incoherent solubility using Oriani 1 s trea~ment and found that it is 

2 a/o Al less than the coherent solubility at 100°c. This is 

considerably different from the above value of 0.19 a/o Al and is due 

1to their using a value of 27.92 cm3/mol for the molar volume of y 

(correct for the Wagner-Lifshitz analysis, but not for Oriani 1 s) when it 

should be 6.79 cm3/mol, and also ignoring the thermodynamic factor. 

In summarising this section we have seen that both the volume 

fraction of y 1 and the L.R.O. in the particles increase with time. 

Whether or not the increase in volume fraction can be measured by 

present techniques is difficult to say, however it would certainly be a 


contribution to the increase in strength with ageing time. The L.R.O. 


· increases dramatically on ageing; after ageing for 9 hours the intensity 


· of the 100 superlattice reflection has increased 20 times over the as 

quenched value. It is not clear why ordering takes such a long time 

since, as discussed above, the ordering process is accompanied by a 
. {45)

large decrease in free energy. As Gleiter and Hornbogen have suggested 

it may be due to the low degree of order in the surface ·layers, an effect 

which is still appreciable at 400ft diameter according to their calculations. 

T~is increase in L.R.O. should have a large effect on strength because 

it determines the value of the APB energy. Since APB energy is proportional 

to s2 (the L.R.O. parameter) and the intensity of the 100 reflection is 

2
proportional to s , the APB energy increases directly as intensity. 
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Thus the APB energy increases by a factor of"'6 between ageing for 

~hour and 6 hours. The effect of this on strength will be discussed 

in Chapter VIII. 



CHAPTER VI 

THE DEFORMATION OF SINGLE CRYSTALS 

6.1 Crystals Containing Small y' particles (<0.lµ} 

Single crystals containing from 13 a/o Al to 18 a/o Al were 


deformed in compression and studied for surface slip line structure, 


by X-ray diffraction and electron microscopy. The results of the 


compression tests and pertinent observations are given in Table III . 


. A graph of C.R.S.S. against volu~e fraction y' is given in Fig. 83 

showing an almost linear relation. A discussion of this relationship 

will be included in Chapter VII. 

The macroscopic deformation behaviour depends on the volume 

fraction of y' present in the alloy and has been summarised in Chapter IV . 

. In discussing the deformation mode termed A which v1as exhibited by the 

. 13 a/o and 14 a/o Al crystals we see that it is characterised by a coarse 

slip line structure over the whole crystal except for a region of intense 

slip about 0.070" wide. The slip lines circumscribe the crystal .as is 

characteristic of single slip. The general appearance of the crystals 

is shown in Fig. 6 and the slip line structure at the edge of the 

intense slip band in Fig. 7. Notice that the 'slip band' direction 

coincides with the slip lines suggesting that it is solely a region 

of intense slip i.e. a large number of slip planes are operating. This 

conclusion was confirmed by back reflection Laue photographs taken on 

the crystal surface at the slip band and outside it. The resulting 

photographs in Fig. 10 show that there is no orientation change in the 
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slip band nor any asterisrn. 

It is thought that the intense slip band is caused by the constraint 

between the specimen ends and compression plate restricting rotation of 


. the specimen axis. The resulting stress concentration is relieved by the 


formation of a region of intense slip. Notice that one end of the slip 


band is very close to the end .of the specimen and in the 14 a/o Al a second 

slip band_ is beginning to form on another slip system at the end opposite 

to the first one. That this is a consequence of geometry is shown by 

the compression of a 0.2 11 length of the 14 a/o Al crystal without the 

formation of an intense slip band (Fig. 11). With this size of specimen 

the slip planes intersect the specimen ends and thus cannot give the 

large offset at the specimen end-compression plate interface that this 

kind of slip band demands. Thus a large number of slip planes become 

active over the whole crystal as shown in Fig. 11. 

The load-compression curve was smooth as shown in Fig. 8. The 

corresponding shear stress-shear strain curve in Fig. 9 shows a linear 

slope with a work-hardening rate of G/530 which is considerably higher 

than for pure metals. However, it is well known that solute additions 

have a marked effect on the work hardening of pure metals and to be 

consistent with the single slip it is believed that this represents 

work hardening in stage I. Furthermore, the lattice rotation as 
. il COSAl 

calculated from the relation n- = c A where i is the original length 
ho OS O 0 

.e.1. is the final length A and Al are the initial and final angles between
0 

compression axis and slip plane respectively, gives a rotation of about 

4°. This rotation is insufficient for the compression axis to reach the 
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symmetry line and activate another slip plane. 

The transmission electron micrographs from a (111) section of the 

14 a/o Al crystal are shown in Figs. 12 and 13. The important features of 

· the micrographs are dislocation loops round particles, paired dislocations 

and offsets in particles as revealed in dark field. As shown in Chapter IV 

the interparticle spacing is such that bowing of dislocations between 

particles sufficient to cause loops can easily occur. Double loops or 

tangles are not seen round parti9les because the p.a-P-ticles repulsion from 

a second loop will cause the first one to collapse. Since the collapse 

.of a single loop would cause anti-phase boundary to be formed it seems 

very likely that loops would collapse in pairs to give shear without APB, 

i.e. a superdislocation. However it is not likely that looping would 


occur by two dislocations together since Ashby(l7) has shovm that twice 


. the shear 	stress is required. The loops seen in Fig. 12 are approximately 

ellipsoidal in shape and the smallest loop observed had dimensions of 

405ft along the shorte~ axis and 520~ along the longer axis. This gives 

an average diameter of 462~ which is conside~ably larger than the figure 

of 240R for the minimum diameter possible~calculated from Brown et a1(29 ). 

A correction should be applied to Brown et al 's calculation beca~se of 

the effect of the APB energy in ordered particles. ·The addition of this 

term means that sma 11 er 1oops than those obtained by Brown et a 1 1 s ca1 cu

l at ion should be stable. Their equation (2) then becomes 

where G is the shear modulus, E the strain parameter, y the APB energy 
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and rcrit the required radius. Differentiating their equation (1) and the 

above equation with respect to r1 and equating gives an equation for r1 

as 


3-2vR.n 8rcrit 
[---- ---]rcrit = ( ) ( 2 1-v 8nGbE+2yn) b 4(1-v) 

Using values of G = 7.5 x 10" dynes/cm2 v = 1/3, E = .0038, y= 150 ergs/cm2 

then r .t = 80~. This is a significant difference from the first valuecr1 
of 120~. However the figure of 80~ is very uncertain because the particles 

may not be fully ordered so that the value of y would be smaller than 

the one used. Nevertheless, there is a seeming discrepancy between 

these theoretical and experimental values for rcrit' Not too much 

re·liance can be placed on the v:ilue of 230~ as a lower limit to the 

radius of loops, however, because of the small area examined, and the 

. fact that the average size of particles is larger than the theoretical 

lower limit. 

The fact that double loops are not seen can be accounted for 

by using Brown et al 's equation for rcrit' In this case we ignore any 
. 2 

contribution from the APB term and replace b by 2b hence b becomes 

4b2. Thus for double loops to be stable the particles would have to 

have a radius of 4 x 120 = 480~ which is larger than the average size 

c- 380~). 

It is well known that dislocations tend to move in pairs in a 


matrix containing ordered particles, the distance between dislocations 


in a pair being dictated by the particle spacing and volume fraction 


of the particles. With this sort of dispersion and after deformation 
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at room temperature,dislocations are 
·, 

not likely to be seen passing through 

. particles because the APB energy will cause the dislocations to be 

forced out the particles,when the load is removed. Thus it is difficult 

to estimate the spacing of dislocations in pairs because the static 

condition does not represent the situation under dynamic loading. 

The electron micrograph in Fig. 13 shows evidence of particles 

being cut. Whether this is caused by the collapse of loops or the 

cutting by straight dislocations is uncertain since the net effect 

is the same; probably both are occurring at the same time. Finally, 

from Fig. 14 we see that lattice bending occurs on the (111) plane as 

shown by the asterism in the Laue photograph. Local accumulation of 

edge dislocations of one sign on the (111) plane would cause this effect. 

Turning now to those crystals which defonned by mode B we see 

· that the characteristics are kink bands in regions of intense slip 

accompanied by load drops during compression. It was shown that the 

load drops coincided with the fonnation kink bands. The shape of 

the crystal and the change of direction in the plane at the kink band 

are shown in Figs. 15 and 16. The back reflection Laue photographs taken 

on the crystal surface (Fig. 17) give some insight into the crystallography 

of the kink bands. In Chapter IV it was shown that the kink band had 

the plane (101) i.e. at right angles to the slip vector and that the 

orientation change across the kink band using a roller axis of [112] 

was consistent with the change in slip direction seen at the crystal 

surface. The electron micrographs (Figs. 20) showed parallel braids 

of dislocations on the (111) plane with clear regions in the <112> 
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direction and the dislocations lying in the <123> direction. The 

orientation change across these clear areas was shown from Kikuchi lines 

to be about 0.5°. It remains to correlate the Laue photographs and 

electron micrographs and shm1 how the kink bands formed. 

It is generally bel ieved(Sl ,55 ) that kink bands result from the 

accumulation of edge dislocations of one sign on parallel planes so 

that pile-ups occur in a plane at right angles to the slip vector. 

The kind of dislocation structure envisaged is shown in Fig. 9. This 

is obviously very similar to the structure at the surface as seen in 

Fig. 16~ Using this model as a basis it will now be shown how the 

structure seen in the electron micrograph can be explained. Remembering 

that the foil \\fas cut about 28° from the (111) planes a section at this 

angle is shown through a two parallel (111) plane containing edge 

dislocations lying in the <112> direction in Fig. 80. Looking in the 

direction of the arrow as shown will give the microstructure shown in 

Fig. 20. The direction of the dislocations is <112> and they are 

stacked vertically in {110} planes i.e. the kink planes. The section 

representing the foil is shown by the dotted line and the part of the 

dislocation lines seen in the foil by the heavy lines. The direction of 

the electron beam is indicated and it can be seen that the clear areas 

in the foil are slip planes not containing. dislocations. The direction 

of the dislocations in the model is <112> and that of the clear areas 

is <110>, However because the foil is cut at an angle of 28° to the 

(111) plane and 10° to the (110) these directions are changed when 

projected onto the microscope screen. These directions of <123> for 
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the dislocation lines and <112> for the direction of the clear areas 

are consistent with the foil nonnal of <541> (as determined by back 

reflection Laue photograph), tilted to a<210> orientation. 

The change in Kikuchi line position across the clear areas has 

shown that a change in orientation across this region occurs. Since there 

are no dislocations in these areas it is not obvious why this should occur. 

It is thought that on sectioning and thinning e1astic relaxation occurs 

because of the plastic regions on each side. This elastic relaxation 

causes bending of the foil across this region sufficient to cause 

the Kikuchi lines to move. 

The electron micrograph indicates that a kink band as seen at 

the crystal surface is composed of a large number of edge dislocation 

pile-ups in vertical arrays along the <112> direction. The end constraint 

~auses localised slip as in mode A but because the alloy is stronger slip 

is more difficult to nucleate. Since the Schmid factor on the system 

{TOl )[lllJ is just as high on the normal slip mode a high stress is placed 

on this system. By a co-operative movement dislocation pile-ups on 

parallel (111) slip planes align to give a (TOl) tilt wall so that 

strain occurs on this plane to accommodate the shape change imposed by 

the testing conditions. The back reflection Laue photograph in Fig. 23 taken 

· on the (111) plane shows asterism indicating lattice bending along this 

plane. This would be consistent with the type of dislocation pile-up 

indicated above. 

The model implies that a large number of small lattice rotations 


due to pile-ups of edge dislocations can better accommodate stress in 
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the lattice when they co-operate to fonn edge walls on a (110} plane. 

The predominance ·of edge dislocations suggests that the screw components 

have escaped out of the crystal. This they can do more easily than 

edges by cross ... sl ip; furthennore, screw pile-ups probably don't interact 

as strongly as edge pile-ups, i.e. passing stress is lower. 

The third mode of defonnation C (Table IV} shows a serrated 

load-compression curve with initially one narrow slip band which spreads 

along the length of the specimen. Fig. 24 shows the shape of the crystal 

in the early stages of compression and Fig. 25 after 28% compressive 

strain. The structure on the surface consists of coarse slip lines i.e. 

large offsets and widely spaced (Fig. 26}. Back reflection Laue photographs 

taken at the surface inside and outside the slip band show no change in 

orientation (Fig. 27}. After 28% compressive strain there is considerable 

·asterism on the (111} slip plane (Fig. 28}. 

Since slip is localised it is believed that initiation of slip 

is difficult because of the high volume fraction of y 1 on the slip 

planes. Once it has started slip continues on a slip plane more easily 

because shearing of particles results in a reduction of the particle 

diameter on the slip plane and consequently of the back stress due to 

the APB energy of the particle. This occurs rapidl~ such that 

avalanches of slip are produced on those planes on which slip is occurring 

to give the load drops seen in the serrated load-compression curve. 

Work hardening must then occur on these planes to stop them operating so 

that the load has to rise to initiate new slip planes. Accumulations 

(tangles} of dislocations on work hardened siip planes help to initiate 

slip on adjacent planes so that the slip band slowly spreads along the 
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specimen length. 

One mechanism that gives rise to load drops but seems unlikely 

is due to adiabatic softening. In this case the very rapid slip 

produces local heating and results in softening on the slip planes so 

that the stress for slip reduces. However, an increase in strain 

rate by a factor of ten did not change the load-extension curve other 

than increase the overall slope of the curve. With more rapid straining 

la~ger serrations might have been expected because of more heating. 

Furthemiore, it is known that y' pa!ticles increase the strength of the 

alloy as the temperature is . raised as Beardmore et a1< 46 ) have shown. 

The large amount of asterism on the (111) plane after 28% compressive 

strain reflects the fact that not only are edge dislocations piled-up 

on the slip plane but also a great many have been active because of the 

large amount of deformation. 

The electron micrographs of the slip plane Fig. 29, shows a 

high density of dislocations. The dislocations appear to go round the 

y' particles but the structure is too dense to show any details. A section 

perpendicular to the {111) slip planes reveals dense concentrations of 

dislocations confined to their slip lines (Fig. 30). A higher ma~nification 

electron micrograph (Fig. 32) sho111s that many slip planes are active in 

slipped regions. Careful examination of Fig. 32 al so shows that the 

slip lines go through the particles and a dark field electron micrograph 

(Fig. 30) clearly shows the resulting offsets. That particles can be 

drastically altered in shape is shown by an electron micrograph of a 

replica taken from the surface (Fig. 33) and clearly shows the distortion 
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of particles by a slip band. 
'. 

To sunmarise this section - it appears that the two controlling 


factors which decide the type of defonnation are ease of nucleation of 


alip and the formation of pile-ups. In mode A initiation of slip is 


easy and occurs over the whole crystal. Pile-ups are not observed 


1because the low volume fraction of y allows cross-slip and bowing 


around obstacles. The constraint on the specimen is accommodated by 


nucleation of slip on many slip planes. For mode B slip is a little 


· . more difficult to nucleate but occurs over the whole crystal. However, 

there is some concentration in the region which forms slip bands so that 

pile-ups of dislocations occur. How these pile-ups occur is not clear 

but each pile-up must be of one sign and pile-ups of one sign predominate 

at opposite ends of the slip plane i.e. on opposite sides of the Frank-Read 

sources. One way pile-ups are believed to occur is by a group of dislocations 

being held up by a dislocation pile-up of the same sign on an adjacent 

slip plane. Double cross slip of screw components could give rise to 

Frank-Read sources on adjacent planes. This implies that cross-slip can 

occur but not easily enough to overcome all barriers as in the case of 

mode A. Once pile-ups have been fonned the co-operative movement follows 

since it is postulated that pile-ups of like sign predominate on opposite 

sides of sources. From this it fol lo\'ls that the orientation across each 

kink band is about the same. 

With mode C we find that dislocation nucleation is difficult, 


possibly for the following reason: when a Frank-Read source operates it 


sweeps out an area on the slip plane while forming the dislocation loop. 




82 


With a high volume fraction alloy the dislocation of the source will 

encounter a particle which it must cut to cont~nue operating. If the 

Frank-Read source operates with one matrix dislocation, [precipitated 

y' particles will not norm.ally be threaded by gro\'m-in dislocations] 

APB must be formed in the particle. This fact would tend to restrict 

the operation of sources. Once the first dislocation loop is complete 

the next will spread easily because the APB aids particle cutting. Source 

opetat1on will become progressively easier as particles are sheared on 

the slip plane and it is believed that avalanches occur on a few 

slip planes to give the load drops. Work hardening however is high in 

this alloy and quickly stops these sources from operating so that the stress 

rises until new sources are operated. The new sources tend to operate 

on adjacent planes because of the stress concentration effects of work 

hardened planes. We emphasise that source operation does not occur ~ithin 

coherent particles formed on ageing because they are perfect crystals. 

Hence yield criteria for intennediate volume fractions must involve 

cutting of the particles by single, rather than double, dislocations. 

Kinking does not occur in mode C because dislocation pile-ups 

do not occur as shown by Fig. 29. Instead dislocation tangles develop, 

possibly because cross slip of screw segments in y' particles causes the 

dislocation line to become sessile. Cross-slipping is easier in large 

y' particles, since it is easier for a segment of a superdislocation 

to constrict and cross-slip similar to the way a dissociated unit 

dislocation cross-slips. 
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6.2 Crystals Containing Large y' Particles {--1µ) 

Slow cooling from 1300 to 700°c in 3 hours produced large 

coherent particles of y' (Figs. 34, 35 and 36) with concave interfaces 

which show strain contrast. Since the particles are thicker than the 

foil the latter is probably due to relaxation of the particles normal 

to the surface resulting in lattice bending at the vertical particle/ 

matrix interface. The shape of the particles has been discussed by 

Westbrook{ 2) and Papapetrou{ 3) who argue that increased~ctivity0 

at the corner sites results in accelerated growth. However, there is no 

reason why the"activity"should be greater at the corners than at any other 

place. Nore likely it is a geometrical effect in that at a corner site 

there is a greater diffusion flux to it than to a site away from the 

corne~ so that growth is faster at the corner. 

The reason for the clustering is still not clear. It may be the 

result of a random distribution such that y particles are favourably 

placed to grow in this manner. When their faces approach each other 

growth stops on those faces but continues on th~ other outward facing faces. 

It was shown that the particles become semi-coherent by ageing 

at 700°c for 4 weeks, dislocation networks forming at the interfaces 

(Figs. 45 and 46). It is believed these networks are the same as those 

found in the crystal when it is step cooled and will be discussed in 

Chapter VII. The 'precipitate' in they' particles is though to be 

y phase forming to give the equilibrium amounts of both phases according 

to the lever rule. Why excess y1 has formed and v1hy y should then 
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precipitate in the y' is not clear. 

Compression tests on the slow cooled crystals show fuat the 

C.R.S.S. is lower than for the aged crystals containing small particles

except for the 18 a/o Al crystal which contained incoherent particles . 

.Only the 17 a/o Al alloy was tested beyond the yield point and found to 

have a high rate of work hardening. Sections of this crystal studied 

in the electron microscope showed several features of interest. Fig. 38 

shows the microstructure after 5% compressive strain and the presence of 

dislocations at the interface (Area A) shows that coherency has broken 

down in some particles. The presence of strain contrast (Area B) shows 

that not all interfaces have broken down(as might be expected from 

the inhomogeniety of the defonnation). Fig. 39 shows that intersecting 

slip planes meeting at the interface of a particle are restricted from 

further movement7 at least at this amount of strain. The behaviour of 

slip dislocations on the slip plane is shown by electron micrographs from 

a (111) section (Figs. 43 and 44). These micrographs show three features 

of interest. Firstly, pile~ups · of dislocations at the interface (Area A 

in Fig. 43), secondly constr1ction of two matrix dislocations to fonn a 

superdislocation on entering a y' particle (Area B in Fig. 43) and 

thirdly the shearing of a y' particle by a large number of dislocations 

(Fig. 44). These observations will now be discussed in relation 

to the mechanical properties. 

The pile-ups of dislocation and the cutting of particles suggest 

that there is some critical stress at which particles can be cut which is 

higher than the yield stress. At the same time the yield stress is lower 

than for aged alloys because bowing can occur between the large particles 
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at this lower stress. If T = Gb/t and T = 25,400 psi G =7.5 x 10 11 dynes/ 

cm2, b = 2.5~ then t - 1000~ . It is difficult to estimate the spacing 

between these particles on the slip plane (Fig. 35) but it appears to 

be of this order. The pile-ups of dislocations would account for the 

initial high rate of work hardening observed and as more and more 

particles are cut at the increasing stress it is expected that the rate 

9f work hardening would decrease. This is exactly the kind of behaviour 

Jones and Kelly( 7S) observed in a Cu-Be alloy which contained particles 
. . 

of intennetall ic CuBe. They accounted for their results in the same · 

way. 

The observation of superdislocations in the y' particles and 

the fact that the two unit dislocations of the pair can be resolved 

leads to an estimate of the APB energy. Following Brown and Herman( 79 ) 

who first estimated the ordering energy in b.c.c. structures from 

dislocation spacing we find that 

wh~re y is the APB energy, r the dislocation spacing, and e the angle 

between the Burgers vector and dislocation line (ignoring any dissociation 

into partials). From the micrograph (Fig. 43) T = 168~, so for a 

screw dislocation (e = o0 
) y = 70 ergs/cm2 and for an edge dislocation 

(e= 90°) y = 105 ergs/crn2. The APB energy has been given by Marcinkowski 

et al(BO) as 
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where T is the ordering temperature {taken as the melting point) S = c 
L.R.O. parameter, and a is the lattice parameter, so that if we take 

0 . . 2 
y as 105 ergs/cm then S = ,645. Although because of the assumptions 

involved in deriving the equations the estimate for S is only 

approximate it does show that the particles are not fully ordered. 

In fact the individual dislocations in superdislocations in pure 

Ni 3Al are not usually resolved in the electron microscope because of the 

high ordering energy. Thus there is no doubt that the above observation 

of unit dislocations in y' particles indicates a low APB energy and 

thus a low degree of order. Since the tendency to order in this system 

is very strong the reason for this low degree of order is not clear. 

One possibility is that the composition is away from equilibrium. This 

might be accounted for by removing the restriction that atomic species 

are added to the particle in a ratio dictated by stochiometry i.e. 3 Ni 

atoms to 1 Al atom. The addition of atoms would then be controlled by 

the relative diffusion rates in the ~atrix. This would also account for 

the formation of y within they'. 

The electron micrograph in Fig. 38 shows the presence of stacking 

faults in the y' particles; a situation which has only recently been 

accounted for< 53 ,54 ). As is well known the dissociation of a unit 

a/2 <110> dislocation into two partials of the type a/6 <112> leaves a 

stacking fault of high energy between them and similarly a superdislocation 

dissociated into two unit dislocations leaves a high energy boundary 

between. It was shown by Carnahan et a1< 63 ) that a stacking fault without 

APB is obtained by removing a layer of {111) plane i.e. no violation of 
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nearest neighbours. Kear( 64 ) has sh6wn that this can be achieved by 

superdislocation which effectively fonns partials of the type 2Bo and 

2oA by the reaction 

2BA + (oC + Bo + oA) + (Bo + oA + Co) + 2Bo + 2oA 

This reaction is more easily visualised by referring to Figs. 81 and 82 

which show the sequence of steps in this model by using coloured balls 

·stacked in layers representing (111) planes. Fig. 8l{a) shows the nonnal 

stacking sequence on (111) planes and Fig. 8l{b) the situation when 

a unit a/2 [llOJ dislocation has passed across the slip plane. Violation 

of nearest neighbour bonding is evident i.e., red balls representing 

aluminum atoms are nearest neighbours. Ho111ever, when we apply a 2Bo 

shear, that is an a/3 [TI2J dislocation, a stacking fault without APB 

is produced (Fig. 82(a)}. The trailing partial 2oA = a/3 [121] restores 

the lattice to its original stacking sequence {Fig. 82{b}}. 

The above model requires partial dislocations of the type a/3 <112> 

which have so far not been reported in pure Ni Al structures. Enami and3
Nenno{ 62 ) have observed stacking faults in deformed Ni 3A1 but were not 

able to identify the bounding partials. The stacking faults and the 

bounding partial dislocations observed in this work have been analysed. 

Fig. 41 is a foil from a {100} section after cold rolling and shows 

the contrast at the stacking fault for three different operating reflections. 

The analysis is detailed in Table IV and shows that the Burgers vectors 

of the partials are of the type a/3 <112> and the stacking fault lies 

-on the (111} plane. The dark field micrograph of the stacking fault with 

the g vector point'ing towards th;; bright fringe indicates that the stacking 
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fault is intrinsic{ 69) (Fig. 42). Thus there is good evidence for the 

correctness of the model proposed by Kear{ 64 ). 

It remains now to account for the existent of these partials since 

as seen earlier (Fig. 43), superdislocations in the form of two unit 

dislocations are found in y' particles. In the examination of the 

electron micrographs twofuatures became apparent regarding the dislocations 

inside y' particles. Firstly stacking faults have not been found in fully 

coherent y' particles and secondly superdislocations are nearly always 

associated with coherent particles. The implication is that a barrier 

ftt the interface, that is, interface dislocations, are necessary for the 

formation of stacking faults. Thus it is suggested that slip dislocations 

bow between the obstacles at the interface since it requires a lower stress 

for a/3 ~112> dislocations to do this than unit a/2 <110> dislocations. 


· Since a/2 <110> = 2.5~ and a/3 <112> = 1.8~ (a= 3.564~ for y') then the 


bowing stress ·Gb/1 , where 1 is the spacing of the obstacle, is about 


30% smaller for an a/3 <112> dislocation than for a a/2 <110> dislocation. 

Evidence for this a/3 <112> partial ~islocation and its associated 

stacking fault has been obtained recently during creep of a Ni-based 

superalloy by Kear et al{ 6l). Furthermore the intrinsic stacking 

fault of the kind found in this work is coupled to an extrinsic stacking 

fault giving a net Burgers vector of a <112>. Kear et al believe that 

these intrinsic-extrinsic stacking fault pairs have their origin in the 

reaction of two unit dislocations on adjacent planes with their Burgers 

vectors at 60°. This was first proposed by Hirth(Sl) for the f.c.c. 

lattice. This complex pair do not however move by the ordinary glide 

)o 
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process but by viscous slip( 6l), a type of motion;i-(only po·ssible 

. at the temperatures employed in creep tests. Thus the existance of 

intrinsic-extrinsic stacking fault pairs in room temperature defonnation 

of alloys containing y' seems unlikely. 

In summary it has been shown that large coherent cube-shaped 

particles -1µ in size, much larger than those fonned by ageing at a 

fixed temperature, can be fanned by slow cooling. The influence of 

these particles on defonnation behaviour have been rationalised on the 

basis of electron microscope evidence. It was shown that the particles 

.could become semi-coherent either by ageing or by cold working. An 

important dislocation-particle reaction was observed relating to the 

fonnation of stacking faults in particles. These faults were analysed 

and reasons for their fonnation suggested. 
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CHAPTER VI I 

SINGLE CRYSTALS WITH LARGE INCOHERENT y 1 PARTICLES 

It has been shm'ln by Cahn <24 ) that a coherent particle in a 

two-phase alloy is always more so_luble than an incoherent one. The 

implication of this result is that an inco'herent particle is the stable 

·phase and will grow at the expense of a coherent one. Thus in the 

system Ni-Al one expects the y 1 second phase particles to be incoherent 

subject to the energy criterion of Brown et a1< 29 ), This is that 

the reduction in en~rgy due to a dislocation loop at the interface is 

less than the self energy of the dislocation due to its line tension. 
1This occurs at a particle diameter for y of 240~ in the Ni-Al system 

. although as shown in Chapter VI this value is reduced by the APB 

produced by a single loop. Much bigger particles than this have been 

observed in Ni-Al alloys but no observations of interfacial dislocations 

have been reported although they have been seen in very similar systems 

e.g. Ni-Cr-Al-Ti( 26 ). However, using the heat treatment adopted in 

1this work incoherent y particles with interfacial dislocation net1-1orks 

have been observed and analysed. 

The basic requirement of a hexagonal network is that at the 

nodes 1: b. = 0. Furthermore for the most efficient relief of misfit
1 . 

the dislocations should be pure edge and for particles with spherical 


shape there should be Burgers vectors in three orthogonal directions. 


It is believed that the Burgers vectors of these dislocations are all 


of the type a/2 <110> and this conclusion has been re~chad after 
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examining complete networks at three different particles. F_ig. 49 

shows a (001) section with a network covering a large area at A, 

the width of the network is about 2.3µ. We estimate the foil thickness 

to be 1800~ from the width of the stacking fault assumed to 1 ie on a 

. (111) plane. Hence the p 1 ane of the network at A is about 4° from the 

foil plane and hence must be a {001} plane. The network at B has 

a projected width of 4700R and thus an angle of 18° to the foil surface. 

The trace of this area in the (001) foil plane is [100] and thus it should 

have indices of the type {okl}, i.e. {013). 

A similar analysis for the networks shown in Fig. 50 suggests 

that they also lie on planes of the {okl} type. For the third network 

in Fig. 51 we have a foil close to {112) vlith a network \~idth of 4500~ • 

If this network lies on a (111) plane then the calculated foil thickness 

is 1600~ which is a reasonable value. The trace of the network is 

[lTOJ which is consistent with the analysis. 

We thus have a situation in which a particle has to have a 

dislocation network which can fit several faces of different indices. 

The Burgers vector analysis presented in Table V shows that there are 

three dislocations in each network two of which are visible for ea~h 

reflection and one invisible. The dislocations have been given Burgers 

vectors of a/2 [lOTJ, a/2 [011] and a/2 [110J and it is seen that the 

requirement L bi = 0 is met. Thus the model comprises three mutually 

perpendicular dislocation loops of the above Burgers vectors which are 

wrapped round tl1e particle and interact to give the observed dislocation 

networks. For instance the dislocations a/2 [lOTJ and a/2 [011J lying 

in the {001} plane would interact to give. the th·ird dislocation i.e 
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a/2 [lTOJ. . ·. 

There is a possibility that three a<lOO> type dislocations 

could give rise to the networks seen. Thus on the (001} plane we 

could have the reaction, 

a[lOOJ + a[OlOJ ~ a[llOJ 

and . for g = 200, the dislocation a[lOOJ and a[llOJ would be visible 

and a[OlOJ invisible. For g = 020, the dislocations a[OlOJ and 

a[llOJ would be visible and a[lOOJ invisible. However difficulty arises 

when we try to fit the three a<lOO> dislocations on the {111} plane with 

the restriction E bi = 0. There does not seem any way that this 

can be achieved; furthermore all three dislocations of this type would 

be visible on the (111} plane and we have seen that this is not the case 

so we can rule out this possibility. 

A feature of this model is that the Burgers vectors of the 

dislocations have mutually perpendicular components so that the 

displacements at the interface can be compensated for in all directions. 

This implies that the dislocations have mainly edge character (since it 

i~ only edge components which compensate for the displacements}. The 

Burgers vector of each dislocation do not necessarily lie in each 

plane of the network. For example, the vectors a /2[1 OTJ and a /2 con J 

do not lie in the {001) plane but they will have components in this plane. 

This feature necessarily restricts glide of the dislocations and climb 

must be invoked in order to build up the dislocation structure and also 

during growth of the particle. In view of the high temperatures used 

this should occur without difficulty. 
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The ideal way to accommodate the difference in lattice parameters 

at a (001) interface in the [010] direction is to have a series of 

parallel edge dislocations lying along the [100] direction with 

Burgers vector a[OlOJ. With this model it is easy to calculate the 

. spacing between dislocations to accommodate this misfit. If there are 

n unit cells of particle of lattice parameter 3.566~ there must be 

n+l unit cells of matrix of lattice parameter 3.546~ and 

nx 3.566 = (n+l) x 3.546 

Hence n = 177 unit cells and the dislocation spacing is 177n x 3.566 = 

632a . The spacing for a/2<110> dislocations in the (111) plane would 

be 177 x 2.5~ = 425~. Since these values are for pure edge dislocations, 

mixed dislocations can be expected to have smaller spacings. An 

estimate of the spacings observed shows that in the (111) plane the 

dislocation spacing in the <110> is 765~ and in the (100) plane it is 

715~. These values are obviously greater than the expected value. One 

reason for this discrepancy lies in the possibility that the lattice 

parameters are not those measured by Ph ill ips( 6). As Shewfelt(82 ) has 

shown a difference of 0.01~ in either of the lattice spacings would 

cause a change of 50% in the dislocation spacing. 

The biggest single obstacle to a complete understanding of 

interfaces of this type lies in explaining the origin of the dislocations 

in the interfacial networks. Energetic treatments of the problem such 

as those of Brown et a1( 29 ) rarely seem to predict the size of particle 

at which interfacial dislocations appear. The best they can do is set 

a lower limit of particle size at which interfacial dislocations can appear. 
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Thus the problem would seem to be one of explaining nucleation of 

dislocations at the interface. 

• Weatherly and Nicholson{ 26 ) have made a study of the interfacial 

structures of semi-coherent precipitates in which one of the systems 

they examined was Ni-Cr-Ti-Al containing y' particles. These y' 

particles have the structure Ni 3 {Ti,Al~ are spherical and have a misfit 

of 0.0023; this is about half the misfit in the Ni-Al system. After 

ageing at 930°c for 250 hours hexagonal dislocation netl-mrks were found 

at the interfaces of the y' particles and analysed as a/2 <110> dislocations 

which is consistent with the present results. They go on to show that 

the hexagonal networks can be considered to consist of segments from three 

dislocation loops there being a tendency for these to lie on {110} planes 

with the Burgers vector making an angle of about 60° to the plane of the 

loop. They point out that it is the edge components which provide 

relief of misfit but the energy of a hexagonal array of matrix dislocations 

is a minimum when all the dislocations are in screw orientation and the 

configuration adopted at an interface may be affected by this. They 

believe that the Burgers vectors of the dislocations are co-planar and 

therefore can only accommodate misfit in two directions. However there 

does not seem ·to be any reason why this should be so and in fact, three 

co-planar a/2 <110> Burgers vectors can only lie in a {111) interface plane. 

It is suggested that the networks they found are similar to those 

described in this work. Thus the misfit at the interface in three 

directions can be accounted for. 

Weatherly and Nicholson go . on to disc~ss the mechanisms of .loss 

of coherency as reviewed in Chapter II of this thesis. Because the 
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particles in their alloy did not have a misfit greater than the 

critical amount for the punching of dislocations (as calculated by 

Weatherly( 27 )) they believe that climb of matrix dislocations to the 

interface provided the source for dislocations. This case depends 

on the elastic interaction between particle and a matrix dislocation 

becoming attractive which is .dictated by particle size (Brown et a1< 29 )). 

They present electron microscope evidence to show the start of this 

·climb process of dislocations to the particle interface. 

They' particle in the Ni-Al system is like the system studied 

by Weatherly and ,Nicholson in that the misfit is less than the 

critical misfit for dislocation punching. The main difference in the 

observations in this work concerns the large number of dislocations seen 

at the interface which could not have been provided by the dislocation 

density in the matrix. There must have been a dislocation multiplication 

source operating to provide all the observed dislocations. It is 

conceivable that this could occur in two ways, firstly a source in the 

matrix and secondly, a source at the interface. The dislocation source 

in the matrix would 6perate only by climb while the one at the interface 

by both climb and glide since the Burgers vector of one segment lies 

in the network of the plane. The latter mechanism implies that once a 

dislocation is nucleated at the interface, presumably by climb, multiplication 

is relatively easy. Weather1y< 27 ) has shown that the shear stress at 

the interface can be quite high,certainly much higher than the stress to 

move a dislocation so that this shear stress may aid dislocation multiplication. 
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At the high temperatures used in obtaining these dislocation 

.networks the concentration of vacancies is going to be high. If there 

was a vacancy fl ow to the interface enough might collect to fonn the 

vacancy dislocation loop round the particle with the necessary missing 

half plane in the particle. ~owever removing either a (100) or 

(110) plane would result in severe violation of the nearest neighbour 

bonding and is impossible. Removal of a (111) plane would leave a 

stacking fault (\'Jithout APB) of low energy and should result in the usual 

stacking fault fringes. Few of these however are seen in the particles 

and the Burgers vector is of the wrong kind i.e. 1/3 a<lll>. 

Another way to use the vacancies VJOuld be in the formation of 

loops inside the particles by the collapse of aggregates followed by 

growth to the loops to the interface. This was in fact the way in which 

Weatherly and Nicholson explained the fonnation of dislocations at the 

interface of e' particles in Cu-Al. There is evidence in the el~ctron 

micrographs for the presence of loops in the y' particles for example
" 

Fig. 48. H0\-1ever the model suffers from the objections raised above 

and the only possible dislocation loop would be one lying on the (111) 

plane i.e. a Frank sessile dislocation. This would be consistent with 

the trace of the loops in the (100) foil plane being [110] which is observed 

with many of the loops in the particles. Stacking fault contrast is also 

observed in some of the loops; this of course depends on the operating 

reflection. A Frank loop can move in two ways, either by climb or 

combination with a perfect dislocation to give a Shockley partial which 

can then glide (and vice versa). However the latter mechanism is unlikely 
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since the nucleation of .a perfect dislocation would have to be accounted 

. for, and furthermore1 glide of a Shockley partial would give rise to a 

stacking fault. The climb of a Frank loop to the interface would 

leave a dislocation of Burgers vector 1/3 <111> \·1hich is not observed. 

We thus have several alternatives to explain the nucleation 

of dislocations at the interface - none of which is entirely satisfactory 

and, some of which can be ruled out. The best alternative seems to 

be the climb of dislocations from sources in the matrix. In passing 

it is worth noting that the matrix has a fairly high dislocation 

density in some areas which may come from the climb sources. Alternatively, 

there is always the possibility of damage being introduced during 

preparation. 

Several areas of the foil contained coherent y' particles as 

shown by the strain contrast at the small particles in Fig. 55. This 

electron micrograph also shows the interaction of matrix dislocations 

with the particles and provides evidence in support of the climb mechanism. 

The presence of these coherent particles indicates that the alloy has not 

yet reached equilibrium i.e. incoherent solubility, and we would expect 

these particles to dissolve and the solute be absorbed by the large 

incoherent particles. 

In summary we postulate the growth of y' particles as cubes 

under equilibrium conditions or near equilibrium conditions to a size 

at which they become incoherent by attracting dislocations to their 

interfaces. Those particles which become incoherent grow at the expense 

of coherent ones and because of the continual supersaturation involved with 
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slow cooling. Growth of incoherent - ~nterfaces does not have the same 

restriction of accommodating elastic coherency strain which is most 

easily done on the {100} planes. The particle shape is controlled by 

the interfatial free energy which, from the evidence of facetting, 

·shows some anisotropy. As the particles grow the dislocation network 

must provide new dislocations to take up the new displacement. 

That there is a volume fraction effect in forming incoherent 

particles is seen by the fact that the 13 a/o Al crystal contained 

only coherent particles after the step cooling heat treatment (Fig. 56). 

lhe maximum stress at the interface of an isotropic particle is a function 

·only of the misfit and elastic moduli and not of the particle size( 27 ). 

The fact that there is a particle size dependence would seem to rule out 

a punching mechanism. The Brown et a1( 29 ) criterion is also met by particles 

in both alloys so it is not clear how this dependence operates. It 

may be statistical in that for the 17 a/o Al alloy there is a greater 

volume fraction and hence more chan·ce of a matrix dislocation being close 

to a particle. Weatherly and Nicholson< 25 ) have in fact seen the 

beginning of coherency breakdown where some particles have dislocation 

at their interfaces \\1hile others of a comparable size do not. Furthermore, 

the precipitation of y' in the 13 a/o Al does not begin until about 850°c 

where climb is much more sluggish than~ ll50°c where precipitation begins 

in the 17 a/o Al. Any model also has to take into account the breakdown 

of coherency in the 17 a/o Al aged at 700°c after a slow cool from 1300 to 

100°c in 3 hours. What is certain is that the total strain energy of a 

particle increases with its volume but it is not easy to see how this 

affects the attraction of dislocation to the interface. Further work is 
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needed to see at what size of particle coherency breaks down during the 

cooling treatment. 

~ The last part of this chapter will be concerned with the mechanical 

properties of alloys in this condition. The alloys are characterised by 

a high rate of work hardening and for the 18 a/o Al crystal a 0.2% yield 

stress is greater than that obtained by solution treatment and ageing 

(Table III). The shear stress-shear strain curve for the 18 a/o Al crystal 

is sho~n in Fig. 52. Jones and Kelly(78) have observed a similar kind 

of stress-strain behaviour in an overaged alloy of Cu-1.8 w/o Be single 

crystals. Their initial rates of work hardening were very high and 

decreased with increasing strain. They concluded that the precipitate, 

intermetallic CuBe, was not being cut in the initial stages of deformation, 

so that the alloy was behaving like a hard particle dispersion strengthened 

metal. Eventually the applied stress reached the shear stress of the 

particles and cutting occurred giving a lower rate of work hardening. 

This model seems applicable to the 18 a/o Al crystal which exhibited a 

similar stress -strain behaviour. In this case the obstacle to cutting 

of the particles is the dislocation network at the interface. It is 

expected that cutting of the particles will occur eventually as the work 

hardening rate decreases with increasing strain in a similar way to Jones 

and Kelly's result for Cu-Be. However, in this case the cutting may be 

a result of slip dislocations bowing between the segments of hexagonal 

networks either as superdislocations or more likely as the super partials 

described in Chapter VI. The spacing of dislocations in the network is 

about 700~ and if T = Gb/e where G = 7.5. x 10 11 dynes/cm2, (37), then 
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T 37 ,500 psi which is of the righf order. 

The C.R.S.S. for this alloy as step cooled is 39,000 psi 

compared to a value of 29,000 psi for the aged alloy containing small 

particles. This is a significant increase and must be accounted for 

in some way by the bowing mechanism. The size and dispersion of the particles 

in some way have a geometry which requires higher stresses for dislocation 

bowing than a unifonn dispersion of much smaller particles. A 16 a/o Al 

crystal in the same condition did not have as high a C.R.S.S. as in the 

aged condition. This suggests that bowing is easier than in the 18 a/o 

Al crystal because the interparticle spacings are probably larger. 

Examination of the surface by optical microscopy did not reveal any slip 

lines. This is consistent with the behaviour of hard particle dispersion 

strengthened alloys. No electron microscopy was done on the 18 a/o Al 

crystal in the step c·ooled condition. (Jones and Kelly in their 

examination of the defonned Cu-Be alloy could make no distinction between 

structures with high and low rates of work hardeningJ 
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CHAPTER VI I I 

THE DEFORMATION OF POLYCRYSTALS 

8.1 Introduction 

The object of the \vork discussed in this chapter was basically 

to find out how the mechanical properties of polycrystalline Ni-Al were 

affected by composition and how they were affected by ageing time. As 

described in Chapter III the approach was to use compression samples 

to investigate the composition aspect and tensile strip samples to 

study the ageing time effect. The results have been detailed in 

Chapter IV and what are considered to be the _most pertinent results 

are discussed in the following. 

8.2 The Effect of Composition 

Compositional effects were studied merely by changing the amount 

of aluminum in the alloy from 12 a/o to 25 a/o. By reference to Fig. l, 

it is seen that this changes the equilibrium proportion of phases 

present (at 700°c) from 0 to 100%y', the precipitating phase. Again 

referring to Fig. 1 it is clear that above 21 a/o Al all the y' cannot 

precipitate from solid solution; some forms directly from the liquid. 

Thus any conclusions drawn concerning these alloys must be done so with 

this fact in mind. 

In this section an attempt will be made to account for the 

following features in the results: 

l 01 
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i) the shape of the compressive strength versus volume fraction 

y' curve and the peak strength at 0.45y'. 

ii) the increasing rate of work hardening with increasing amount 

of y'. 

iii) the decreasing ductility with increasing volume fraction y'. 

The results of compression and tensile tests are described by Figs. 57, 

58, 59, 70, 71 and 72. It will be noticed that there is a difference 

in the actual values of the peak strengths and the ageing times at which 

these occur for the two tests. It is believed that the difference in 

peak stre~gths is accounted for by the difference in grain sizes; if ky 
2in the Petch equation is taken as 2 kg/mm then the grain size difference 

accounts for about 5,000 psi which is close to the difference in peak 

·strengths. Since the ·rate of quenching in a specimen is determined by 

its thickness, the compression specimens will obviously have a lower 

quenching rate than the tensile strip specimens. From the discussion 

in Chapter V it follows that decomposition will be further advanced 

in the compression specimens thus the structure which gives peak strength 

will be reached sooner in these specimens. 

The most important aspect of these results concerns the peak 

strength coinciding v1ith a volume fraction of y' of 0.45. Most theories 

used so far in describing the mechanism of strengthening in alloys of 

this kind have not been successful in predicting the volume fraction at 

which peak strength occurs. However, in this particular case the peak 

strength may not be_governed by dislocation-particle interactions but by 
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the effect of grain boundaries. There is evidence to show that for 

alloys with 0.45y' and greater,grain boundary sliding occurs. Fig. 65 

shows the relative movement of a scratch on the two sides of a grain 

boundary in the 0,45y' alloy and Fig. 63 for a 17 a/o Al alloy sho\t1S grain 

boundary cracks. All the compression samples with 0.45y' and greater 

showed grain boundary cracks and it is believed that they were caused 

by grain boundary sliding which started at the yield point. This kind 

of cracking is sometimes known as triple point cracking because it is 

initiated at the point of intersection of three grains. A further 

important piece of evidence comes from the compression tests on single 

crystals. Over the range of compositions use_d the strongest crystal was 

the one containing most y', the 18 a/o Al crystal with 0,55y~ From 

this evidence it is probable that the fall in strength above 0.45y' is 

caused by grain boundary sliding and not some dislocation-particle 

interaction on the slip plane. As pointed out in Chapter VI the yield 

strength of high volume fraction single crystals may depend on the bowing 

of single dislocation sources which are forced to cut closely spaced 

particles thus creating an APB. For polycrystalline alloys it is possible 

that grain boundaries provide superdislocations and obviate the necessity 

for Frank-Read type sources. 

In precipitation hardened alloys grain boundary cracking is 

sometimes due to precipitate-free zones on each side of grain boundaries. 

These regions are thought to slip profusely, work harden and cause cracks. 

However, in this alloy there is no evidence of these zones. It is believed 

that because the matrix becomes stronger with the increasing amount of y' 
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the yield strength of the alloy eventually reaches the shear ·strength 

of the grain boundary so that sliding occurs at the boundary. Sliding 

along t1\lo boundaries which meet at a third can result in crack fonnation 

at the third boundary - the so called triple point .cracking. This sliding 

could be accommodated by several slip systems operating close to boundary 

(5 are necessary to accommodate changes in grain shape) but there is 

no evidence for this in the high volume fraction alloys. On the other 

hand the low volume fraction alloys accommodate shape change easily; 

Fig. 64 shows profuse slip near grain boundaries in the 14 a/o Al alloy. 

Slip lines are seen in the high volume fraction alloys indicating 

that the yield stress of the grain~ has been exceeded. This could occur 

by stress concentrations resulting from grain boundary sliding. The 

mechanism of grain boundary sliding is not well understood but it is 

believed to be due to ·grain boundary dislocations, (at least at room 

temperature), which probably have different Burgers vectors than matrix 

dislocations. However, it is not unlikely that they could act as sources 

for slip in the matrix. 

Although this model can show why the yield stress reaches a 

maximum in the polycrystals before the single crystals it does not 

account for the fact that the strength begins to fal.l off as the volume 

fraction is increased beyond 0.45y. Thus grain boundary sliding occurs 

at lower stresses as the amount of y' increases. It is not clear at 

present how the model of grain boundary sliding can account for this 

observation. However, it should be noted that the yield stress of 

alloys containing y 1 grown from the melt will be lower than the peak 
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strength. The reason for this is that it is expected that y' grown 

from the melt will contain grown-in dislocation (possibly superdislocations) 

whereas y' particles nucleated from solid solution do not. Since it 

is known that the yield stress of pure Ni 3Al is low (-11 ,000 psi) 

dislocation multiplication will occur at a lower stress and hence the 

yield stress will be lower as the alloys are mainly y'. Fig. 62 s~ows 

slip lines in an alloy containing massive y' (i.e. gro\.lrn from the melt), 

\'Jhich appear to have common slip planes in matrix and particle. It is 

possible that the dislocations giving rise to the slip lines originate 

in the y' particles. 

The initial increase in strength with volume fraction is rapid 

foJlowed by a slower rate of increase up to the peak strength. This 

behaviour is in distinction to that for single crystals where the 

increase appears to b~ linear over the range studied (Fig. 83). This 

emphasizes the need for caution in using polycrystalline data to fit 

theories for the strength of alloys since it is the critical resolved 

shear strength which is calculated. Mechanisms describing the strength 

increase use paired dislocations in this problem, the distance between 

pairs being a function of particle size and distribution. Qualitatively 

this can explain the strength increase with volume fraction y' in the 

same way the strength of single phase ordered alloys as a function of 

order is explained. At low volume fractions paired dislocations are 

widely separated because the amount of APB being generated is small. As 

the volume fraction of y' increases the increased size of the particles 

restricts the first dislocation so that the second one presses closer. 
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At the same time the amount of APB being formed as the first dislocation 

cuts the particle, is larger and thus the stress required for slip 

increases. As the second dislocation presses closer to the first one 

it exerts a repulsive force which adds to the applied stress and tends 

to decrease the yield stress. Thus there will eventually be a 

balance when the repulsive force increase with volume fraction equals 

the resistance force due to the formation of APB. It would be expected 

that the dislocation would be in the same particle when this occurs. 

Fig. 12 for the 14 a/o Al crystal shows the dislocation pairs more widely 

spaced than for the 17 a/o Al in Fig. 30 as is expected. A fall off in 

strength occurs when the repulsive force effect becomes greater than that 

due to the APB. This is effectively very similar to Gleiter and Hornbogen 1 s( 42 ) 

approach. 

The work hardening increases with increasing volume fraction 

and becomes very high with high volume fractions (Fig. 58). Foll owing 

the idea of Chapter VI regarding the effect of cross-slip in y' particles, 

the greater the volume fraction y' the greater the chance of cross-slip. 

Since current theories of work hardening in L1 2 alloys successfully use 

the cross-slip mechanism it seems appropriate to invoke it here. Cross

slip tends to produce a sessile dislocation since the ends of the cross

slipping segment are effectively pinned at the y/y 1 interface. The work 

hardening rate will then increase with volume fraction of y 1 There is• 

some evidence that cross-slip around particles is easy in low volume 

fraction alloys as shown by the slip lines on the surface of the 14 a/o A 

alloy (Fig. 60) which cross from one slip line to another in one area. 
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Slip markings of this kind were not observed on any of the higher volume 

fraction alloys. 

It is possible that in the very high volume fraction alloys the 

particles are incoherent which the single crystal work has shO\vn to 

result in a high rate of work hardening. Fig. 69 (21 a /o J\l) shows 

irregular particle shapes as seen in the single crystal incoherent alloy 

while Fig. 67 and 68 (17 a/o and 20 a/o Al respectively) show more 

regular shapes characteristic of coherent alloys. 

The ductility of tensile samples decreased with increasing 

volume fraction as shown in Fig. 72. Since slip is profuse in grain 

boundary regions rapid work hardening will occur in these regions. As 

the work hardening rate is a function of volume fraction the work 

hardening will be greater for alloys with a higher volume fraction. 

The fracture stress is thus reached sooner as the volume fraction 

increases. This model is very similar to that for precipitate free 

zones as outlined by Kelly and Nicholson(~) In this case however, there is 

some deformation in the grains and hence some elongation. 

8.3 The Effect of Ageing Time 

On ageing solution treated alloys there is an initial rapid rise 

in strength, followed by a slower rise to peak strength, then overaging. 

Fig. 71 shows that for tensile strip samples this occurs after 6 hours 

at 700°c. Theories of strengthening try to account for this behaviour 

in terms of particle-dislocation interaction which depend on size and 

dispersion of particle, it being assumed that the volumefracttn rema ins constant. 
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From the discussion in Chapter V we believe that there is an increase 

in volume fraction of the precipitating phase but it is small and 

insufficient to account for the magnitude of the strength increase. 

Gleiter and Hornbogen< 42 ) have taken account of the possibility 

that L.R.O. in the particles increases with ageing time and believe 

that it can cause a strength increase. However, they did not directly 

measure the magnitude of the effect. Brown and Ham< 29 ) derive an 

equation which shows that the increase in strength due to coherent 

ordered particles is directly proportional to the APB energy. Since 

APB energy depends on the L.R.O. in the particles this latter parameter 

is very important. 

The results of measurements of L.R.O. shows that it increases 

with ageing time. Since the L.R.O. determines the intensity of super

lattice 1 ines obtained by diffracting an X-ray beam the intensity 

of a 100 line was measured as a function of ageing time for a 16 a/o Al 

single crystal. The results which are given in Fig. 75 show how the 

intensity of the 100 line increases with ageing time (rapidly at first, 

and more slowly thereafter). The intensity at very long ageing times 

was not established. The increase in the APB energ~ which is directly 

proportional to the intensity of the 100 line 1 is greater than the increase 

in strength. For example the strength increases by a factor of about 1/3 

between 1 hour and 6 hours while the superlattice intensity increases 

3 times. Thus it seems that while the major part of the increase in 

strength can be attributed to an increase in APB energy through the L.R.O. 

parameter, there is also a mechanism which contributes a decreasing part 
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to the strength. Following the disc~ssion of the first section in this 

Chapter it is s~ggested that this occurs because the increasing APB 

energy causes the pair spacing to decrease so that the repulsion of the 

second dislocation on the leading dislocation ~ids the applied shear 

stress. Overageing occurs when this latter effect begins to predominate. 

The results of this section show the difficulty of attempting 

to obtain values of the APB energy from measurements of particle size 

during initial stages of ageing. This Brown and Ham< 29 ) do using 

published results in the literature and from the above results their 

method of obtaining the APB energy in this way is questionable. 

To summarise this Chapter it has been shown that grain boundaries 

can have a pronounced effect on the mechanical properties of Ni-Al alloys. 

They change the relation between strength and volume fraction of y' 

· and induce embrittle'ment. The volume fraction of y' affects the strength 

of the allo~ its influence being controlled by the ageing time. The most 

important result of the latter is the effect on L.R.O. which in turn 

affects strength through the APB energy. Current theories do not seem 

to be sufficiently v1ell developed to predict the effect of volume fraction 

and ageing time. 
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CONCLUSIONS 

1. 	 The volume fraction of y' affects the C.R.S.S. of single crystals and 

determines their macroscopic deformation behaviour. The C.R. S.S. 

is almost linear from 0.1 to 0.55 volume fraction y'. 

2. 	 The presence of stacking faults bounded by unusual partial dislocations 

(a/3 <112>) has been detEcted in large y' particles. These large 

particles could affect the strength of the alloy by acting as barriers 

to dislocations, resulting in a high rate of work hardening. (The 

particles were eventually cut when a critical stress was reachedJ · 

3. 	 The coherent particles of lµ in size became semi-incoherent either 

after prolonged ageing and on cold working. 

4. 	 Incoherent particles of y' were formed by prolonged slow cooling from 

a high ternperat~re. The dislocation networks at the interface were 

analysed to be of the type a/2 <110>. 

5. 	 Both the strength and work hardening rates of alloys containing 

incoherent particles were high. 

6. 	 The strength of polycrystals increases with volume fraction y' to a 

maximum at 0.45 y', but not linearly as in single crystals. Grain 

boundaries appear to play an important role in the mechanical properties 

of these alloys. They cause the peak strength to occur at a lower 

volume fraction of y' than for single crystals and cause embrittlement(l 5). 

7. 	 The strength of polycrystals increases with ageing time to a maximum 

after 6 hours. The major source of this increase is due to an i~crease 

in the degree of order in y' particles. 
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TABLE I 

Spectrographically pure nickel - Johnson Matthey 

Element ppm 

Iron 7 

Silicon 4 

Aluminum 1 

Magnesium 1 

Calcium <l 
Copper <l 
Silver <l 

Spectrographically pure nickel - Materials Research Corporation 

Element ppm 

Carbon 17 

Oxygen 18 

Nitrogen 3 

Iron 12 

Tin <4 
Chromium 1.5 

Tungsten 1.5 

Spectrographically pure aluminum - Johnson Matthey 

Element ppm 

Magnesium 10 

Iron 2 

Copper <l 



TABLE II 


Compositions of Alloys 

a/o Al w/o Al "'Joy 1 (7oo0 c) v /oy 1 (7oo0 c) 	 Grain Size 
Compress ion Specimen, mm 

12 5.9 0 0 	 0.51 

12.5 6 .16 4.2 4.55 	 0.57 

13 6.43 8.55 9.25 	 0.65 

13.5 6~69 . 12. 74 13.7 	 0.7 

14 . 6.96 17 .1 .18.4 . 	 0.67 

14.5 7 .23 . 21.4 22.85 	 0,85 

15 7.5 25,8 27.5 	 0.59 

· 1.o 15.5 7. 77 30. l 31. 9 

16 8.05 34.7 36.7 	 0,74 

16.5 8.31 38.8 40.8 	 0.74 

17 8.6 43.5 45.5 	 0.59 

17.5 8.88 48 50 	 0,78 

18 . 9 .16 52.5 54.6 	 0.5~ 

19 9 .73 62 64 0.61 

20 10.3 . 71 72.5 0.74 .· 

21 10 .88 . 80 81.4 0.41 

22 11.47 · 90 90.8 0.44 

25 13.29 100 100 0.23 



TABLE IV 

Analysis of Partial Dislocations Bounding Stacking Faults 

· Values of g. b and g. R 

Partial Dislocation 1 Partial Dislocation 2 Stacking Fault 

g b = a/3 [2lTJ b = a/3 [l'21J R = a/3 [lllJ 

020 

131 

, 22"0 

-2/3 visible 

0 invisible 

2 visible 

-4/3 invisible 

2 visible 

2 visible 

~ 
21T 

d 

visible 

invisible 

invisible 

Criteria 

For dislocations if g.b = o, 1/3, 4/3, invisible 

g.b = 2/3, 1, 2 visible 

For stacking faults if g.R =0,1,2 invisible 

all other values visible 



TABLE II 


Compositions of Alloys 

a /o A1 w/o Al w/oy 1 (7oo0 c) v/Oy I (7oo0 c) 	 Grain Size 
Compression Specimen, mm 

12 5,9 0 0 	 0.51 

12. 5 6 .16 4.2 4,55 0.57 

13 6,43 8,55 9.25 0,65 

13.5 6,69 12. 74 13. 7 	 0,7 

14 6.96 17. 1 18 .4 	 0,67 

14.5 7.23 21.4 22.85 	 0,85 

15 7.5 25.8 27.5 	 0.59 

15.5 7. 77 30.1 31.9 1.0 

16 8,05 34.7 36.7 0.74 

16 .5 8.31 38.8 40.8 	 0.74 

17 8.6 43.5 45.5 	 0.59 

17.5 8.88 48 50 	 0.78 

18 . 9 .16 52.5 54.6 	 0,59 

19 9.73 62 64 0,61 

20 l 0.3 . 71 72.5 0.74 . 

21 l 0.88 80 81.4 0.41 

22 11 ,47 90 90.8 0,44 

25 13.29 100 100 0.23 



> 

TABLE VI 

L.R.O. in Splat Cooled Ni 3~ 

Lorentz CalculatedSinehkl Sine 	 fN'1 f Al IFl 2 
p Polarisa- Intensity

A tion 
100 	 .217 .14 25 .16 10.21 215 6 39.82 51.2 x 103 

3110 .306 .198 21.37 9.21 148 12 18.55 32. 9 x 1 o

200 .434 .277 18.8 8.2 4180 6 8.184 206 x 1 o3 

220 .613 .398 15 .34 6.8 2800 12 3.577 77.2 x 103 

1200 	 1220Calculated: =4 =2.35
1100 1110 


1200Splat cooled: = 7.35 s = .74 
I100 

1220 =4.45 s = •731110 
1200After 700°c =5.75 s = .84 .3 hours . 1100 

I220 =2.53 s = .961110 



,• 

TABLE V 

Analysis of Burgers Vectors of Dislocations at Interfaces 

Of Incoherent Particles 

Di sl ocat ion- . Visible Invisible Direction Spacing~ 

Fig. 47(a) 020 a/2[0Tl J a/2[TI OJ a/2[10TJ [llOJ 715~ 

Fig. 47(b) 200 a/2[1 OTJ a/2[TI OJ a /2[0TI J 

Fig. 48{a) 020 a /2[011 J a/2[TI OJ a/2[1 on 
Fig. 48(b) . 200 a/2[1 OTJ a/2[TI OJ a/2[0TlJ 

Fig. 49(a) 1T1 a/2[0T1J a/2[10TJ a/2[11 OJ [11 OJ 765~ 

Fig. 49(b) n1 a/2[TI OJ a/2[1 OTJ a/2[0TlJ 



Appendix B 

Oriani's( 20) equations (4) and {7) are as follows, 

XBB 	 ln XBB XBa:,i + (1 - xB8) ln (1 - xB8)(1 - XBa:,i) 


~ XBB,1 XBa: (1 - XBB,i)(l - xBa:) 


(4) 

. ln x B (1 - x S,i)
B B 

l2[V a: (V 8 - V 8) - V 8 (V a: - V a:) + V 8 - V 8 }m 	 B A m B A B A . 
. [V a:J2 (AV/V a:) V B 

(7) 

m m 	 m 

where 	 B represents a coherent particle in matrix a: and 

vm8 relaxed molal volume of phase e 
Vma: relaxed molal volume of phase a: 

A V =V B - V a: m m 
-a: 	 -8 ( )VA , VA partial molar volume of atom A Ni in a: and B 


phases respectively. 


-a: rrB 'l ()
v8 , part1a molar volume of atom B H in a: and B phasesv8 

respectively. 




x's are mole fractions and the superscript i refers to 

the incoherent equilibrium. 

G shear modulus of matrix 
a: 

K compressibility of particle6 

RT usual meaning 
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Fig. 1: Nickel-aluminum phase diagram (Hansen). 



Fig. 2: Ll 2 lattice for Ni 3Al(y'). Brown balls at faces nickel atoms, 

. green balls at corners aluminum atoms. 



Fig. 3: Crysta l growing apparatus . 





Fig. 4: Detailed schematic of crystal growing apparatus. 
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FIG. 5 : Ori·entotion of single crystals, longitudinal axis. 



INTENSE 
SLIP BAND 

FIG. 6: Sketch of 14 o/o Al after 4.5 °/o strain. 
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Intense slip band 
Approx. 0.07" wide 

Structure over most of 
crysta 1 

Fig. 7: Micrograph of surface of 13 a/o Al single crystal, aged 700°c, 6 

hours after 3.5% compressive strain X80 
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FiG. 8: Compression: load-extension curves for single crystals, aged at 700°C. for 6 hours. 
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) 

FIG. 9: Shear stress-shear strain curve for 14 o/o Al single crystal. 

Aged at 700°C. for 3 hours. 



(a) 

(b} 

Fig. 10: 	 Back reflection Laue of 13 a/o Al single crystal aged 700°c 
for 6 hours, after 3.5 %compressive strain. (a) at intense 
slip band (b} away from intense slip band. 



l 
.2" ORIGINAL SHAPE 

.,,,. ------ .....,l /" ' 

FINAL SHAPE 

(Ill) Slip 

FIG. 11 : Shape of 14 o/o Al single crystal (No. 2) after 15 °/o 

compressive strain. (Not to scale). 



Fig. 12: 	 Bright field electron micrograph of 14 a/o single crystal (No. 2) 

.aged 7000 C for 3 hours, after total compressive strain of 20%. 

{111) section X60,000 



Fig. 13: Dark field electron micrograph from superlattice reflection of 

foil in Fig. 12. X35,000 



• 

Fig. 14: 	 Back reflection Laue from (111) section of 14 a/o Al single 

crystal (No. 2) aged 700°c, 3 hours after total compressive 

strain of 20%. 



· FIG: 15: Sketch of 16 o/o Al crystal show Kink bands. 



Kink band 2 Kink band 1 

Fig. 16: Micrograph of surface of 15 a/o .Al single crystal aged 70o0 c 

for 6 hours, showing kink bands. XBO 



---- ------------

Fig. 17: Back reflection Laues from surface shown in Fig. 16. 
(a) to the right of kink band 1 
(b} inbetween kink bands 1 and 2 
(c) to the left of kink band 2 
Orientations (a) and (c) are identical. 



(a) 

(b) 

(c) 



Laue (a) • 
Laue (b)- + 

Rotation about ( 112) pole to bring 
spots into coincidence 12° 

X+(_IOI) 

4 
• Axis of crystal face 

STEREOGRAPHIC PROJECTION 
' 

FIG. 18> 	 Stereographic projection: Showing rotation across a kink band 
with axis of rotation 012] direction. 15 °lo Al single crystal. 



Fig. 19: Back reflection Laue taken directly on kink.band at surface 

{cf. Fig. 17). 



Fig. 20: Transmission electron micrograph of section from 15 a/o Al single 

crystal aged 700°c 6 hours. Section nearly perpendicular to 

X8,000kink band. 



\ 
~ 

\ 

Fig. 21: Electron diffraction patterns showing shift in Kikuchi lines 

denoting change in orientation on crossing clear zones (see 

Fig. 20). 



Fig. 22: 	 Transmission electron micrograph from (111) section of 15 a/o Al 

single crystal aged 700°c for 6 hours showing dislocation pairs 

in pile-ups associated with kink bands. X8,000 



Fig. 23: Back reflection Laue of section used in electron microscopy 

of kink bands (see Fig. 20). 



(a) 

(b) 

Fig. 24: Optical micrographs of 17 a/o single crystal aged 700°c for 
6 hours after 2% compressive strain. (a) X7 (b) X20 



·':

Compression 

Axis 


FIG. 25: Sho pe of 17 o/o Al single crystal after 28 °/o 

compressive strain. (Not to scale). 



Fig. 26: Surface _slip line structure of 17 a/6 Al single crystal aged 

100°c for 6 hours and compressed 4%. X80 



• 	
(a) 

(b) 

Fig. 27: 	 Back reflection Laues on surface of 17 a/o Al single crystal 
aged 700°c for 6.hours after 12% compressive strain. (a) 
·on slip band (b) outside slip band. 



• 

Fig. 28: Back reflection Laue on (Ill) section of 17 a/o Al single 

crystal .aged 700°c for 6 hours after 28% compressive strain. 



Fig. 29: 	 Transmission electron micrograph of (111) section from 17 a/o 
single crystal aged 100°c for 6 hours after compressive strain of 
28%. X25,000 



Transmission electron-micrograph of section perpendicular to Fig. 30: 
(111) slip planes of 17 a;o Al single crystal aged 700°c for 
6 hours after 28% compressive strain. · X35,000 



----------

Fig. 31: 	 Dark field electron micrograph using superlattice refl ection 
from foil in Fig. 30. Showing shearing of particles by 
dislocations. X35,000 





Fig. 32: 	 Transmission electron micrograph of section perpendicular to 

(lll) slip planes of 17 a/o Al single crystal aged 700°c for 

6 hours after 28% compressive strain. Xl0,000 



Fig. 33: Carbon replica of surface of 17 a/o Al single crystal, aged 

700°c 6 hours, after 12% compressive strain. X60,000 



Fig. 34: Carbon replica of (100) section from 17 a/o Al single crystal 

slow cooled from 1300 to 700°c in 3 hours. X20,000 



~ig. 35: Carbon replica of (111) section from 17 a/o Al single crystal 

slow cooled 1300°c to 700°c in 3 hours. Xl6,000 



Fig. 36: Transmission electron micrograph of (100) section fro~ 17 a/o 

Al si_ngle crystal slov1 cooled from 1300°Cto 100°c in 3 hours. 

X35,000 



Fig. 37: 	 Transmission electron micrograph of (111) section from 17 a/o Al 
single crystal slow cooled 1300-700°c in 3 hours and compressed 
2% ~train. Showing overlapping 6-fringes. X24,000 



Fig. 38: Transmission electron micrograph of (100) section from 17 a/o Al 
single crystal, slow cooled 1300 to 700°c in 3 hours and compressed 
5%. X35,000 
A - dislocations at interface 
B - strain contrast 



Fig. 39: 	 Transmission electron micrograph of (100) section of 17 a/o Al 
single crystal, slow cooled 1300 to 700°c in 3 hours, 
cold rolled 3%. X35,000 

A- slip dislocations on 2 systems meeting at particle interface 



Fig. 40: Transmission electron micrograph of (100) section from 17 .a/o Al 

crystal, slow cooled 1300 to 700°c, cold rolled 3%. X35,000 

A - dislocatio~ in narrow channel between particles in a 

cluster. 



Fig. 41: 	 Transmission electron micrograph of (100) section from 17 a/o Al 
single crystal slow cooled 1300 to 700°c in 3 hours, cold 
rolled 3%. 
Showing eftect of 3 different reflection conditions on visibility
stacking fault and boundary partial dislocations. X35,000 





Fig. 42: 	 Dark field electron micrograph from 020 reflection of (100) 

section of 17 a/o Al single crystal, slow cooled 1300 to 700°c 

in 3 hours, cold rolled 3%. X35,000 



Fig. 43: 	 Transmission electron micrograph of (lJl) section from 17 a/o Al 
single crystal slow cooled 1300 to 700 C in 3 hours, cold 
rolled 3%. 
A - dislocation pile-up 
B - constrictio~ of 2 unit dislocations to give superdislocation 

in y' particle. 





·-- - - - ---  -

Fig. 44: As Fig. 43 showing shearing of particle by dislocations 
slip plane. 

on 





Fig. 45: Carbon replica of (100) section of 17 a/o Al single crystal, 

slow cooled 1300 to 700°c in 3 hours and aged 4 weeks at 700°c. 

X25,000 



Fig. 46: 	 Transmission electron micrograph of {100) section from 17 a/o Al 

si.ngle crystal slow cooled 1300 to 70o0 c in 3 hours and aged 

4 weeks at 700°c. X20,000 



Fig. 47: Optical micrograph of (100) section from 17 a/o Al single 

crystal, step cooled 1300 to 700°c over 3 weeks. X750 



Fig. 48: Transmission electron micrograph of (100) section of 17 a/o Al 
single crystal step cooled 1300 to 100°c over 3 weeks. 





Fig. 49: Transmission electron micrograph of (100) section from 17 a/o Al 
single crystal step cooled 1300 to 700°c over 3 weeks. 

(a) 020 reflection (b) 200 reflection 



(a) 

(b) 



Fig. 50: Transmission electron micrograph of (100) section from 17 a/o Al 
single crystal step cooled 1300 to 700°c over 3 ~1eeks. 
(a) 020 reflection (b) 200 reflection 



(Cl) 

{b) 



Fig. 51: Transmission electron micrograph of (112) section from 17 a/o Al 
single crystal step cooled 13000 to 7QOOC over 3 weeks. 

(a) 111 reflection (b) 111 reflection 



(CL) 

(b) 
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Shear stress- shear strain for 18 °/o Al single crystal. 


Slow cooled 1300°-700°C. in 3 hours . 




Fig. 53: Optical micrograph of surface of 18 a/o Al single crystal 

slow cooled 1300 to 700°c in 3 hours. X400 



Fig. 54: Transmission electron micrograph of 18 a/~ Al single 

crystal slow cooled 1300 to 700°c in 3 hours. X32,000 



Fig. 55: 	 Transmission electron micrograph of (100) section from 

17 a/o Al single crystal step cooled 1300 to 700°c over 

3 weeks. X35,000 

A - coherent particle 

B - incoherent particle 



Fig. 56: Transmission electron micrograph of 13 a/o Al single crystal 

step cooled 1300 to 700°c over 3 weeks. X35,000 
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Fig. 60: Optical micrograph of 13 a/o Al polycrystalline alloy aged 

700°c ~ hour compressed 1%. X160 

Fig. 61 · Optical micrograph of pure Ni Al · polycrystalline a.lloy
3

compressed 1%. X288 



Fig. 62: Optical micrograph of 11 a/o Al polycrystalline alloy 

compressed 1.3%. XlOOO 

Fine slip lines 



Fig. 63: 	 Optical micrograph of 19 a/o Al polycrystalline alloy 
aged 700°c ~hour, compressed 1%. X160 
Grain boundary cracking_ 

Fig. 64: Optical micrograph of 14a/o Al polycrystalline alloy aged 100°c 
~ hour, compressed 1%. Defonnation in grain boundary regions. X160 



Fig. 65: Optical micrograph of 17 a/o Al bicrystal aged 700°c 6 hours. 
Compressed 2%. Grain boundary sliding X23 

Fig. 66: Optical micrograph of 21 a/o polycrystailine alloy aged 700°c 
~hour compressed l .5%. Xl60 



Fig. 67: Electron micrograph carbon replica of surface of 17 a/o Al 
polycrystalline alloy aged 700°c 1 hour. X26,000 

Fig. 68: Electron micrograph carbon replica of surface of 20 a/o Al 
polycrystalline alloy aged 700°c 1 hour. X8000 



Fig. 69: Electron micrograph of carbon replica from surface of 21 a/o Al 

polycrystalline alloy aged 700°c for 1 hour. X8000 
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Fig. 73: 	 Transmission electron micrograph of 16 a/o Al polycrystalline 
alloy. Dark field from superlattice line. 
(a) Aged 700°c 1 week X50,000 


(b} Aged 700°c 3 weeks X26,000 
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FIG. 74: 	Long · range order measurements on (100) section . 

from 16 °/o Al single crystal. 
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FIG. 75 : y' particle sizes for 16.5 o/o aged at 700°C. 



(a) 

. ( b) 

Fig. 76: 	 Transmission electron micrographs . of 21 a/o Al alloy splat 
cooled. Dark field superlattite reflection. 
(a) Splat cooled X55000 · 

{b) Splat cooled and aged 700°C 3 hours X35000 




Fig. 77: Electron micrograph of 16 a/o Al water quenched. X40,000 
. ' 

·.. 
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FIG. 78: Free energy versus composition diagram for Ni-Al alloys
I . 


showing compositions where r forms on guenching (schematic). 
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FIG. 79: Dislocation structure of Kink bonds. 
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(a} 

(b} 

Fig. 81: 	 Ball model to illustrate formation of stacking faults 

in Ni Al without APB. Red-aluminum, blue-nickel.3
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Fig. 82: Ball model to illustrate formation of stacking faults 

in Ni 3Al without APB. Red-aluminum, blue-nickel. 
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