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Abstract

In this thesis, experiments designed to elucidate properties of polymer molecules in

confinement are described. Here, confinement means that some dimension of the

space in which the polymers are placed in is comparable to the size of the molecules

themselves. This smallest dimension is typically a few to ten times the molecular

size, which for the polymer molecules described here is normally in the range of tens

to hundreds of nanometres.

In most cases, the experiments were designed around the concept that nature

tends to minimize the surface area of a liquid. The most important results are those

concerned with the levelling of a stepped film’s height profile. Films are prepared

such that their height profiles are well described by a Heaviside step function and to

a good approximation, they are invariant in one dimension. The temporal dependence

of the levelling gives rheological information about the molecules making up the

stepped films. For the range of heights that is much larger that the typical size

of molecules making up the film, we use classical hydrodynamics to model the flows

in these stepped films. Having measured the temporal and geometric dependence of

the energy dissipation in time, we find that the hydrodynamic models are in excellent

agreement.

Apart from the liquid state evolution of stepped films this thesis also contains

material concerned with non-equilibrium properties of thin polymer films. A common

method of preparing films is spin coating. This violent process can leave polymer

chains in non-equilibrium configurations. We have made measurements addressing

the questions: what are the conformations of as-cast, spin coated polymer chains?

Furthermore, if we anneal as-cast films, how long does it take for the polymer chains

to relax to an equilibrium? We found that polymer chains are strongly stretched by

the spin coating process, and that it takes about one bulk polymer relaxation time to

lose memory of the preparation procedures for our films prepared on mica. In related

experiments, we confined molecules to films thinner than a typical length scale for

the polymers, then made bilayers out of such films. This creates what we refer to as

an entropic interface, across which polymer chains suffer a reduction in entropy due

to their inability to explore some conformations. We find that this entropic interface

heals on a time scale that is much faster than one bulk polymer relaxation time.
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Preface

This is a ‘sandwich’ thesis, based on papers published or submitted during my PhD

work. As an introduction, the first two chapters consist of an overview of the con-

cepts required to understand the works presented in the papers (see Appendix) and

some details concerning the sample preparation and analysis. It is hoped that the

second chapter will be useful to those who consider performing crazing or stepped

film levelling experiments. Chapter 3 contains descriptions of the published or sub-

mitted works, and specifically addresses my contributions to each of them. For these

projects in which I was the main contributor, manuscripts are included in the Ap-

pendix. Additionally, I have been involved with projects in which I was not the main

contributor. These are also outlined in a second appendix, but are not included in

this thesis.
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Chapter 1

Introduction

Brownian motion can occur when a particle is continuously subjected to small nudges

in random directions due to thermal fluctuations. In a particular simple case the

particle is being pushed by its neighbours in a dense ensemble of identical particles,

as in a viscous liquid. In this case the nudges are small in the sense that the reaction

of such forces is not so large that the particle moves a distance comparable to its

size before being slowed by viscous dissipation, that is, before being nudged in a

completely new direction. Thus, continuously by small amounts but steadily, the

particle is randomly pushed to and fro. Eventually it escapes its local environment

and finds new neighbours.

A complication can be introduced by permanently attaching particles together.

If almost all of the particles are given two permanent neighbours (and disallowing

for the possibility of triangular couplings), our simple liquid becomes a sea of long

chain-like molecules. Thus, every time a particle is pushed, it must drag along its two

neighbours, which in turn must drag along their other neighbours, and so on. At first

sight this problem may seem intractable, but it is the problem of polymer physics.

While there is indeed much to be learned, we do have a considerable knowledge

concerning these systems [1,2]. Nevertheless, some new insights into the problems of

polymer physics are contained in this thesis.

Given that particles, the monomers, are constrained by being attached to two of

their neighbours, one expects that the time it takes to find new, unattached, neigh-

bours would be much longer than in the simple liquid case. In fact, synthetic chemists
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can now easily make chains that have 104 monomers, such that the times taken for

all monomers to find new neighbours in a melt of identical chains is approximately

1010 − 1012 times longer than for the monomeric liquid case [1–3]. This enormous in-

crease in time scales for relaxation means that polymer liquids are highly viscous [4].

In addition, polymer systems have many other properties that make them distinct

from monomeric solids or liquids.

In numerous cases, the distinction between polymeric materials and regular mono-

meric materials arises because of interactions called entanglements [1–3,5–7]. Entan-

glements are the collections of interactions between two different chains that disallow

polymer chain backbone crossings. As will be seen throughout this thesis, entangle-

ments manifest themselves in many ways. Chief among them is through the viscosity

of a polymer liquid that inhibits a flow induced by surface tension. However we will

see several other examples: the arrangement of the entanglements within a system,

and the chain statistics between the entanglements play an important role in the

observed behaviour of a polymer system.

Moving away from bulk, macroscopic liquids, we must make a distinction between

molecules near a surface and those within the liquid. The difference is that, at a

surface, the molecules are missing some of the neighbours [8, 9] they would have had

in the bulk. Thus, these surface or interface molecules are in a different energy state

as compared to their counterparts within a bulk liquid. As such, we may expect that

the surface molecules will act quite differently. This difference is important in many

industrial applications and in nature.

There are many unanswered questions concerning the topic of polymers at sur-

faces and interfaces. Most of the experiments described in this thesis are motivated

by a desire to understand the properties of interfacial polymers. Using polymers

to study molecular interfaces has several practical advantages because polymers are

much larger than typical molecules. The most important idea is that by virtue of

the huge number of monomers in a polymer chain, the specific chemical makeup of

the monomers is less important than the very fact that the molecules are just long.

It has been shown [1, 10] that this universality allows fairly general statements to

be made about observed polymer behaviours, even if we mostly use polystyrene as

a model system in the work presented in this thesis. Second, polymer molecules are

2
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relatively easy to confine because of their size. Thus, in the study of systems with

sizes comparable to the constituents, polymers make great candidates. On a more

technical note, polymers are not volatile under the conditions in which they are used

here. As such, the volume of our systems remains constant with time.

In this thesis, when experiments are not directly probing the properties of poly-

mers at surfaces (e.g. chain configurations), the observations made are heavily influ-

enced by a surface or interfacial tension. Specifically, surface tension can provide a

driving force inducing a flow when the topography is non-uniform. Thus, we have

entanglements that inhibit flow, and a surface tension that drives it. This interplay

forms the basis on which the hydrodynamics discussed herein is developed.

In the following sections, all of the topics that have been addressed in this short

introduction will be developed in more detail. We start with a general introduction

to polymers in the melt, then move to a short discussion on polymers in solution.

Some of the relevant interfaces here are between different blocks of single co-polymer

chains, so a description of these exotic molecules will be given. It will be seen that

if the polymer chains are long enough, entanglements start to dominate the observed

physics and several implications will be discussed. A section devoted to the topic

of surface tension follows, then some thin film hydrodynamics (using the lubrication

approximation) in various geometries is presented. These topics form the basis of the

first chapter. In the second chapter, details of experimental procedures are given, and

then some particular analysis methods are described as they are not fully explained

in the manuscripts presented at the end of the thesis. Chapter 3 gives an overview

of these papers, and in particular details my specific contributions to them. There

is a final section that discusses the conclusions that may be drawn from the papers

presented. Some outlook is also given, in particular where this refers to the studies

of the hydrodynamics of stepped polymer films. An appendix contains the published

or submitted manuscripts. Before continuing with a discussion of the physics of

polymers, however, a short description of the specific projects presented in the Papers

will be given.

3
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overview of the papers

It can be said that this thesis is (almost) all about surface and interfacial tension.

With the exception of one experiment presented here, surface tension drives all of

our polymer surfaces to be flat. Additionally, interfaces that exist as a result of

surface tension act as uncrossable boundaries for polymer chains, thus affecting their

entanglement networks. Surface and interfacial tensions are at the root of all the

driving forces in the dynamical experiments presented here. In the simplest case, we

have a polymer film with a step in the height profile,

h(x, y) = h1 + h2Θ(x) . (1.1)

Θ(x) = 1 if x > 0 but equals zero otherwise. Over the range of distances that we

measure, it can be assumed that this step is infinitely wide in the y-direction, and

that the flat regions extend to ±∞ in the x-direction. When these films are heated

to above the glass transition (polystyrene with Tg ≈ 97 ◦C is used), surface tension

drives a flow that levels out the step. The levelling occurs because this decreases the

surface area, thus decreasing the energy of the system. This is the work presented in

Papers 1.i, 1.ii and 2.i, 2.ii. It will be shown that understanding this system provides

a versatile tool that can be used for the study of polymers at surfaces and interfaces.

In Paper 2.iii, this stepped surface is changed such that we assume the surface to be

flat everywhere except for a small spherical cap sitting on an identical fluid. This

spherical cap also has an excess in the surface area and as before the surface tension

drives a flow for flattening to occur. The thickness of the bottom layer is changed

and we see a power law crossover in the dynamics.

Paper 1.iii deals with another surface tension driven flow in which the surface is

shaped like a toroidal section. The surface breaks up into a collection of droplets as

water would after falling out of a faucet, this is the Plateau-Rayleigh instability. The

novelty of this system is in the toroidal nature of the structure, which offers an alter-

native energy minimization route – the torus can just close up if the geometry is right.

Paper 1.iv sees the polymer tori composed of molecules called diblock copolymers.

These are molecules composed of two linear blocks of distinct chemistry. Under our

experimental conditions the diblocks phase separate into lamellar structures; how-

4
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ever, defects inevitably exist. By using the toroidal shapes, we have found that we

can elucidate how these defects interact with one another. Paper 2.iv is a theoretical

study of the lamellar defects in isolation.

Papers 1.v and 1.vi are not about surface tension. Here we undertake to study

the entanglement networks in various polymer films. We investigate the effect of

blending short chains with long chains on the entanglement network. It is found that

short chains can act as a diluent for some of the entanglements that would have been

present in a pure long-chain system. In the second study of entanglement networks,

we look at non-equilibrium systems prepared by spin coating, or by creating a barrier

for the chains which is uncrossable and then lifting the restriction. In both cases,

the temporal evolution of the chain statistics is monitored and we extract relaxation

times that are described in terms of the longest relaxation time of the polymers in

the bulk. Paper 2.v also deals with issues related to non-equilibrium chains. In this

case, we study the effect of free surfaces on the glass transition and determine that

the number and type of interfaces plays a central role in the glass transition.

1.1 polymers

As discussed above, a polymer is formed by covalently bonding many monomers

together in a chain 1. Confining ourselves to this architecture, a single characteristic

is enough to determine many properties of a monodisperse melt, this being the number

of monomers in a molecule, N (also called the degree of polymerization). Since the

monomers making up a homopolymer chain are all the same, specifying the molecular

weight M is also sufficient to describe a molecule. M and N are related by the

monomer mass, mo, through M = moN . Here mo is the molar mass of a statistical

monomer, which comprises more than one chemical monomer. In synthetic systems,

one must deal with the fact that typical polymerization routes do not produce chains

whose lengths are all identical, thus the ensemble of chains is polydisperse. The most

common method of characterizing the polydispersity is through a function of moments

1The preparation of polymer molecules is not limited to putting monomers together linearly. It
is possible to make polymers with many different architectures, including combs, stars, dendrites,
and H-shaped “dumbbells”, among others. For the purposes of this thesis, however, we will only be
concerned with linear molecules.

5
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of the chain length distribution. The number and weight averaged molecular weights

are defined by

Mn =

∑
i niMi∑
i ni

, (1.2)

Mw =

∑
i niM

2
i∑

i niMi

, (1.3)

where ni are the numbers of chains with molar mass Mi. The polydispersity index

is defined as PI = Mw/Mn. Molar mass distributions with PI < 1.1 are commonly

called ‘monodisperse’, and unless otherwise noted, the systems studied here satisfy

this convention.

Once we have a melt of polymer chains, we can ask what each of the chains looks

like. We first consider an arbitrary section of chain that is four monomers long. While

the angle between any three successive monomers is typically well defined, there is

some flexibility in the torsional angle, φ: the vector between the positions of the third

and fourth monomers can leave the plane defined by the positions of the first three

monomers [1], see Fig. 1.1(a). As seen schematically in Fig. 1.1(b), the energy for

trans states is slightly less than for gauche states. Nevertheless, the two gauche states

are taken with equal nonzero probability. This gives polymer chains flexibility which

leads to their performing random walks as schematically shown in Fig. 1.1(c). Since

the trans state is preferred2, more than one monomer is required for the segments

to become uncorrelated, but the correlations die out quickly. For PS in the melt, it

takes approximately 7 monomers for the segments to become uncorrelated, and this is

typical for a variety of polymers [2]. Therefore, at a given instant of time each chain

has the conformation of a random walk. Here, interactions with monomers far along

the chain have been ignored. While there is a hard core repulsion between monomers

on the same chain, these interactions are the same as those with monomers on other

chains. As such, there is no preference in the melt for a monomer to interact with

monomers on the same chain or on other chains, and the random walk statistics are

preserved [1].

2For atactic polystyrene (PS) whose side groups are randomly distributed in direction on the
polymer backbone, the trans state has been measured to occur with a probability of approximately
0.68 [11].

6



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

gauche gauche

trans(a) (b) (c)

Figure 1.1: (a) Schematic of a 4-monomer segment of a polymer chain, with torsion
angle φ, the dashed lines lie in the plane defined by the three lower monomers. (b)
The energy U of the small polymer subunit is dependent on φ, leading to correlation
of monomer orientation on short length scales. (c) On scales larger than the Kuhn
length, b, the monomer correlations die out, and the polymer does a random walk in
the melt. (a), (b) adapted from [1]

If chains perform random walks, then their size distribution is Gaussian as men-

tioned above. For purely Gaussian chains, the root-mean-square end-to-end distance

of a chain is given by

Ree = bN1/2, (1.4)

where b, the Kuhn length, is the size of a statistical monomer. That is, N is the

number of uncorrelated chain segments, each of which have a linear dimension b.

A length scale related to the end-to-end distance is the radius of gyration, which

is defined as the root-mean-square distance of monomers from the centre of mass

of the molecule (this is a more relevant length scale for polymers of more exotic

architecture). The radius of gyration for a linear molecule is simply related to the

end-to-end distance through a numerical coefficient, Rg = Ree/
√

6 [2]. In neutron

scattering experiments, it is possible to measure the radii of gyration for an ensemble

of chains. This was done for deuterated polystyrenes of various molecular weights

and it was found that

Rg = (κMw)1/2 (1.5)

7
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with κ1/2 = 2.75 × 10−2 nm mol/g [12] for PS; here a typical molecular weight will

be Mw ≈ 100 kg/mol which thus has a radius of gyration of about 9 nm, and an

end-to-end distance of Ree ≈ 22 nm.

One consequence of the fact that polymer chains take on random walk configu-

rations is that their structures are quite open. We define the pervaded volume, Vp,

as the smallest sphere that would enclose an entire polymer chain. In a melt of like

chains, the amount of space occupied by other chains inside the pervaded volume is

considerable. Since Vp ∼ R3
ee, and the volume taken up by the chain is only Vc ∼ N ,

the fraction of space actually occupied by the chain in its own pervaded volume is

Pc = Vc/Vp ∼ N−1/2. Since N � 1 in most cases we see that the chain occupies only

a small fraction of its pervaded volume, thus there are many interactions between

monomers on a given chain with monomers on the other chains in its immediate

vicinity.

1.1.1 solutions

isolated chains

In the previous section, we justified the idea that polymer chains undergo random

walks in the melt. As a result of the random walks, chains have end-to-end distances

or radii of gyration that scale with the square root of the number of monomers. This

scaling does not hold if an isolated polymer chain is in solution. For the purposes

of this thesis, we will consider only the case where the solvent is strongly attracted

by the monomers on the chain – the case of an athermal solvent. From an energetic

point of view, the polymer chain would prefer to have only solvent around each of

its monomers. Thus, for the case in which entropy is neglected, the chain should be

completely straight such that each monomer is surrounded by a maximum number of

solvent molecules. Of course, this rod-like configuration severely reduces the entropy

(only one state is completely stretched out), so the real conformation is somewhere

in between the Gaussian coil and the straight rod.

Using a simple argument due to Flory, an estimate can be made for the size of an

isolated polymer chain in solution. Following [2], we start from the assumption that

8
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the entropy is derived from the Gaussian probability distribution:

S(R) = k ln Ω ≈ k

(−3R2

2b2N
+ const.

)
, (1.6)

since the Gaussian probability distribution is exponential in the first term. The con-

stant due to the normalization does not depend on R, and k is Boltzmann’s constant.

The enthalpic contribution can be estimated using a mean field approach. The in-

teraction energy per monomer-monomer interaction is determined by the excluded

volume of the monomer-solvent pair. This excluded volume, v, is determined by inte-

grating the Boltzmann factor weighted monomer-monomer interaction potential over

all space. For an athermal solvent v ≈ b3, the monomer volume. The interaction en-

ergy is kT per excluded volume. Inside the polymer coil, the concentration of solvent

is c = N/R3. The probability of monomer-monomer interactions is proportional to c,

and there are N such interactions, so the enthalpic contribution to the free energy is

U ≈ kTvN2/R3. Therefore, the free energy of interaction of the polymer coil is

F = U − TS = kT

(
b3N2

R3
+

3R2

2b2N

)
. (1.7)

In equilibrium, the free energy is minimized (i.e ∂F/∂R = 0), yielding a relation for

size scaling of an isolated ‘Flory’ polymer in an athermal solvent:

Rf ≈ bN3/5. (1.8)

This mean field approach gives an exponent which is close to the answer given by more

accurate calculations accounting for correlations between the monomers. Using Monte

Carlo simulations, for example, if can be found that Rf ≈ bN ν where ν ≈ 0.588 [13].

overlapping chains

As the concentration of polymer increases in a solution, chains begin to overlap. Since

in the melt chains have size that scales with N1/2 while in dilute solution their size

varies approximately according to Eq. 1.8, we see that the chains must somehow

transition between the two scaling regimes. On length scales that are small compared

9



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

Figure 1.2: Schematic of a polymer chain in solution (solvent not shown). Each blob
of monomers is composed mainly of monomers from a single portion of the chain. On
length scales larger than ξ, the chain starts to interact with monomers from other
chains (grey) and from monomers from different segments of the same chain.

to the typical distances between chain overlap in solution, chain segments do not

know that other chains are in the solution. These small segments with g monomers

have Flory statistics as described by the exponent ν ≈ 3/5: their size is

ξ = bgν , (1.9)

as demonstrated in Fig. 1.2. Each of these segments can be seen as a collection of

monomers with their associated solvent (even though the solution is not static, the

solvent molecules are continuously associated with different chain segments). These

correlation ‘blobs’ [1, 2] are space filling, they have the same concentration as the

solution itself:

c = g/ξ3. (1.10)

Each correlation blob is chemically identical, and just as in the melt, there is no

difference between a correlation blob interacting with another on the same chain, or

on a different chain. Thus, the correlation blobs are ideal in the sense that they

perform random walks, so that Rs = ξ(N/g)1/2 is the size of a chain in solution.

10
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Using Eqs. 1.9 in place of ξ, we find the polymer size in solution to be

Rs = bgνÑ1/2 (1.11)

where g = (b3c)1/1−3ν and Ñ = N/g. Written in this way, we see that the chain

is an ideal random walk of segments with g swollen monomers each. In Paper 1.vi,

we claim that spin coating chains from an athermal solvent leads to chains that are

stretched in comparison to Gaussian chains. The swelling described by Eq. 1.11 is

one of the mechanisms proposed to be responsible for this stretching.

1.1.2 diblocks

Copolymers are polymer chains composed of more than one type of monomer [14].

Proteins are a type of copolymer that are important for the functioning of a large

number of biological processes. They are constructed from a variety of amino acids,

the order and type of which determines the shape and function of the molecule. While

proteins are much more complicated than what can be produced synthetically, it is

possible to produce molecules with a small number of blocks that have much practical

and scientific significance [15, 16]. The simplest compound molecule is the diblock

copolymer, as shown in Fig. 1.3(a). These are built from two linear chain polymers

that are covalently bonded together at their ends. As with polymer solutions, there

is in general an interaction energy associated with the two types of monomers that

make up the two blocks. In contrast to the case presented in Section 1.1.1, we will

only consider the case for which the interactions are such that the system prefers to

phase separate [17].

The parameters sufficient to describe diblock copolymers in the bulk are N , f and

χ. Here N is the number of monomers as before. The interaction energy between A

and B monomers is characterized by

χ =
z

kT

[
εAB −

1

2
(εAA + εBB)

]
. (1.12)

εij is the interaction energy between two nearest neighbour i and j molecules, it is

a characterization of short ranged interactions; and z is the coordination number, or

11
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(c) (d)(b)

substrate

(a)

Figure 1.3: (a) A single diblock copolymer molecule with f ≈ 0.5. (b) A portion of an
ordered film with period L0 and no defects. (c) If the film height is incommensurate
with L0, step edges are formed, deforming the lamellar structure. (d) Two defects
can interact, further deforming the lamellae.

the number of nearest neighbours for a given monomer. Defined as in Eq. 1.12, a

positive value of χ suggests that phase separation is favoured energetically, to say

nothing of the entropy for now. We typically refer to the diblock molecule as having

an ‘A block’ and a ‘B block’. The fraction of the molecule that is composed of A

monomers is f and the molecule contains (1 − f)N B monomers. In this work, the

only case that will be discussed is f ≈ 0.5.

1.1.3 phase separation

In a system of diblock copolymers, phase separation can only happen on a length

scale that is commensurate with the molecules. This is markedly different than the

case for different chemical species that are not covalently bonded together. For a

system composed of A molecules and B molecules that are not covalently bonded, the

Flory-Huggins interaction energy [1, 2, 17,18] is

∆F

kT
=
φA

NA

lnφA +
φB

NB

lnφB + χφAφB, (1.13)

where φi and Ni are the volume fractions and degrees of polymerization of the A and

B molecules. The first two terms represent the mixing entropy of the system, while

the last term represents the change in enthalpy upon mixing. If NA = NB = N ,

then the relevant parameter governing the phase behaviour of the system is χN . For

values of χN > 2, the system phase separates, either by nucleation and growth or by

spinodal decomposition [2, 18].

12
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For symmetric diblock copolymers, the situation is different since the molecules

cannot macrophase separate. In this case, the molecules minimize contact between

A and B monomers by microphase separating into lamellae, shown schematically in

Fig. 1.3(b). The condition for phase separation in this case is that χN > 10. When

χN � 10, called the strong segregation regime, the diblock junction points are con-

fined to 2-dimensional planes, and the lamellar spacing is set by a balance between the

entropic cost of chain stretching and the enthalpic cost of having A and B blocks in

contact. The lamellar spacing in the strong segregation limit [18] can be calculated by

minimizing these contributions. It is found that the lamellar spacing L0 ≈ bχ1/6N2/3

in this regime. When the molecules are not strongly segregated, the molecular junc-

tions are not confined to planes, and the simple calculation used to compute the

lamellar spacing cannot be used. In these cases of intermediate segregation there is

a nonzero concentration of both species everywhere (in an ensemble average), and

self consistent field theory (SCFT) can be used to predict concentration profiles and

lamellar spacings [10, 19].

The simplest case of a lamellar diblock phase in confinement occurs when the

molecules are placed near a flat solid boundary. It is typical that one of the blocks

prefers the surface in this case. The preference for one of the blocks to be in contact

with the surface directs the ordering such that the lamellae are oriented parallel to

it [20]. If the film has a free surface and is not commensurate with L0, then this

free surface breaks up into a collection of islands, is perforated with holes, or has a

bicontinuous topography [21]. If the substrate prefers one block and the air prefers

the other, the majority of the film surface has heights that are odd integer multiples of

L0/2. However, the film must continuously change height from nL0/2 to (n+2)L0/2.

This height change, coupled with the connectivity of the diblock molecules results

in a deformation of the lamellae in the vicinity of the transition region as shown in

Fig. 1.3(c).

Since unperturbed lamellae minimize the free energy, these defects necessarily

increase the free energy of the system. Understanding these defects on a molecular

level was the motivation for Paper 2.iv. Experimentally, it is also possible to study the

interaction between two of these step defects, shown schematically in Fig. 1.3(d). It

is possible to equilibrate a single step edge, but placing a second step in the vicinity
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of the equilibrated one disturbs the preferred morphology. Therefore, there is an

energy cost associated with the step defects being near one another. This interaction

is studied in Paper 1.iv.

1.2 entanglement

Thus far the structure and statistics of polymer melts have been discussed. However,

to discuss the dynamics of polymer melts and solutions, it is necessary to introduce the

concept of entanglements when the chains we are concerned with are large compared

to the entanglement molecular weight, Me. Entanglements arise out of the collective

interactions between chains. At the root, they are a result of the fact that polymer

backbones cannot pass through one another. It was noted in the introduction that

equilibrated polymer chains perform random walks, which indicates that the pervaded

volume of a specific (very long) polymer chain is nearly void of that polymer chain:

Pc ∼ N−1/2. Assuming the mass density of PS to be ρ ≈ 1 g/cm3, Mw = 100 kg/mol

and Ree ≈ 22 nm, we get

Pc =
Mw

ρNAR3
ee

≈ 0.02, (1.14)

where NA is Avogadro’s constant. That this fraction is so small indicates that most of

the interactions a polymer chain experiences are with other chains. These interactions

lead to entanglement phenomena.

Fig. 1.2 indicates how a polymer chain suffers from a mobility loss due to entangle-

ments. In that figure, each of the heavy lines should be considered being only a part

of a much longer chain. Thus, the black chain is trapped by each of the grey chains,

and it is forced to wiggle back and forth more or less across the page. It is trapped in

a tube. The concept of a polymer in a tube was developed by de Gennes [22] and Doi

and Edwards [3], with various treatments to be found elsewhere [1, 2, 23]. The basic

idea is that each of the entanglement points can be replaced with a coarse grained

curvilinear tube of diameter d that encompasses the whole chain (see Fig. 1.4 where

the grey segments represent the tube). In the reptation model, the polymer chain

performs a one-dimensional random walk along the contour of this tube, this motion

is called reptation. At t = 0, the chain is fully constrained, but as soon as the first
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(a) (b) (c)

Figure 1.4: Schematic of the tube relaxation process. The tube diameter, d, is defined
such that a random walking polymer chain with Ne monomers traverses an average
end-to-end distance d = bN

1/2
e . (a) At t = 0, the tube fully envelops the chain. (b)

After some time, the chain ‘reptates’ and some of the original tube (grey) is forgotten.
(c) Both ends reptate back and forth until one end passes a point the other end has
already visited, and the entire original tube is forgotten. The time taken for this to
happen is called the reptation time, τrep.

step is taken, one chain end ‘abandons’ the tube, and ‘forgets’ that is was constrained.

As a possible experiment, consider a polymer melt to which a step strain is applied,

and in which the remaining stress is measured as a function of time3. In the reptation

model, a polymer system relaxes (i.e. the stress is lost) on the same time scale that

an individual chain takes to lose memory of its original tube. As a polymer chain

reptates back and forth, the chain ends continuously visit new portions of the tube.

Segments of the original tube ‘disappear’ whenever one of the chain ends visits a

portion that has not yet been visited, see Fig. 1.4. Relaxation of the entire tube takes

place on a time scale called the reptation time, τrep, and at this time the polymer

melt sustains no stress in the step strain experiment.

The quantity that determines the phenomenological tube diameter, d, was men-

tioned above, it is the entanglement molecular weight, Me. The tube diameter is the

distance between entanglements along a polymer chain. Since the equilibrium poly-

mer chains are performing random walks, we have that d ∼M
1/2
e . The entanglement

molecular weight is typically defined by analogy with rubber elasticity. In rubber

elasticity theory [2], elasticity is due entirely to the entropic character of polymer

chains. From Eq. 1.6, we have for the entropic free energy of a polymer chain with

3In an elastic solid, the stress would be constant in time. However, in a polymer melt the chains
are not attached to one another and this stress decays as chains move past one another.
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N segments

FS(R) ≈ kT
R2

b2N
. (1.15)

Stretching a polymer chain costs energy. Furthermore, since the free energy is

quadratic, ideal polymer chains are Hookean springs. In a rubber, chains are perma-

nently linked together through crosslinks. The macroscopic object is microscopically

a network of many Gaussian strands with Nx monomers, where Nx is the number

of monomers between crosslinks. Each network strand obeys Eq. 1.15. The force

required to stretch a rubber band is equal to the sum of all the forces for stretching

the polymer segments between the cross links. As can be found elsewhere [2, 18, 24],

the stress, σ, required to impose a strain, ε, under the assumption of affine network

deformations is given by

σ =
ρNAkT
Mx

[
(1 + ε)− 1

(1 + ε)2

]
, (1.16)

where Mx = m0Nx. The prefactor is the shear modulus

Gx =
ρNAkT
Mx

, (1.17)

which connects the microscopic Mx to the macroscopic force measured in a deforma-

tion experiment. For polymer liquids in which the chains are much longer than Me,

the time dependent response after a step strain, ε(t) = ε0Θ(t), with Θ a Heaviside

function, displays a regime in time for which there is little change in the stress as a

function of time. This stress plateau arises because on short time scales, the entangle-

ments act like cross links. On time scales comparable to the reptation time, however,

the tube is abandoned and the stress relaxes. Silly Putty offers a simple, direct way

to observe these viscoelastic effects. Rolling Silly Putty into a ball and throwing it

against a table, one observes an elastic bounce. However, if the ball is gently placed

on the table, the mass flows under the influence of gravity on a time scale of some

tens of seconds.

Measurements of Me are typically made through the use of oscillatory shear ex-

periments. In these experiments, some polymeric liquid is placed in between two
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plates. On one of the plates, a sinusoidal oscillation with a frequency ω is imposed.

The other plate is held rigidly in place, but the force on this plate as a result of the

imposed deformation on the oscillating plate is measured. For the case in which the

substance between the two plates is a purely viscous liquid, the stress is proportional

to the strain rate, so the force lags the deformation by a phase of π/2. In the opposite

case, for which the substance is a Hookean solid, the stress on the bottom plate is in

phase with the imposed deformation.

Polymeric liquids are neither purely viscous nor elastic. In the oscillatory shear

experiment described above, the phase lag is neither 0 or π/2 and it is frequency

dependent. In practice [25], a spectrum of phase lags is collected, and are expressed

in the form

σ(t) = ε0G
′(ω) sin(ωt) + ε0G

′′(ω) cos(ωt), (1.18)

where G′ and G′′ are the in- and out-of-phase portions of the measured stress; respec-

tively, they represent the elastic and viscous portions of the response. The functions

G′ and G′′ are routinely used in the study of rheology in order to test molecular theo-

ries of polymer viscoelasticity [3,23]. In particular, an integral involving the function

G′′(ω) can be used to determine the plateau modulus,

Ge =
2

π

∫ ∞

−∞
dω

G′′(ω)

ω
. (1.19)

This expression for Ge can then be related to Me by analogy with Eq. 1.17. This is

a measurement of Me using a dynamical experiment in a linear response regime.

In a collection of works by Fetters and co-workers [5, 6], packing models for the

entanglement molecular weight of a polymer melt are summarized (see references

therein). In these packing models, the entanglement molecular weight is predicted

based on the ideas of Eq. 1.14. The argument says that the entanglement molecular

weight is determined by the condition that Pc ∼ 0.5; this value4 of Pc corresponds to

the state for which the molecule is interacting with itself as much as it interacts with

other chains. If entanglements arise out of interactions with other chains, then this

criterion says that once a polymer chain is interacting with enough other molecules, it

4The exact value of Pc that ‘defines’ the entanglement concept is model dependent.
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should display properties derived from entanglement models, such as the tube model

described above.

Fetters and co-workers collected κ (from small angle neutron scattering as in [12],

see Eq. 1.5) and Me values (from oscillatory shear spectra) from a large number of

references for different polymers. Using this data for more than 25 different polymers,

they found a relation for the entanglement molecular weight in terms of material

parameters:

Me ∼
1

ρ2κ3
∼ ρp3, (1.20)

where p is the packing length of a polymer species: p = ρNa/κ. The value of express-

ing the entanglement molecular weight in terms of the packing length is geometric in

nature. In [6], it is shown that the packing length has a monomeric interpretation.

If a monomer is thought of as cylinder with circular cross section of area r2m and

length l, then p ∝ r2m/l. Thus, if the monomer is skinny, then Me is small, as may be

intuitively clear.

1.2.1 viscosity

The presence of entanglements plays an important role in the observed behaviour

of long chain polymer systems. If we apply a constant shear stress to an entangled

polymer melt and wait for times much longer than the reptation time, viscous flow is

observed. The observed viscosity is influenced by entanglements. On the basis of the

reptation model (see Fig. 1.4), we can estimate the viscosity of a long chain polymer

system [2].

Since the chain is constrained to live inside the tube, it performs a random walk

along the tube’s length. The entire chain experiences a friction that is a result of all

monomers moving against the melt. With ζ the friction coefficient between monomers,

the chain has a friction coefficient Nζ, and thus a curvilinear diffusion coefficient

Dc = kT/Nζ using the Einstein relation. The primitive path length of the tube,

defined as its curvilinear length, is estimated as L = d N
Ne

. Using d = bN
1/2
e , we have

that L = bN/N
1/2
e . The reptation time is defined as the time taken for the chain to
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diffuse out of the original tube:

τrep =
L2

Dc

=
b2ζ

kT

N3

Ne

, (1.21)

with the important result that τrep ∼ N3 according to the reptation model. The

viscosity of a liquid can be estimated as the product of the plateau modulus and the

relaxation time, so

η ≈ Geτrep ∼
N3

N2
e

, (1.22)

In experiments [4] it is seen that the viscosity is slightly different from the prediction

of the reptation arguments, η ∼ M3.4
w . The relationship shown in Eq. 1.22 is tested

as part of the investigations presented in Papers 1.i, 1.ii and 2.i – 2.iii.

1.2.2 crazing

When a glassy material is put under strain, it will elastically deform, with the

molecules being moved slightly out of their preferred intermolecular positions. If

the material is deformed beyond a certain level, the yield point, molecules begin

moving past one another, even in the glassy state [26]. For molecular glasses, the

extent to which plastic deformation can occur is small as compared to the strains

that long-chain polymer glasses can sustain; molecular glasses fail (i.e. break) soon

after the yield point. On the other hand, long-chain polymer glasses can extend much

further [26,27] than short chain systems because they are entangled [28,29].

In the case of a polymer film, one experiment that can be performed is to freely

suspend the film with thickness h across a gap, as in Fig. 1.5(a), and to uniformly

stretch it beyond the yield point [24,30–34]. During the stretching, defects are formed

by locally thinning the film into a neck, these defects are called crazes, and have thick-

ness hc < h as seen in Fig. 1.5(b). Inside a craze drawn from a film with equilibrated

polymer chains, the chains are highly deformed, with the random walk statistics in-

validated. Crazes grow in width by drawing new material from the undeformed film

until it is easier to bring in new material rather than continuing to deform the chains

at the edge of the craze [33,35]. As a result, material in the middle of a well developed
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(a) (b)

Figure 1.5: Schematic of the crazing process in a film with equilibrated chains. (a)
A film with thickness h is strained in the film-plane direction. Before straining,
entanglement points are a distance d ∼ N

1/2
e apart. (b) After crazing, there are

crazes distributed through the film, with thickness hc. The entanglements are now a
distance ` ∼ Ne apart.

craze does not deform as a result of new material being brought into the craze near

the undeformed portion of the film.

In a crazing measurement, entanglements act like fixed cross links, as has been

discussed by Donald and Kramer (experiments [28, 31, 32, 36]) and by Rottler and

Robbins (simulations [37,38]). In the undeformed material, the end-to-end distance of

entanglement strands scales according Eq. 1.4: d ∼ N
1/2
e . The stressed material in the

craze contains highly oriented chains, and the distance between entanglement points

in the craze is linear in the entanglement molecular weight: ` ∼ Ne, so d/` ∼ N
−1/2
e

(see Fig. 1.5). In Papers 1.v and 1.vi, and in references [33–35], it is argued that the

draw ratio of the molecules, d/`, is the same as the draw ratio of the length of craze

compared to the length of the undeformed material that went into making the craze.

By making such an argument, it is possible to connect the measurable heights (craze

and undeformed film height) to the molecular quantity Ne:

(
hc
h

)2

∼ N−1e ∼M−1
e . (1.23)

This relationship assumes that Gaussian chain statistics are valid, and is used exten-

sively in the analysis of Papers 1.v and 1.vi.
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1.2.3 confinement

Thus far, all the concepts surrounding entangled chains have had to do with polymer

chains in the bulk. The Fetters work [5,6] puts on firm footing the idea that interac-

tions with other chains in the melt dominate the entanglement phenomena observed.

One way of testing this idea is by putting chains near an interface. For chains near

an interface, it was argued by Silberberg [39] that for an ideal random walk the chain

segments encountering a non-adsorbing interface are simply reflected back into the

melt. The result is that chain segments that would have explored space beyond the

barrier in its absence are reflected back. This reflection principle has a major effect

on the packing of chains that encounter an interface, since they are forced to share

space with fewer other chains as compared to the bulk. Brown and Russell [40] have

discussed this reflection principle in light of the chain packing arguments. They con-

clude that if the reflection principle and packing arguments are correct, then there

must be a marked reduction in the entanglement density near an interface. Their

prediction is that entanglements with other chains occur a factor of three times less

often near an interface.

There have been a number of measurements reported in which the properties

of polymer chains near interfaces are investigated. Shin, Russell and co-workers [41]

reported an enhanced mobility of polymer chains through nanoporous alumina. Their

results indicated a capillary rise time that scales with M1.5
w , which they attributed

to a viscosity scaling η ∼ M1.5
w . Bodiguel and Fretigny [42] also observe a marked

decrease in the viscosity of thin polymer films dewetting off of a liquid substrate,

finding a stretched exponential dependence of the viscosity with film thickness, η =

η0(1 + exp[−(z/Rg)
3.4)]. In their follow up work [43] Bodiguel and Fretigny argued

that since Rg ∼ M
1/2
w , for small thicknesses their empirical observations would be

consistent with τd ∼ M1.7
w . This exponent is close to that observed by Shin and co-

workers. Rowland [44] and co-workers also observed an enhanced dynamics of thin

polymer films during nano-imprint lithography when the films became less than Rg.

While each of these results suggests an enhanced dynamics in confinement, O’Connell

and McKenna [45, 46] have used a microbubble inflation technique to measure the

viscoelastic properties of freestanding polymer films. In their measurements, they

find that the rubbery plateau compliance (related to the inverse of the modulus of
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substrate

(a) (b)

Figure 1.6: Schematic of hydrodynamic velocity profiles. (a) The no-slip case has
velocity u = 0 at the interface while, (b) a slippery liquid-substrate interface has a
slip length, bs, over which the fluid velocity profile linearly extrapolates to zero. The
liquid-substrate interface with non-zero slip length has liquid sliding across the solid
surface.

Eq. 1.17) was reduced. Their films are stiffer than unconfined films, suggesting a

larger entanglement density (smaller Me). These results seem to be in contradiction

with the enhanced mobility reported elsewhere.

Concerning the conformations of polymer chains near interfaces, Si and co-workers

have performed crazing measurements [34] (as are presented in Papers 1.v and 1.vi,

and shown schematically in Fig. 1.5) that probe polymer chain statistics in thin films.

Briefly, a thin glassy film is stretched to just before the point of failing. This produces

necks in the material (as when a grocery bag is stretched) that are surrounded by un-

deformed material. Comparing the thickness of the neck and that of the undeformed

film gives information about the entanglement network, as will be discussed in detail

later. The thin films studied there had a range of thicknesses extending from below to

well above the unperturbed radius of gyration. As such, these films were well suited

for an investigation of the ideas presented by Silberberg [39] and their effects on the

entanglement density [40]. Si and co-workers observed that the extension ratio was

consistent with a reduced interchain entanglement density near uncrossable surfaces.

When fluids flow past a solid substrate, it is possible that they can slide across

it [47]. One characterization of the process of fluids sliding across a surface is called

the slip length (schematically shown in Fig. 1.6), which is defined as the distance

below the substrate at which the fluid velocity linearly extrapolates to zero. This slip

effect will be important if the slip length is comparable in size to the fluid system

under study. For polymer liquids on solid substrates, the slip length can be in the

22



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

range of one hundred microns [48]. Where polymers are concerned, a simple argument

due to de Gennes indicates that the slip length, bs, scales with the viscosity of the

polymer melt [49],

bs ∼
N3

N2
e

, (1.24)

see Eq. 1.22. In a following study on the boundary conditions of liquids flowing past a

solid surface, Bäumchen and co-workers [50] observed slip lengths that scaled accord-

ing to the molecular weight dependence shown in Eq. 1.24. They noted, however, that

the bulk value of Me could not account for their data. A larger than the bulk value

of Me was needed to account for their observations, consistent with the arguments of

Brown and Russell [40].

The results discussed above indicate that there is still much to be learned about

polymers near interfaces. Paper 1.vi deals with aspects of polymer chains near inter-

faces. There, we use thin polymer films with thickness in the range of Rg. The films

are thus strongly influenced by the polymer chain statistics near a reflecting surface

as described by Silberberg: in this case, the polymer-air interface is the reflecting

one. We then place two equilibrated reflecting interfaces in contact by creating a bi-

layer polymer film. Upon annealing the bilayer films above Tg, we see that the chains

formerly at the air-polymer interface relax by exploring volume that was previously

unavailable to them in the opposing film. This relaxation occurs on a time scale that

is faster that one bulk reptation time. The work contained in that manuscript also

deals with some aspects of the chain statistics in a non-equilibrium film prepared

by spin coating, which is the method most commonly used to explore the physics

of polymers in confinement. Papers 1.i, 1.ii and 2.i – 2.iii are also concerned with

the mobility of polymers in thin films on a substrate. We have been motivated to

undertake these experiments in light of the fact that few tools exist that are able to

characterize the rheological properties of polymer chains in confinement.

1.2.4 non-equilibrium networks

The previous subsections have demonstrated that entanglement networks are of para-

mount importance in the determination of polymer properties. Understanding these
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properties (e.g. the melt viscosity, or the mobility in confinement) seems often to

be determined by an ability to understand the entanglement network. As this is the

case, researchers comparing their results must be concerned with the state of their

networks, and whether or not they are in equilibrium.

Several decades ago, Croll noted [51] the importance of residual stresses in air-dried

polymer coatings. The residual stress arises because polymer solutions go through a

glass transition at non-zero solvent content [52], even though the solvent continues to

evaporate after the transition. If there is adhesion of the molecules at the substrate,

the volume loss can only occur through a reduction of the film thickness. The poly-

mer molecules thus become compressed in the film normal direction since large scale

molecular rearrangements do not occur in the glassy state. The equilibrium state

in a film much thicker than the unperturbed radius of gyration is for the molecules

to perform uncorrelated random walks. A uniform compression of all the polymer

molecules results in a preferred orientation, thus there is a stress.

As spin-coating from polymer solutions (discussed in Section 1.1.1) is the domi-

nant method by which thin films are prepared in the study of polymer confinement,

it is important to know whether the studied properties represent true equilibrium

phenomena, or if they are a result of some driving force toward equilibrium. Reiter

and co-workers have been involved with many studies concerning the nature of as-cast

polymer films [53–57]. In these works, it is clearly demonstrated that either annealing

(heating above Tg) or ageing (heating below Tg) has a significant impact of various

dewetting or destabilization processes. In the annealing studies by Steiner and co-

workers [56,58] and also by Li and co-workers [59], it is reported that the viscosity of

a polymer film takes up to five orders of magnitude longer than the bulk reptation

time to establish a plateau in the viscosity of thin polymer films. These observations

in part motivated the annealing studies of polymer entanglement networks presented

in Paper 1.vi. There we find that annealing 100 nm films on mica for times of order

one bulk reptation time is sufficient to observe a plateau in the neck-to-film heights

measured in a crazing experiment. We suggest that a surface effect not operative

in our experiments might be responsible for the observed discrepancy between our

results and those reported by others.

In Paper 2.v, we report on another aspect of polymer thin film studies that has
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attracted attention in light of the non-equilibrium phenomena discussed here. Since

the seminal work of Keddie, Jones and Cory [60], many researchers have reported

measurements of glass transition reductions in thin polymer films both supported [61]

and free standing [62], i.e with one and two free interfaces. In [63,64], it was reported

that no Tg reduction was observed in thin films with thickness down to 10 nm. The

authors suggested that the discrepancy was due to sample preparation artefacts not

considered by other authors (e.g. [60–62]). Paper 2.v negates the idea that glass

transition reductions can be explained by the presence of sample preparation artefacts.

1.2.5 blends

In order to elucidate the importance of entanglements, a final aspect we discuss is

the effect of adding various small molecular weights on the entanglement network.

Thus far, we have only considered the physics of these entanglement systems when

all the chains are much longer than the entanglement strands, Mw � Me. If some

chains in the network are smaller than, or on the order of the entanglement mesh

size, then adding small chains must have the effect of diluting the entanglements

in the network. In Paper 1.v, we discuss the idea that not all entanglements are

equally effective at carrying network stress, thus in the crazing measurement, these

small chains will not participate and the craze will be consistent with one that grew

from a network with fewer entanglements. Similar work was carried out by Kramer

and co-workers [30], however there, the authors were focused on networks diluted by

chains with Mw � Me, while we used molecular weights as large as ∼ 5Me over a

large range of compositions. Our results indicated the importance of the idea that

chains slightly above Me cannot necessarily be treated as ‘entangled’.

1.3 surface tension

Just as an ideal gas resists a change in volume, δW = −PdV , it generally costs energy

to increase the surface area of a solid or a liquid: δW = γdA. In these expressions:

W is the work; P, V are the pressure and volume; and A is the surface area of the

system. γ is the surface or interfacial tension, and it is the driving force of all the

fluid flows examined in detail in this thesis. To understand why it costs energy to
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(a) (b)

Figure 1.7: (a) Schematic of an intermolecular interaction potential, with a repulsion
at short distances, and a long range attraction. (b) Schematic of a possible liquid-air
interface. Boxed regions are blown up and and a few molecules near the interface are
shown. The dark molecule is in a higher energy state than the light one.

create a surface we can consider the case of a liquid in which all the molecules are

non-polar. For non-polar molecules, there is typically [9] a long range van der Waals

interaction acting between the molecules:

Uvdw(r) ∼ − 1

r6
. (1.25)

This interaction arises because of the fact that atoms and molecules are polariz-

able [9] and the instantaneous dipole moments of one molecule induce a dipole mo-

ment in neighbouring molecules, resulting in an attraction. On the other hand, when

molecules come too close to one another, their electron clouds begin to overlap, and

there is an electrostatic repulsion. This is often empirically associated with a different

power law, Ue(r) ∼ +1/rn, with n > 6. The result is a total interaction potential be-

tween molecules that may be schematically depicted as in Fig. 1.7(a). The molecules

in the liquid tend to be found at distances from each other described by the potential

well. If half of the molecules in our system are removed to infinity, then each molecule

on the surface finds itself with approximately U0 of extra energy [8], associated with

its neighbours being found in the plateau of Fig. 1.7(a). Thus, if surfaces cost energy,

then nature should want to minimize the surface area.

In addition to the energy considerations made surrounding Eq. 1.25, it is also true

that in polymeric materials, there is an entropic contribution to the surface tension

that is dependent on the molecular weight. As described by Dee and Sauer [65,66], the
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dominant entropic contribution to the surface tension is from the free volume available

to chain segments, while the entropic cost associated with configurational degrees of

freedom described by Silberberg [39] is negligible. For the high molecular weights used

here, the molecular weight dependence of the free volume is determined by the density

of chain ends. Dee and Sauer [65, 66] note that the molecular weight dependence of

the surface tension is well described by a function of the form γ = γ∞(1−K/Mn) in

this regime. In this expression γ∞ is the surface tension at infinite molecular weight

and K is a constant. Based on their data [65] for PS at 227 ◦C, we estimate that

over the range of molecular weights 15 < Mn < 1000 kg/mol (representative of the

range used here), surface tensions change by a factor of about 3%. Since the error

on a typical measurement of the capillary velocity, γ/η with η the viscosity, is in the

range of 20% as described in the next chapter, and because the viscosity of a polymer

melt changes by more than 5 orders of magnitude over the same range of molecular

weights, this variation in the surface tension is negligible.

Given that surfaces cost energy, we see that nature tends to minimize the surface

area between two immiscible fluids (oil and water, for example). In addition to the

area minimization, there is also a pressure jump across a curved surface, and we can

evaluate it by computing the work done on completing an infinitesimal change in the

radius of a spherical volume [8]. If a spherical volume changes its radius by an amount

dR, then the work done is

δW = −PodVo − PidVi + γdA , (1.26)

where the subscript ‘o’ is for outside and ‘i’ is for inside the bubble. By conservation

of volume, dVo = −dVi, and using the spherical geometry we have

δW = −(Pi − Po)4πR2dR + γ8πdR . (1.27)

At equilibrium δW = 0 such that using ∆P = Pi−Po, the pressure jump on traversing

an interface is,

∆P =
2γ

R
, (1.28)
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where we now interpret R as the radius of curvature. Eq. 1.28 tells us that the

curvature of an interface implies a pressure, this type of pressure is usually referred

to as the Laplace pressure [8]. In Fig. 1.7(b) is shown a surface with an arbitrary

surface topography, a generalization of Eq. 1.28 takes into account the two radii of

curvature, R−1 → R−11 + R−12 , and for a surface topography dependent on x only,

h = h(x), the curvature is R−1 = −∂2xh/[1 + (∂xh)2]3/2 [67]. Eq. 1.28 implies that the

regions that are concave down should have higher pressure than the regions that are

concave up. Thus, the material under the darkened particle in Fig. 1.7 experiences a

higher pressure than the region under the lighter particle. This implies the existence

of a pressure gradient, and where there are pressure gradients in liquids, there can be

a flow.

1.4 hydrodynamics

This section combines the principles discussed in some of the previous sections in order

to understand how liquid polymers flow in certain thin film geometries. There are two

assumptions that will greatly simplify the analysis. First, the films are highly viscous,

such that inertial effects are negligible. Second, the films are thin in comparison

to typical lateral length scales, this will allow us to neglect certain components of

the flow. Hydrodynamic treatments of flows typically start with the Navier-Stokes

equation in three dimensions and the incompressibility constraint [68]:

ρ

(
du

dt
+ u · ∇u

)
= −∇P + η∇2u , (1.29)

∇ · u = 0 , (1.30)

where u = (u, v, w) is the velocity vector, with u, v, w the x, y, z components of the

velocity field. Eq. 1.29 is a statement of the conservation of momentum: the left hand

side is the temporal derivative of the momentum per unit volume, with the right hand

side being the force per unit volume (not including any body forces, such as gravity).

The Reynolds number determines the relative importance of the inertia and the force.
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It is defined as

Re =
ρuolo
η

, (1.31)

where uo and lo are typical velocity and length scales of the flow. Recasting Eq. 1.29

in dimensionless units using these scales, the Reynold’s number multiplies the left

hand side. Typical Reynold’s numbers encountered in the experiments discussed here

are Re ∼ 10−13 (see Papers 2.i and 2.ii), such that we can neglect the inertial terms

of the Navier-Stokes equation.

Neglecting the left hand side of Eq. 1.29, we are left with

0 = −∇P + η∇2u , (1.32)

which is typically referred to as the Stokes equation. In Papers 1.i, 1.ii and 2.i, 2.ii, we

will consider the case in which the topography is not dependent on y, so we assume

that v = 0 everywhere. Furthermore, we assume that the films are thin in comparison

to lateral length scales, that is ho � xo where ho is the typical film height and xo is

the typical length scale of the flow in the lateral direction. As such, we can assume

that w is negligible and we have

0 = −∂xP + η∂2zu . (1.33)

As boundary conditions we assume that u(0) = 0 (the no-slip condition, see Fig. 1.6(a))

and we also assume that there is no stress at the fluid-air interface (the viscosity of

air is many orders of magnitude less than that of the polymer liquids we consider),

therefore ∂zu|h = 0 where h is the distance between the substrate and the fluid-air

interface. Using the no-slip and no-stress boundary conditions, we integrate Eq. 1.33

and find a parabolic velocity profile:

u(z) =
∂xP

2η

(
z2 − 2hz

)
. (1.34)

The pressure is provided by the curved interface, such as is shown in Fig. 1.7(b). If we

assume small height gradients, then P ≈ −γ∂2xh. By integrating the incompressibility

29



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

constraint and using the parabolic velocity profile, we find that

∂th+
γ

3η
∂x(h

3∂3xh) = 0 . (1.35)

We have thus derived the equation of motion for an air-fluid interface under the

influence of surface tension whose flow is mediated by the viscosity. Eq. 1.35 is an

example of an equation which is derived from the lubrication approximation, where

the lubrication approximation assumes that flow in the vertical direction is much

smaller than the flow in the horizontal direction. Eq. 1.35 is more formally derived

in [67,68], and is also derived in Papers 2.i and 2.ii.

For further analytical treatments of equations such as 1.35, it is convenient to

non-dimensionalize through h = hoH, x = xoX, and t = 3ηx4o
h3oγ

T . H,X and T are

dimensionless variables and ho and xo are the typical height and length scales of the

problem. Making this change of variables, we have the dimensionless form of the

evolution equation

∂TH + ∂X(H3∂3XH) = 0 . (1.36)

A particular feature of this type of equation is that can be reduced to a self-similar

form by introducing the variable

U =
X

T 1/4
=

(
3η

γh3o

)1/4
x

t1/4
. (1.37)

Making this change of variables, we are left with a differential equation of a sin-

gle variable and we have F ′U = 4[F 3F ′′′]′ (see e.g. [69]), where we have defined

F (U) = H(X/T 1/4). Thus, if the geometry of our experimental design admits a self-

similar solution, then recasting our time dependent data in the self-similar variable

U should collapse all of the data onto a single curve. This type of self-similar evolu-

tion is experimentally observed in Papers 1.ii, 2.i and 2.iii (the latter in cylindrical

coordinates, with a slightly different self-similar variable).
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1.4.1 steps

As discussed above, Papers 1.i, 1.ii and 2.i, 2.ii deal with the preparation, annealing

and analysis of stepped PS films. In Fig. 1.8(a) is schematically shown an example of

such a film, prepared with a bottom layer of thickness h1 and a step with height h2.

The Laplace pressure is large in the top corner since ∂2xh→ −∞. On the other hand,

where the step meets the lower film the opposite is true, ∂2xh→∞. Away from these

corners, the Laplace pressure is 0. As such, there is a localized region of high Laplace

pressure gradients in the as-prepared sample. When this type of sample is heated to

above Tg, there is a flow that tends to smooth the pressure gradients. After a short

period of annealing (in comparison to our experimental annealing times), these large

gradients smooth out to a considerable extent. The top corner ejects material in both

directions, resulting in a bump of material to its ‘right’ (see Fig. 1.8(a) after annealing

for the definitions of ‘right’ and ‘left’). By the same argument, the bottom corner

takes material from the top one, but it also takes material from the ‘left’, resulting

in the formation of a dip.

The bump and dip regions are, for the entirety of the step profile evolution, the

regions of the highest and lowest Laplace pressure. However, the positions of maximal

(absolute) height are not the positions of maximal pressure. Thus, while the bump

has material flowing out of it, an approximately equal amount of material flows into

it, resulting in a self-similar profile that levels with time. We have also performed

numerical simulations of Eq. 1.36 (described in Paper 2.i). These dimensionless pro-

files can be stretched to fit onto the measured ones. By inspection of Eq. 1.37, we see

that comparison of the experimental and computed profiles offers a measurement of

the capillary velocity, γ/η, this determination is described more fully in Papers 1.ii

and 2.i, and is also described in Section 2.3.

We also characterize the measured profiles by the contour length in excess of a

flat film:

∆L ≈ 1

2

∫
dx (∂xh)2 . (1.38)

This has the relevant physical interpretation of being the excess free energy of the

system; γL is the surface energy per unit width in the y-direction. To make progress
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annealing

(a)

(b)

Figure 1.8: (a) Schematic of an as-prepared stepped film with bottom layer thickness
h1 and a step of height h2. (b) Schematic of a spherical cap on an identical film. The
film has thickness e and the spherical cap has maximum height d0 and base radius a.
This figure adapted from the graphical abstract of Paper 2.i.

in understanding the time dependence of the energy dissipation, we take advantage

of the self-similarity solutions, H(X,T ) = F (U). In doing so, we find that that the

energy decreases as γ∆L ∼ t−1/4, and depends on an integral involving F (U). The

integral in F (U) contains the geometric dependence of the evolution. We have found

in Paper 1.ii that our data for all times, molecular weights and geometries (different

h1, h2) fall onto a master curve, thus demonstrating the usefulness of stepped films

for investigations of confined polymer systems.

1.4.2 bumps

When a drop of liquid is placed on a substrate, as in Fig. 1.8(b) with e = 0, the

equilibrium state is generally for the liquid to form a spherical cap with some contact

angle at the surface, tan θ0 ∼ d0/a when a� d0. By balancing surface tension forces

or by computing the work differential at equilibrium [8, 70] we can find a relation

between the equilibrium contact angle and the surface and interfacial tensions of the

problem: γ cos θ0 + γSL = γSV . Here as before, γ is the liquid-vapour surface tension,

γSL is the interfacial tension between the solid and the liquid, and γSV is the solid-

vapour surface tension. If a drop is placed onto the substrate and the contact angle

is not equal to θ0, then the surface tensions are not balanced, and there is a driving

force for flow. In the particular case where θ0 = 0, there is complete spreading. In

these situations, any droplet of liquid placed on the substrate, no matter the contact

angle, will eventually form a thin film of liquid on the substrate. The law governing
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the flow from a spherical cap to a thin film is called Tanner’s Law [71], and the flow

in this case proceeds such that d0 ∼ t−0.2.

One way of ensuring that the equilibrium contact angle of a system is θ0 = 0 is

to make the substrate out of the same material as the liquid droplet. We carried out

such a study, and it forms the basis of S. Cormier’s MSc thesis [72]. Details of the

experiments can be found in that thesis and in Paper 2.iii. There is a significant cor-

respondence between the spherical cap experiment and and the stepped film levelling

one. Specifically, this is the case in terms of the analysis making use of self-similarity

concepts. It is for this particular reason that the discussion concerning the levelling

of spherical caps is retained here. In Fig. 1.8(b) is shown a schematic of the second

geometry in which we study surface tension driven flows. In these experiments we

place a polymeric spherical cap onto a spin coated polymer film, with the cap and

the film made from the same polymer. We can easily change the height, e, of the

resulting films while keeping the droplet section, d0 and a, roughly constant. In doing

so we change the aspect ratio of the droplet, d0(t = 0)/e, which as is described in

Paper 2.iii, has a remarkable effect on the evolution of d0(t).

When this cap-and-film system is heated above Tg, a flow proceeds immediately

at r = a, since this is the only place in the system with a curvature gradient. For the

same reason that a dip is formed near the bottom corner of a stepped film, a dip is

also formed in the region r = a, where r is the radial distance from the centre of the

droplet. The driving forces and damping mechanisms in this case are the same as for

the stepped film system, i.e. surface tension drives a flow mediated by the viscosity.

The difference is in the geometry, as such, the differential equation governing the

height h(r, t) is [68]

∂th+
γ

3η

1

r
∂x

[
rh3

(
∂3rh+

1

r
∂2rh−

1

r2
∂rh

)]
= 0 . (1.39)

This equation of motion can also be non-dimensionalized, and we use d = hoD, r =

hoR and t = 3ηho
γ
T ; d is the height in excess of the undisturbed film: h = e + d,

and we use h = hoH. As it is only the geometry of this system that is different

from the stepped films discussed in the previous section, it is reasonable to guess that

self-similar solutions for this equation also exist. In Papers 2.i and 2.iii, we argue the
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existence of self-similar solutions of the form

G(W ) =
H(R, T )− E
H(0, T )− E , (1.40)

W =
R

[H(0, T )3T ]1/4
. (1.41)

In the limiting case for which the droplet height is much larger than the film

height, one expects a behaviour that is close to Tanner’s law. In this case, the viscous

dissipation is dominated by flow near the contact line. The reason for this is that the

excess energy in the spherical cap is dissipated where there are flow gradients. Large

flow gradients lead to high dissipation. Given that the no-slip condition is typically

valid at the solid-liquid boundary, while the no-stress condition is operative near the

liquid-vapour boundary, we see that flow gradients in the z-direction can get quite

large near the contact line. The gradients are correspondingly much smaller at the

centre of the droplet.

When the droplet size is much smaller than the film height, the flow gradients

that were large in the Tanner limit are relieved by the presence of a film under the

droplet. Therefore, the flow gradients near the contact line are of comparable size

to the ones near the centre of the droplet. Since Tanner’s droplet spreading, with

d0 ∼ t−0.2, is dominated by dissipation at the contact line, we expect to see a different

behaviour when the droplet is small in comparison to the film height. As explained

in Paper 2.iii, by systematically changing the bottom film height in relation to the

droplet size, we smoothly transition from Tanner’s spreading for a thin film, to a

different spreading power law, d0 ∼ t−0.5 for small droplets on thick films. To explain

these observations, we again make use of self-similarity principles. Whereas in the

case of a stepped film, we used the contour length integral (Eq. 1.38), we can write

down the volume in excess of the film with height e:

V ∼
∫
dr rd(r, t) . (1.42)

Making use of the self-similarity described by Eqs. 1.40 and 1.41, we obtain an expres-

sion for the height of the droplet with time: (d0/e)
2(1+d0/e)

3 ∼ t−1. This expression

predicts that limiting values of d0/e result in two different power laws: d0 ∼ t−0.2
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for relatively small e; and d0 ∼ t−0.5 for relatively large e. Where the values of d0/e

are not in the limiting regimes, a smooth transition between the two power laws is

predicted. All of these predictions are in agreement with the observations made in

the experiments. Details are found in Papers 2.i and 2.iii and in [72].

1.4.3 rings

The final surface tension driven flow that is encountered in this thesis is one in polymer

ring sections on a substrate, see Paper 1.iii. The rings are prepared by a unique spin

coating process that involves the placement of a methanol bath on a Si substrate, into

which a drop of polymer solution (PS dissolved in toluene) falls. Having prepared the

rings, we observe a surface tension driven flow that causes the toroidal caps to break

up into a collection of droplets on a substrate.

To understand why this flow proceeds, we consider a linear fluid jet. The fluid jet

is modelled as an infinitely long cylinder of fluid, with radius R. The main idea is to

see whether a sinusoidal perturbation of this surface will decrease the surface area. If

the surface area is decreased by a perturbation, then the perturbation should grow,

otherwise the cylinder is stable. By computing the surface area of the cylinder after

a sinusoidal perturbation has been applied, and conserving volume, we find that if

the wavelength, λ, satisfies λ > 2πR, then the perturbation is unstable [73]. This

instability is called a Plateau-Rayleigh instability.

In a toroidal jet, it is necessary that the wavelengths are discretized due to the

periodic geometry [74]. The circular geometry also provides for an alternate energy

minimization route. In addition to a Plateau-Rayeigh instability, the ring can also

reduce its area by shrinking the torus hole (while conserving volume and maintaining

a circular cross section). In Paper 1.iii, this interplay between the breakup instability

and the shrinking one is discussed in more detail.

35



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

36



Chapter 2

Experimental Details

and Data Analysis

2.1 sample preparation

With the exception of the project concerning the breakup and evolution of toroidal

polymer caps on Si substrates (Papers 1.iii and 1.iv), all of the experiments presented

in this thesis began with thin films of PS on Si or mica substrates. With the exception

of the use of the block co-polymer PS-PMMA (polymethyl methacrylate) all of the

polymers used were PS. Molecular weights ranged from 5.5 kg/mol to 1140 kg/mol.

In the spin coating process, a droplet of polymer solution (here, 1-5wt% in toluene

is typically used) is placed onto a substrate which is on a spin coater chuck (a recessed

circular aluminum block). The spin coater then begins rotating the chuck with a high

acceleration (typically ∼ 5000 rpm/s). This acceleration and the high spinning rates

(∼ 4000 rpm) cause most of the solution to be ejected and a thin film (some 10’s of

microns) remains. After a short period of time (about 1 s), the remaining solvent in

the film evaporates and a polymer film with a typical thickness of 100 nm remains.

The thickness can be measured using atomic force microscopy (AFM) or ellipsometry.

In most cases, an annealing step occurred before any further experimentation

with the polymer films. Annealing above Tg allows excess solvent that remains after

spin coating to be driven off and allows chains to equilibrate from their highly non-

equilibrium as-cast states (due to the hydrodynamic shearing during spin coating,
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Ts
T3
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Figure 2.1: (a) Unlevelled data for a typical craze height measurement. For clarity
only every tenth data point to be fit is shown. (b) The levelled data with horizontal
lines indicating the height of the undisturbed film h ≈ 104 nm and the height of the
craze hc ≈ 23 nm, both relative to the substrate at h̃ = 0.

and the swelling described around Eq. 1.11, see Paper 1.vi). For annealing, we used

a home built vacuum oven that typically operated at 10−5 mbar. An example of a

vacuum oven that has been used for annealing is schematically shown in Fig. 2.1. The

bottom aluminum plate was heated to a temperature T1 using a heating pad and the

temperature measured with a thermocouple, 130 ◦C was a common annealing tem-

perature (see the manuscripts for details). An aluminum plate at the top, separated

from the oven walls by a rubber O-ring, was left to be at room temperature, T2, and

seals the vacuum chamber. A circular aluminum hat, at temperature T3 measured

with a thermocouple, was placed over the sample. The sample temperature, Ts, is

determined by an equilibration with the bottom and top plates, and the hat. Since

the heating surface is at T1, we assume that T3 < Ts < T1. If the hat is simply placed

over the samples, we have found that mechanical contact with the bottom plate is not

significant. In this case, the dominant heating mechanism of the hat is through radi-

ation (since the chamber is evacuated) and we find that T2 < T3 < T1. The difference

between T1 and T3 can be between 10 and 20 ◦C. Since the viscosity and relaxation

times of polymer chains are exponentially dependent on the temperature [2], we have

found that this annealing method is not appropriate when the temperature must be

known with a precision of a couple of degrees Celsius. By clamping the hat to the

bottom plate, the hat obtains significant mechanical contact. We have found that it

is possible to obtain |T1 − T3| < 2 ◦C in this way.
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2.2 crazing

As described above, the crazing measurements started by spin coating a thin film

of PS on a 30 × 30 mm2 mica substrate. The molecular weights used were typically

quite large in comparison to all PS described in this thesis (785 and 1140 kg/mol

in Papers 1.v and 1.vi), although for the blending experiments, mixtures containing

much lower molecular weights were also used (5 kg/mol blended with 785 kg/mol

in toluene solutions, Paper 1.v). After spin coating a film, an annealing step was

performed (without the clamp in Paper 1.v, with the clamp in Paper 1.vi).

After annealing, the PS films were scored into 9× 9 mm2 sections with a scalpel

(nothing more than the weight of the handle and blade is necessary to score the ∼ 100

nm films). Sections of the PS films were floated onto an ultra clean water bath (Milli-

Q or Pall Cascada LS, 18.2 MΩ cm), and picked up across the 1.5 mm gap of fixed,

but detachable, aluminum blocks. Prior to floating, these blocks are polished with

4000 grit Si-Carbide sand paper. They were cleaned using acetone and Kimwipes,

and were also sonicated in acetone (Fisher Scientific, Optima grade).

After floating, films were left to dry in air for a minimum of 30 min. After

drying, the two aluminum blocks were attached to a translation stage and a fixed

aluminum platform respectively. The two blocks were unfixed from each other and

the translation stage, controlled with LabView software, was moved such that the

films had an average strain rate of ∼ 2× 10−4 s−1. Strain was applied under ambient

conditions until crazes were visible under a 4× objective optical microscope. As crazes

are typically ∼ 10 µm wide and up to a few millimetres long, they are best observed

using light scattered from their edges at this magnification.

Having produced a film with crazes, the two aluminum blocks are again fixed

relative to each other and they are removed from the translation stage and platform.

A clean Si wafer is then used as the substrate, onto which the crazed film is placed.

Surface (van der Waals) forces pull the film and craze into contact with the Si wafer.

The tip of a scalpel blade is then used to put scratches into the film and using AFM,

it is possible to measure a height profile as shown in Fig. 2.2.
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crazing analysis

With AFM data collected, an example of which is shown in Fig. 2.2(a), the typical

measurements that should be acquired are hc and h, both relative to the substrate. As

the changes in the ratio of these values are often quite small, it is important to remove

as much as possible all imaging artifacts intrinsic to the AFM scanning. In particular,

an analysis developed with this goal in mind has made use of the assumption that for

all measurements made on the AFM, there is some background slope on the image,

as well as a small (relative to the slope) scan parabola due to non-linearities of the

AFM piezo-electric materials. Standard software packages in the analysis of scanning

probe microscopy typically have tools to remove both of these artifacts, but usually

these can be applied only to a specific region of interest that is not expected to have

large, systematic changes in the height. In the craze measurement, we measure a

collection of large height changes, in between which we expect the topography to be

relatively flat. We have found that the usual analysis methods of common software

packages are not adequate for this levelling analysis.

For the typical crazing measurement, the line profile for the height, h̃, as a function

of position, x, has the form shown in Fig. 2.2(a). In our analysis we make the

approximation that this data is a composition of three Heaviside step functions, with

an additional general quadratic superimposed. Introducing the notation Θq = Θ(x−
x̄q) for a Heaviside step function centred at x̄q, the measured profile has the form

h̃(x) = αx2 + βx+ γ + hΘ1 + (hc − h)Θ2 + (h− hc)Θ3 , (2.1)

= αx2 + βx+ γ + h(Θ1 −Θ2 + Θ3) + hc(Θ2 −Θ3) , (2.2)

= αx2 + βx+ γ + hΘ12̃3 + hcΘ23̃ . (2.3)

Here, Θij··· = Θi+Θj + · · · and a tilde ( ĩ ) indicates subtraction; we should be careful

not to confuse γ (the fitting constant) with γ (the surface tension). By selecting

the data in regions that we expect to be flat, and neglecting data in regions of height

transitions, it is possible to do a linear least squares fit of the data h̃i(xi) after defining
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Figure 2.2: (a) Unlevelled data for a typical craze height measurement (785 kg/mol
PS, annealed for 40 hr at 130 ◦C). The line shows every measured data point, with
grey points the data to be fit. For clarity only every tenth data point to be fit is
shown. (b) The levelled data (grey points) using Q(x) = αx2 + βx + γ. Horizontal
lines indicate the height of the undisturbed film h ≈ 104 nm and the height of the
craze hc ≈ 23 nm, both relative to the substrate at h̃−Q = 0.

the three x̄q. Having done so, we minimize

S2(a) =
∑

i

[
h̃(xi)−

{
αx2i + βxi + γ + hΘ12̃3 + hcΘ23̃

}]2
, (2.4)

where a = [α, β,γ, h, hc]
T and i runs over the data that has been selected for fitting.

Setting ∂S2/∂ai = 0 for all i leads to the following set of linear equations which is

inverted for a:




x4i x3i x2i x2iΘ12̃3 x2iΘ23̃

x3i x2i xi xiΘ12̃3 xiΘ23̃

x2i xi 1 Θ12̃3 xiΘ23̃

x2iΘ12̃3 xiΘ12̃3 Θ12̃3 Θ12̃3 0

x2iΘ23̃ xiΘ23̃ Θ23̃ 0 Θ23̃







α

β

γ

h

hc




=




x2i h̃i

xih̃i

h̃i

h̃iΘ12̃3

h̃iΘ23̃



, (2.5)

or,

Ma = y .
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In M and y, it is assumed that all entries are summed over all i. Solving1 Eq. 2.5

provides a systematic way of measuring hc and h, as shown in Fig. 2.2(b).

2.3 capillary levelling

The capillary levelling samples also begin with spin coated polymer films, in this

case films are cast onto mica and Si substrates, the former being rinsed with ultra

pure water, methanol and toluene. In most cases, the films were annealed at 130 ◦C

for 24 hr prior to stepped film preparation (the clamp described at the beginning of

this chapter was used in Papers 1.ii and 2.i, 2.ii, but not for Papers 1.i and 2.iii).

In these cases, molecular weights between 15.5 and 192 kg/mol are used, though in

forthcoming experiments, we will see higher molecular weights used.

After annealing, the preparation of stepped films proceeds as detailed in Paper

1.i; and the process is described here as well. The films on Si form the bottom layer

of height h1, these heights are typically measured with AFM after all annealing has

been completed on the stepped film system. To measure this height, a scratch is put

into the film with the tip of a scalpel blade near (typically a few tens to hundreds of

micrometres) the spot where capillary levelling profiles were collected. The films on

mica were used to form the step of height h2.

To form the step, sections of films were floated off mica onto an ultra clean water

bath. In cases of low molecular weights (Mw . 55 kg/mol), the films broke apart on

the water and this results in many clean edges for the capillary levelling experiments.

55 kg/mol PS films can be tapped gently with tweezers while they are floating on

the water and this typically results in their breaking resulting in the presence clean

straight edges. For higher molecular weights, the films are much stronger due to the

presence of entanglements.

Films with higher molecular weights were picked up using a second 1×1 cm2 1-0-0

Si wafer that has been scored (approximately 1 mm near and perpendicular to the

horizontal edge) using a diamond scribe. It helps to expose this second Si wafer to

an air plasma (a Harrick plasma cleaner was used here) for approximately 30 s. The

plasma cleaning decreases the contact angle of water with the wafer as compared to

1A MATLAB package written to solve these equations – craze.zip – can be found at:
http://www.physics.mcmaster.ca/∼dalnoki/KDV Group/Code.html.

42



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

an unexposed wafer. The smaller contact angle results in floated films with fewer

folds, helping to increase the possibility of finding clean straight edges. With the

films on water, the plasma cleaned Si wafers are partially dipped into the water using

self-closing tweezers, at a shallow angle typically less than 45◦, allowing a meniscus

to crawl up the wafer. A section of film is then pushed with clean (cleaning with

Kimwipes and acetone is sufficient) tweezers up the meniscus and is held in place

with the tweezers until some of the meniscus dries and contact between the film and

Si wafer is observed.

The film is then slowly pulled out of the water bath as water evaporates from

between the wafer and the film. After completely drying (approximately 10 minutes),

the Si wafer with the floated film is split by applying pressure with the diamond scribe

on the scored portion of the wafer. The splitting of the wafer results in the film also

being split into two pieces. Individually, these two pieces can be floated back onto

the water bath. Keeping track of the side that was split by the propagating crack,

the PS film spin coated onto Si is dipped into the water at an angle of approximately

90◦. The floating film is then gently pushed into contact with the PS-on-Si. Once

contact is made, the cohesion between PS and PS ensures that when the PS-on-Si is

pulled out of the water, the floating film comes with it. It has been noted that the

highest probability of success in making the stepped film as clean and flat as possible

occurs if the split edge is the last part of the floating layer to leave the water bath.

After floating of the second layer has been completed, inspection of the sample

with high magnification (50×) is necessary. For high molecular weight films, crazes

along the split face are commonly found, as are folds in the film. For all stepped

films studied here, the regions of interest were free of crazes and folds as viewed with

optical microscopy and AFM. The rate of success for making such a stepped film is

roughly one-in-six when the molecular weights are high enough for the films to form

crazes. For unentangled films, almost all attempts result in a suitable measurement

area.

With the preparation of a stepped film completed, AFM was used to inspect the

regions of interest before annealing. We have found that the steps are a Heaviside

step function to within a couple of hundred nanometres in the x-direction defined

by Eq. 1.1. When the topographic slopes are comparable to the AFM tip angle,
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interactions between the side of the tip and the topographic features are possible. The

topographic features therefore appear broader than they are. Since the AFM tips we

use have a tip angle of approximately 45◦, it is probable that tip convolution artefacts

are present in the as-cast films: the as-prepared steps may be even sharper than they

appear as measured with our tips. When steps are free of defects for some tens of

micrometres (the typical scan sizes used for the results presented here), annealing of

the stepped films was performed at temperatures 120 ◦C < T < 180 ◦C for tens to

thousands of minutes. After annealing, measurements of the same spots inspected

prior to annealing were imaged using AFM. In Paper 1.i, optical microscopy was used

and images were collected throughout the annealing process. In all cases the widths of

the experimentally levelled profiles observed was much greater than the initial width

as measured before annealing. Therefore, typical experimental deviations from the

Heaviside initial condition used in the models can be neglected.

levelling analysis

The analysis of levelling data starts in much the same way as for crazing data. Our

samples are prepared with topography that satisfies Eq. 1.1 to a good approximation

(see Papers 1.i and 1.ii for examples of initial height profiles). A typical measured

line profile after annealing is shown in Fig. 2.3. The range of distances required is

often much larger than for measurements of crazed samples, and the scan parabola

from the AFM is often more apparent, as shown. For levelling data, we assume that

in regions that have not been disturbed by capillary levelling, the data is still well

described by a function with the same form as Eq. 2.3, except with only a single

Heaviside step:

h̃(x− x̄0) = αx2 + βx+ γ + h2Θ1 , (2.6)

where h2 is the height of the upper layer of the stepped film, h̃ represents the measured

data with no levelling, and x̄0 is determined after removing the quadratic contribution

to the data. The function to minimize is

S2(b) =
∑

i

[
h̃(xi)−

{
αx2i + βxi + γ + h2Θ1

}]2
, (2.7)

44



PhD Thesis - J.D. McGraw McMaster University - Physics and Astronomy

0 10 20 30 40

0

50

100

150

x − x̄0 (µm)

h̃
(n

m
)

(a)

−10 0 10

0

50

100

150

x (µm)

h
−

h
1
(n

m
) (b)

Figure 2.3: (a) Unlevelled AFM data for a typical capillary levelling measurement
(118 kg/mol PS annealed at 180 ◦C for 10 min, {h1, h2} = {87, 113} nm). The line
shows every measured data point, with grey points the data to be fit with Eq. 2.7.
For clarity only every tenth data point to be fit is shown. (b) The levelled data (black
line) with a light grey line indicating the step function with the same volume as the
measured height profile. The data which was fit to the step function is shown as grey
points.

where b = [α, β,γ, h2]
T and x̄1 is defined prior to the fitting (note that x̄1 6= x̄0 as

seen in Fig. 2.3, the latter being determined by the volume conservation described

below). Setting ∂S2/∂bi = 0 for all i as before leads to a system of equations similar

to the one shown in Eq. 2.5, determining b, and in particular h2. Since there is a film

with height h1 (measured according to a replacement of h2 with h1 in Eq. 2.7 and

using the appropriate data set) under the measured baseline for levelling samples, we

see that

h̃−Q = h− h1 , (2.8)

where

Q(x) = αx2 + βx+ γ . (2.9)

In Eq. 2.8, h is the quantity that appears in Eq. 1.35.

With b determined, it is important to choose the horizontal origin (x̄0) in a con-

sistent way. This will be crucial when comparing data sets from the same sample at
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different times; if the origin is not chosen in a consistent way, then the self-similar

scaling (Eq. 1.37) will not collapse the time-dependent data. Since we prepare the

samples with a topography that is well represented by h(x, 0) = Θ(x), a natural way

of choosing the origin is to enforce a volume conservation, with the origin being the

position of the height step at t = 0. This constraint is used to determine the origin.

After determining b and computing h− h1 according to Eq. 2.8, the discrete volume

of the measured profile (relative to a height, hv, which is less than or equal to the

minimum height of the profile, hv ≤ hmin) is computed according to

Vm = ∆x
n∑

i=1

(hi − hv) , (2.10)

where ∆x is the spatial increment of the measured profile and n is the number of

measured points2. The volume of the step function is

Vs =

∫
dx hv + h2Θ0 ,

≈ ∆x

[
io−1∑

i=1

hv +
n∑

i=io

(h2 + hv)

]
,

= ∆x
[
(io − 1)hv + (n− io + 1)(h2 + hv)

]
. (2.11)

Thus, io is chosen so as to minimize |Vm− Vs|, which determines x̄0. In Fig. 2.3(b) is

shown a profile that has been levelled and centred according to the procedure outlined

in this section.

determination of the capillary velocity

In the previous section, a method of removing the quadratic contribution from cap-

illary levelling data was described, which yields measured values of h1 and h2 and a

profile h(x, t)− h1. Using these measurements, we define a dimensionless step profile

as H(X, 0) = H1 + H2Θ(X) with H1 and H2 chosen such that their ratio matches

the ratio of the measured heights. In Paper 2.i, a method of numerically solving

Eq. 1.36 is described. In principle this method can be used to solve for the height

2Using a more sophisticated numerical algorithm for computing the volume produces no mean-
ingful change in the results.
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Figure 2.4: (a) Fit of a computed profile ({H1, H2} = {0.77, 1}, black line) to the
levelled data shown in Fig. 2.3. For clarity, only every fifth measured point is shown.
(b) The residuals of the fit with ∆ = [h−h1]−ho[H−H1]. Note that a 1 nm deviation
is less than 1% of the measured height range. (c) Variation of χ2 as a function of αeg
as defined in Eqs. 2.13 and 2.15. The solid line is a quadratic fit to the computed
data (grey squares).

profile starting from any 1-dimensional topography, but there we have focused on the

stepped film geometry, along with the spherical cap on a film. In the stepped film

case the initial height profile chosen is a discretized version of

H(X, 0) =





H1 if X < 0 ,

H1 +H2/2 if X = 0 ,

H1 +H2 if X > 0 ,

(2.12)

where Hi = hi/ho. We normally choose ho = h2. With this initial condition, a

special numerical form [75] of Eq. 1.36 is discretely integrated forward in time using

a fourth order Runge-Kutta algorithm. The result of such a computation is shown in

Fig. 2.4(a).

Using these computational profiles, it is possible to determine a capillary velocity

γ/η (where γ is the surface tension). Guided by the self-similarity principle, we define
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f(u) = h(x/t1/4) and as before F (U) = H(X/T 1/4). The function to be minimized is

S2(c) =
n∑

i=1

[
f(u− δu)− h2F (αegU) + δF

]2
, (2.13)

where c = [αeg, h2, δu, δF ]T. The shift δu is inserted to remove any error that arises

from the discretization in the volume in Eq. 2.10. δF is introduced to account for

errors in the height measurements. The result for a typical fit, after minimizing

Eq. 2.13 with ∂S2/∂ci = 0 for all i, is shown in Fig. 2.4(a). The residuals of the fit

are shown in Fig. 2.4(b), where we see that deviations on the level of 1% are typical.

The most physically relevant fitting parameter in Eq. 2.13 is αeg. By comparison to

Eq. 1.37, we can see that α4
eg = γh3o/3η. Therefore, we have

γ

η
=

3α4
eg

h3o
, (2.14)

which is the sought after quantity. Therefore, with a simple stretch of a computed

height profile, we find that it is possible to measure the ratio of the surface tension to

the viscosity of a polymer film3. For constant molecular weight, we have consistently

measured capillary velocities in stepped films with thicknesses (h1 or h2) ranging in

thickness from ∼ 30 to 1000 nm.

To compute the error in the capillary velocity, we use Eq. 2.13 and compute

χ2 =
S2(c)

(n− 4) 〈σ2
h〉

(2.15)

for a range of αeg in the vicinity of the minimum, αmin. Here we take the average

error in the height measurement to be the root-mean-square roughness of the polymer

film, 〈σ2
h〉 ≈ 0.3 nm. The variation of χ2 is shown in Fig. 2.4(c). The error in αeg is

taken as inversely proportional to the curvature of the χ2 versus αeg curve at αmin:

σαeg = 2

[
∂2χ2

∂α2
eg|αmin

]−1/2
(2.16)

3A MATLAB package written to level and centre a stepped film pro-
file, and to determine the capillary velocity – caplev.zip – can be found at:
http://www.physics.mcmaster.ca/∼dalnoki/KDV Group/Code.html.
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We thus extract an error in αeg of about 5% of the best fitting value. After carrying

the error associated with αeg into the capillary velocity (the error in the height mea-

surement is negligible by comparison), we have γ/η = 3.2± 0.6 µm/s for 118 kg/mol

PS at 180 ◦C. This error is typical for all of the capillary velocity measurements

reported in this thesis.
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Chapter 3

Summary of Papers

In this chapter and in Appendix B, a brief description of the projects to which I

have contributed during the course of my PhD studies is given. In particular, my

contributions to each of the projects are explicitly stated. In this chapter, the works

for which I was the main contributor are described with the manuscripts to be found

in Appendix A, while the works in which I played a secondary role are described in

Appendix B.

In Papers 1.i, 1.ii and 2.i, 2.ii, the work concerning the capillary levelling of a

stepped film in one dimension is described. Understanding of this system, and in

particular the hydrodynamics describing it, helped in our understanding of the system

described in Paper 2.iii, where we uncovered new scaling laws in the levelling of liquid

droplets on a liquid substrate.

Our work on capillary driven flows continues in Paper 1.iii where we describe the

instability of homopolymer rings. In Paper 1.iv, the molecules contained within the

rings are diblock copolymers. There we see that the structure of the molecules results

in the formation of defected lamellar phases near the boundary of a liquid. The

interaction of these defects plays a dominant role in the shape and dynamics of the

ring structures. In Paper 2.iv, the structure of the defects driving the experimentally

observed flow is considered theoretically.

Papers 1.v and 1.vi are concerned with the structure of the entanglement networks

of long-chain polymer films. In Paper 1.v, we investigate the effect of adding small

chains of various lengths and weight fractions to these long-chain networks. Paper
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1.vi deals with the preparation of non-equilibrium entanglement networks, and also

their temporal evolution in the melt state. Paper 2.v deals with the longstanding

debate about non-equilibrium effects on the glass transition of thin polymer films.
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Paper 1.i

Capillary levelling as a probe of thin film polymer rheology

J.D. McGraw, N.M. Jago and K. Dalnoki-Veress, Soft Matter, 7, 7832 (2011).

This paper is the first in a series that deals with the capillary levelling of stepped

polymer films. In essence, it is the proof-of-concept that motivated further study for

this system. The quantity that we extract from optical microscopy images is the slope

of the topography at the midpoint of the step. We find that the steps become more

level as time progresses, in accordance with the intuitive notion that highly curved

surfaces should level with time. Using a scaling approach developed by Stillwagon

and Larson [76] (Prof. A.-C Shi is gratefully acknowledged for guiding us to this liter-

ature), we find that a characteristic width, w, defined by the extracted slope changes

with time as w ∼ t1/4. The prefactor in this power law is inversely related to the vis-

cosity, and by keeping the geometry of the films constant and changing the molecular

weight only, we find that the prefactor changes according to the expectations of bulk

polymer rheology. That is, we find the expected molecular weight dependence of the

viscosity.

I performed the initial experiments on this system, and also developed the method

by which samples are prepared in collaboration with my supervisor. Early discussions

with Dr. A. Raegen are also gratefully acknowledged here. N. Jago joined our group

as a summer student, and I co-supervised him while we worked through methods of

extracting quantitative information from the optical microscopy data, and also fine

tuned the sample preparation. I wrote early versions of the MATLAB codes used to

extract this information. I prepared the first draft of the manuscript.
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Paper 1.ii

Self-Similarity and Energy Dissipation in Stepped Polymer Films

J.D. McGraw, T. Salez, O. Bäumchen, E. Raphaël and K. Dalnoki-Veress, Physical

Review Letters, 109, 128303 (2012).

The second experimental study of the stepped film system involved the theoreti-

cal expertise of T. Salez supervised by E. Raphaël at the ESPCI in Paris, France. In

this study we focused on the details of the topography as the step evolves in time.

Using the numerical scheme developed by T. Salez (see Paper 2.i), we found that it is

possible to closely match the experimental profiles to the numerically computed ones,

as described in Chapter 2 here, leading to a determination of the capillary velocity,

γ/η. The temporal evolution is described in terms of a self-similarity argument, and

we learn that all length scales of the capillary driven stepped film evolve according

to t1/4 – in particular, this growth law is not limited to w as defined in the Paper 1.i.

This generalization of the length scale evolution leads one to the conclusion that the

contour length, i.e. the energy, also decreases according to t−1/4. Aside from the tem-

poral evolution of the stepped bilayer, we also investigate the geometric dependence

of the evolution. By varying h1 and h2 in the as-prepared stepped films while keeping

the molecular weight constant, we see that the fraction of the initial free energy is

different at a constant annealing time for different film geometries. We determined

that for the range of thicknesses, molecular weights and times investigated in this

study, it is possible to collapse nearly all of the data onto a master curve that was

justified by invoking self-similarity principles (Papers 2.i and 2.ii describe details not

contained in this Paper).

For this study, I designed and performed the experiments and wrote the first

manuscript; T. Salez wrote the theoretical section of this paper. The completion

of the manuscript was a collaboration between all the authors. I was also heavily

involved with discussions of the theoretical work that was led by T. Salez.
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Paper 1.iii

Plateau-Rayleigh instability in a torus: formation and breakup of a polymer ring

J.D. McGraw, J. Li, D.L. Tran, A.-C. Shi and K. Dalnoki-Veress, Soft Matter, 6,

1258 (2010).

In the last surface tension driven flow experiment, we investigated the instability

of toroidal caps on a Si substrate. The rings are forced to undergo a glassy-to-liquid

transition by immersion in a toluene saturated atmosphere (our experience here in-

spired the method for preparing the droplets in Paper 2.iii), and break up via a

Plateau-Rayleigh instability. Because of their toroidal nature, an alternative energy

minimization route exists, in which the rings can simply shrink into a single droplet.

We find that the evolution of toroidal rings is a competition of both mechanisms. In

addition to observing ring breakup and shrinking in the liquid state, we performed

simulations of a time dependent phase separation process; these were done by J. Li

under the supervision of A.-C. Shi. Using these simulations, and being guided by the

literature on the formation of ring shaped coffee stains [77], we propose a mechanism

for the ring formation during the complex spin coating process that is used to prepare

them.

This paper is a good demonstration of the principle that we should follow up on the

sometimes fun and unexpected results that are inevitable in research. The formation

of rings on a substrate was discovered by D. Tran during an honour’s research project

which I co-supervised. The original goal of the project was to prepare ‘unentangled

films’ – the droplet-into-methanol method was just one of many attempts to prepare

such films. Following their discovery, D. Tran focused his attention on ring break up

using optical microscopy. I collected all the AFM data that appears in the manuscript,

helped develop the model used to describe their formation with J. Li, and wrote the

first draft of the manuscript.
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Paper 1.iv

Dynamics of interacting edge defects in copolymer lamellae

J.D. McGraw, I.D.W. Rowe, M.W. Matsen, and K. Dalnoki-Veress, European Phys-

ical Journal E, 34, 131 (2011).

Following our investigations of homopolymer rings, we prepared rings out of diblock

copolymers. In this study, the toroidal nature of the rings is neglected, as the cur-

vatures in the plane of the substrate are much smaller than the curvatures in the

substrate-normal direction. Thus it is the radial height profile that we are concerned

with, furthermore, we focus our attention on the outer-most portions of the rings. In

this region, the height profile imposed by the formation of the rings is asymmetric

with respect to the highest point on the ring. Lamellae form parallel to the substrate,

and at the edges of the ring, they form steps. Each of these steps is a defect in the

lamellar structure that has an associated energy cost. When these defects are too

close to one another, there is an edge-edge interaction which causes the defects to

move relative to one another. We find that the edge motion is well described by a

model assuming a quadratic inter-edge potential with the motion being described by

classical mechanics.

For this project, I completed the initial experiments demonstrating that rings

could be prepared from diblock copolymers, and that their evolution and structure

was different from the homopolymer rings. I. Rowe joined the group as an honour’s

thesis student, whom I co-supervised on this project. I. Rowe completed many of the

early experiments which led to our studying the edge interaction and also collected the

first edge collection evolutions. I collected several more edge evolutions; developed the

model; wrote data analysis codes and numerical routines for solving the differential

equations using MATLAB; and wrote the first draft of the manuscript.
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Paper 1.v

Swelling molecular entanglement networks in polymer glasses

J.D. McGraw and K. Dalnoki-Veress, Physical Review E, 82, 021802 (2010).

In this project we turn our attention to the entanglement networks of films com-

posed of binary and ternary molecular weight blends of PS. The majority component

of the blend is a long chain which has on average ∼ 50 entanglement strands. We mix

short chains with these long ones, the molecular weights of the shorter chains being

less than or in the vicinity of the entanglement molecular weight, Me. We find that

the short chains act to dilute the entanglement network of the long chain system,

and that the molecular weight and composition dependence is captured by a simple

packing model.

This project began during the time of my MSc studies, and was written about

exclusively in my MSc thesis. The data for binary blends was collected during this

time. All of the ternary blend data was collected during the beginning of my PhD

studies. The model used to describe the data changed considerably over the first

year of my PhD studies and the manuscript, written by me, followed these changes

accordingly.
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Paper 1.vi

Relaxation of non-equilibrium entanglement networks in thin polymer films

J.D. McGraw, P.D. Fowler, M.L. Ferrari and K. Dalnoki-Veress, submitted to Euro-

pean Physical Journal E on 11/10/12, e120229: 8 pages.

In this paper, we continue the use of crazing measurements to investigate the entan-

glement networks of thin polymer films. Here we are concerned with non-equilibrium

states of the entanglement networks, and how they evolve in time. Two systems

are studied: the first is a network that results from the violent spin coating process

that is used extensively in science and technology for the preparation of thin polymer

films. We conclude that these networks must contain highly stretched chains upon

formation. We observe the temporal evolution of the craze measurement, (hc/h)2,

and find that this plateaus on a time scale that is consistent with the bulk polymer

reptation time. We note that this temporal result is in contradiction with several

reported results in the literature, and we offer plausible explanations for why this

might be. These are questions that will need to be addressed by the community in

the future.

The second entanglement network studied in this paper is the non-equilibrium

system formed in the preparation of a bilayer polymer film. These bilayers, equili-

brated according to the measurements provided in the first system studied, contain

an entropic interface at their centres, through which the polymer chains have been

folded back onto themselves. These reflected chains are not at equilibrium since their

conformations have been restricted by what used to be an air-polymer interface. In

the melt, these entropic interfaces heal as revealed by the crazing measurement. Re-

markably, the time scale of the interface healing is shorter than a bulk reptation time.

We propose a simple model that accounts for this fast relaxation.

All of the measurements reported in this paper were performed by P. Fowler. An

early version of the bilayer evolution plot was completed by M. Ferrari, it was these

measurements which led us to the conclusion that the sample annealing temperature

could be controlled to a much finer degree by clamping the hat in our vacuum ovens.

I co-supervised M. Ferrari during an honour’s thesis project, and also co-supervised

P. Fowler during summer research and honour’s thesis projects. I completed early
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experiments in the bilayer evolution project, demonstrating their feasibility. I also

wrote the first draft and developed the models describing the data.
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Chapter 4

Outlook and Conclusions

Just below Eq. 1.1, it was stated that Papers 1.i, 1.ii and 2.i, 2.ii lay the groundwork

for a versatile tool that can be used to attack many problems in the physics of

polymers near surfaces and interfaces. Here, examples of problems that we have

begun addressing will be presented, along with a preview of some data. As with

Papers 1.i, 1.ii and 2.i, 2.ii, the work shown here has been done in collaboration with

T. Salez and E. Raphaël (theory), and with O. Bäumchen (experiments), along with

my supervisor.

Eq. 1.35 is known to us as the Thin Film Equation (TFE). As the projects that

we undertake have necessitated the use of new physics in the hopes of understanding

experimental results, the number of acronyms employed has grown. Here, we will

very briefly describe the ‘Slip’, ‘Ultra’ and ‘Asymmetric’ Thin Film Equations (STFE,

UTFE and ATFE). The goal in these sections is to give a flavour of the physics we

explore in upcoming projects.

In addition to the projects described in detail below, we here speculate on some

of the outstanding problems to which the stepped film geometry may have some

relevance. The glass transition temperature of thin polystyrene films was reported by

Keddie, Jones and Cory [60] to be reduced when the films were less than a critical

thickness. This observation is consistent with the idea that molecules at surfaces and

interfaces are different than those in the bulk. Thus, if the system size is comparable to

some interfacial length scale, then one might expect deviations from bulk behaviour,

in particular where this is related to glassy dynamics. Since the work of Keddie,
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Jones and Cory was published, there have been a large number of studies reporting

deviations from bulk behaviour (see selected works by Forrest [78], Torkelson [79],

Ediger [80], McKenna [45] and others). The stepped film system can be used to shed

light on this problem of glassy dynamics since the presence of the height step provides

a driving force which may lead to a surface evolution, even below the glass transition

temperature [81].

There is still much to be learned about the entropic interface described in Paper

1.vi, and stepped films could be used to gain insights into this problem. Just as an

entropic interface exists between the bilayer films prepared in that paper, all of our

stepped films have a similar interface when the molecular weight is significantly above

the entanglement molecular weight (for all the stepped film levelling experiments

presented here, the timescales probed are too long to see any effect of the transient

entropic interface). Preparing films with molecular weights both significantly above

and below Me would be necessary. If one prepared such stepped films and performed

experiments for times much shorter than the times required to reach self similarity,

differences in the evolution could be attributed to the healing of the entropic interface

created by floating two films atop one another. These types of experiments could lead

to insights about the nature of entanglements in polymer systems.

Related to the early time regime described in the previous paragraph, the stepped

film experiments could lead to insights about the transient regime of differential equa-

tions such as Eq. 1.35. Using stepped films with molecular weights that are below

Me, and annealing for times shorter than the time required to reach self-similarity,

one could gain experimental access to these early times. The study of equations such

as Eq. 1.35 is an active research topic (see e.g. [82]), and the stepped film levelling

system could provide a valuable source of insight.

Slip TFE

In deriving Eq. 1.34, it was assumed that the velocity of the fluid at the solid-liquid in-

terface is u(0) = 0. However, this is not necessarily the case as has been demonstrated

by many researchers (see e.g. [47,50,83]). In the case where liquids slide against a solid

substrate, we define the slip length, bs through the boundary condition u(0) = bs∂zu|0
(see Fig. 1.6). Defined as such, the slip length is the distance below the substrate
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that the fluid velocity linearly extrapolates to zero. Using a boundary condition that

incorporates a non-zero slip length gives rise to the Slip Thin Film Equation (STFE):

∂th+
γ

3η
∂x
[
(h3 + 3bsh

2)∂3xh
]
. (4.1)

This equation is identical to Eq. 1.35 except for the presence of a second term added to

the h3 term in the spatial derivative portion of the continuity equation. In particular,

it is possible to non-dimensionalize the equation in exactly the same way as for the

TFE, and we have the same self-similarity variable, U =
(

3η
γh3o

)1/4
x
t1/4

, as defined in

Eq. 1.37.

Teflon surfaces are known to show slip behaviour [50], and in Fig. 4.1(a), we show a

comparison of profiles that demonstrate conclusively two ideas. First, the substrate,

and in particular the slip length, plays a role in the observed profile. A slippery

substrate allows for the movement of more material. Second, on the same slippery

substrate, there is a molecular weight dependence on the slip. This is seen to be

true by the observation that the higher molecular weight levelling experiment has a

broader profile in the reduced position variable (i.e. the dependence of the viscosity

has been normalized so we only see effects due to the substrate-Mw combination in

this representation).

Ultra TFE

As described in [34] and in Paper 1.vi, the entanglement network near an uncrossable

boundary is highly modified. In [41] and [42] it was suggested that the mobility

of polymers near such uncrossable interfaces is enhanced, and this is probably due

in part to the modified entanglement networks that exist there. These results have

motivated us to study a similar system, one in which the bottom layer of our stepped

film is comparable to the size of the unperturbed polymer size.

In Fig. 4.1(b) is shown the measured height as a function of position for a stepped

film with {h1, h2} = {18, 96} nm using 192 kg/mol PS. For this molecular weight,

the radius of gyration is Rg ≈ 12 nm. There is also a fit shown that used a profile

computed using Eq. 1.36. The salient feature of this fit is that it does not capture

the data in the dip region. We propose that this failure of the fit is due to the fact
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Figure 4.1: (a) Height as a function of scaled position for capillary levelling of stepped
films on Si and on teflon. The horizontal axis is chosen such that the heights, times
and viscosities of the polymers are normalized. The differences in the profiles are due
to the slip boundary condition at the solid-liquid interface. Data on teflon collected
by O. Bäumchen. (b) Height vs. scaled position for 192 kg/mol PS with {h1, h2} =
{18, 96} nm annealed at 140 ◦C for 2030 min. The points are measured data while
the black line is a fit to Eq. 1.35 (TFE).

that the polymer chains on the thin side of the stepped film are confined, and as a

result are more mobile. If the chains are more mobile on the thin side, then more

molecules would move from this side to reduce the free energy associated with the

step in the height. This kind of enhanced mobility can be modelled with a height

dependent viscosity. We thus have the Ultra-Thin Film Equation (UTFE):

∂th+
γ

3
∂x

[
h3

η(h[x])
∂3xh

]
, (4.2)

where η(h[x]) is a phenomenological effective viscosity, see [42] for an example of this

kind of approach to the modelling.

Asymmetric TFE

In order to test the idea that a higher mobility layer on the thin side of the stepped

film would result in a relatively larger dip, we prepared samples that were composed

of PS with two different chain lengths. In order to directly compare to the results

of the previous section, we prepared a thin PS film on Si with molecular weight 55.5
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kg/mol. To complete the stepped film, we floated a 192 kg/mol PS film – with roughly

the same height as that on the Si wafer – as the capping layer. Thus, we know in this

case that the material on the thin side of the stepped film is much more mobile. In

Fig. 4.2(a) we show the results of such an experiment. The stepped film was annealed

for 240 min at 140 ◦C.

For comparison, we show a stepped film in Fig. 4.2(b) that was composed of a blend

of the two molecular weights and also had h1 ≈ h2. This profile is well described by a

profile computed according to Eq. 1.36 (Paper 2.i) and fit according to the procedure

outlined in Section 2.3. Comparing the profiles in Figs. 4.2(a) and (b), one can see

that the profile in (a) has moved much more material from the thin side of the bilayer

as compared to the case in (b) where the molecular weight distribution (mobility) is

uniform.

Finally, if the material on the thin side of the stepped film is less mobile than

the material on the thick side, then we would expect that the dip would be small in

comparison to the symmetrically distributed mobility case. In Fig. 4.2(c) is shown

the results for an experiment in which we used a higher molecular weight for the film

on the Si substrate; the step is approximately the same height as the film that was

prepared on Si. It can be seen that the dip is much smaller than would be expected

if the film had a symmetrically distributed mobility.

In order to understand the data presented in Fig. 4.2, we have developed a model,

the Asymmetric Thin Film Equation (ATFE), that has nearly the same form as the

one shown in Eq. 4.2. In this case, the physics is slightly different and we instead

have η(h[x]) → η(Mw[x]) where the position dependent, weight averaged molecular

weight (Eq. 1.3) determines the local viscosity [25]:

∂th+
γ

3
∂x

[
h3

η(Mw[x])
∂3xh

]
. (4.3)

This equation relies on the presence of a Poiseuille flow (quadratic velocity profile

u(z)) to be valid, which in turn requires the molecular weight distribution in the

vertical direction to be uniform, while the film has a non-uniform distribution of

molecular weights in the horizontal direction. Since the lateral distances involved

in our problems are much larger than the vertical ones, we will assume that a fast

mixing in the vertical direction, compared to flow times in the x-direction, is valid.
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Figure 4.2: Demonstration that laterally asymmetric molecular weight distribution in
the stepped films results in profiles with different shapes. For all films here, h1 ≈ h2,
such that the film geometry cannot account for the profile shapes. (a) The film making
up the bottom layer has a high molecular weight; (b) the two films composing the
sample are made from the same blend; and (c) the lower molecular weight makes up
the lower film.

Conclusion

Surface tension is the result of a non-trivial, spatially varying interaction potential

between molecules: creating a surface requires energy. As a result of this energy cost,

nature tries to minimize the surface area of a given interface. In the works presented

here, we have taken advantage of this fact to study the physics underlying a wide range

of liquid polymer systems. First, we have studied the evolution of a liquid system

that is prepared with a surface that is well described by a Heaviside step function.

In this case, the excess surface area is provided by the height jump, and this excess

is found to dissipate with a power law in time ∆L ∼ t−1/4. In Papers 1.i, 1.ii and 2.i,

2.ii, we describe how this dissipation law comes about, and also derive the geometric

and material dependences that are in the prefactor of this simple energy dissipation

relationship. As a result of these studies and the various projects described in the

Outlook, it is hoped that the stepped film geometry will be useful in the study of thin

film polymer physics and thin-film hydrodynamics.

In Paper 1.iii we have observed that surface tension is responsible for the breakup

of polymer tori prepared on a substrate. We have also prepared these toroidal sections

from diblock copolymers as described in Paper 1.iv. We observe that the interplay
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between surface tension and the preferred lamellar structure results in a repulsion

between lamellar defects found at the interface of a thin film of symmetric diblock

copolymers.

When polymers are confined to thin films, it often happens that the method by

which these films are prepared leaves the chains in highly non-equilibrium configu-

rations. As the distribution of entanglements, and the chain length statistics play

such an important role in the physics of polymers, it is important to understand how

preparing films affects these quantities. In Papers 1.v, 1.vi and 2.v, we investigate

these effects. We have found that small chains tend to dilute entanglements. In-

termediate length chains do so as well, and there is a non-trivial molecular weight

dependence for the dilution probability in a crazing experiment. We have found

that spin coating, the method most commonly used for the preparation of thin poly-

mer films, leads to highly stretched, non-equilibrium chain configurations. Annealing

above Tg for periods of order one reptation time is enough to lose memory of the

spin coating effect for our samples prepared on mica. Polymer chains near interfaces

take on different conformations than those in the bulk. In Paper 1.vi, we investigate

the effect of placing two equilibrated polymer interfaces into contact. In the liquid

state, the chains explore new configurations, and the reflection that cost the chains

in entropy is undone on a time scale that is shorter than the bulk reptation time.
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Appended Papers

Manuscript i

Capillary levelling as a probe of thin film polymer rheology

J.D. McGraw, N.M. Jago and K. Dalnoki-Veress, Soft Matter, 7, 7832 (2011).
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While measuring the rheology of bulk polymer systems is routine, when the size of a system becomes

comparable to molecular dimensions, properties of flow are hard to measure and poorly understood.

We present the results of experiments that are easily performed and can probe the rheological

properties of polymer films that are mere tens of nanometres in thickness. Glassy bilayer polymer films

are prepared with height profiles well approximated by a step function. Upon annealing such stepped

bilayer films above the glass transition, the height profiles broaden due to gradients in the Laplace

pressure. By varying the molecular weights of the stepped films, we control the rate at which the

broadening takes place. A scaling relation derived in the lubrication approximation is used to show that

the rate of broadening is consistent with that expected from polymer rheology in the bulk, thus

validating the technique as a uniquely versatile rheological probe for thin polymer films.

Introduction

Molecular mobility in confined environments is markedly

different from that in the bulk. The study of confined flows has

received considerable attention as the application of thin liquid

films becomes relevant to industrial processes. Specifically, when

a polymer melt is confined to length scales smaller than the

natural size of these long chain molecules in the bulk, material

properties change. These changes pose great challenges for our

fundamental understanding of these systems. For this reason

developing robust experimental methods for the study of flow in

confined environments is an important endeavour; here we wish

to make a contribution to this end.

Two notable experimental methods by which one can study the

viscous and viscoelastic response of polymers confined to

nanoscale dimensions are by the observation of dewetting liquid

films from a substrate1–9 and the evolution of small scale surface

structure.10–17 In the case of the former, much has been accom-

plished in understanding the fundamental processes that govern

the dynamics of hole nucleation and growth. Dewetting in thin

films proceeds because there can be a reduction of the free energy

by exposing the underlying substrate. The energy gained by

exposing the substrate is dissipated by viscous friction in a rim

that forms around the dewetting hole. Fruitful collaboration

between theory1,4,18–20 and this experimental technique has led to

alternative measurements of the polymer reptation time,5 an

improved understanding of the mechanisms controlling slip

effects at the substrate polymer interface,7,8 and insight into the

effect of film preparation on the rheology of thin polymer films.9

In addition to dewetting, hole growth in free standing polymer

films has also been shown to be a valuable method of probing

viscoelasticity of thin polymer films.21–23

In the case of liquids which do not dewet a substrate and have

some surface topography, there is an energy reduction due to

a free surface evolution. Excess surface area is reduced by the

Laplace pressure and the relaxation of the surface is moderated

by viscous losses.10,24–26 The Laplace pressure arises from local

curvature at the free surface, r, and is equal to p¼ g/r, where g is

the surface tension.24 In cases where lateral length scales are

much greater than vertical ones, which is the case we will

consider here, the inverse of the radius of curvature is simply

given by the second derivative of the height with respect to

position, 1/r z v2xh. Various experimental systems have been

developed to study the relaxation of local curvature to investigate

viscous, elastic and glass transition effects.11–17

The measurement we describe here is among the list of rheo-

logical experiments that take advantage of surface tension to

measure viscous properties of thin polymer films. In what is to

follow, we will describe the technique which relies on preparing

stepped bilayer films for the study of thin film rheology. The

resulting samples are prepared in the glassy state and transition

from a ‘thin’ to ‘thick’ region with an initial height profile that is

well described by a Heaviside step function. As shown sche-

matically in Fig. 1(a), the stepped films are composed of a film

with thickness h1 at the substrate, partially capped with a second

film of thickness h2. A jump in temperature to above the glass

transition, Tg, allows the system to relax. The relaxation

proceeds such that the excess surface area in the transition from

a thin film with thickness h1 to a thick film with thickness h1 + h2
gradually disappears under the influence of surface tension. As

shown in Fig. 1(b), we characterize the evolution of the surface

profile with the width, w, which is a dominant length scale
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describing the flow. Since the force of surface tension driving flow

is balanced by viscous stresses, varying the molecular weight of

the polymer used in the bilayers modifies the viscous damping.

While our approach is complementary to the techniques

described above, it is distinct in its ease and versatility. Here we

consider the simplest case of two layers composed of a single

polymer species with the same molecular weight. However, it is

a simple matter to extend this technique to heterogeneous step-

ped films: two films of differing molecular weight, differing chain

architecture (e.g. linear and branched), or chemically distinct

polymer species, to name a few.

Experiment

All samples discussed in this work were prepared such that both

films making up the stepped bilayer were prepared from poly-

styrene (PS) of the same molecular weight. The PS used had

weight averaged molecular weights, M ¼ 24.7, 55.5 and 118 kg

mol�1, with polydispersity indices of 1.03, 1.07 and 1.05 (Polymer

Source Inc.). The polymer was dissolved in toluene with

concentrations ranging from 1.0 to 3.9 wt% depending on the

molecular weight of the polymer and the desired film thickness.

In the first stage of the stepped bilayer preparation (see Fig. 2)

a film with thickness approximately h1 ¼ 100 nm was spincast

onto a 10 � 10 mm2 Si wafer (University Wafer). A second film

also with an approximate thickness of h2 ¼ 100 nm was spincast

onto a freshly cleaved 25 � 25 mm2 mica substrate (Ted Pella

Inc.). Both films were annealed at 120 �C in vacuum for

approximately 12 h to remove residual stress and solvent. After

the initial annealing step, portions approximately 8 � 8 mm2 of

the film which was spincast onto mica were floated onto a clean

water bath (Milli Q). These pieces were then picked up using

another 10 � 10 mm2 Si wafer. A section near the edge of the Si

was previously scratched using a diamond scribe along the

crystal axis prior to floating. Immediately after picking up these

portions of the film, the diamond scribe was used to press firmly

on the scratch near the edge of the Si wafer. The pressure induces

fracture of the Si wafer along a line of crystal symmetry. With the

film floated across this line, the procedure results in a polymer

film with a straight edge (see Fig. 2(a)). Having prepared a thin

film with a straight fracture, these portions of the film are again

floated onto the clean water bath and subsequently picked up

using the Si wafers which have had thin PS films previously

spincast and annealed (Fig. 2(b)). With this procedure, it is

possible to find portions of the bilayer polymer film with height

profiles that are well approximated by a Heaviside step function,

h(x) ¼ h1 + h2 if x < 0, and h(x) ¼ h1 otherwise, where h(x) is the

film height at position x; this stage of the preparation is shown in

Fig. 1(a) and 2(c). The portions with straight edges are easily

found using an optical microscope.

Prior to measurements on the surface profile evolution (see

schematic in Fig. 2(d)) the step heights were measured using an

atomic force microscope (AFM, Veeco Caliber) in tapping

mode as follows. A scalpel blade was used to make a scratch

down to the hard Si substrate, away from the region where the

surface profile is to be observed. An AFM image in the region

where the substrate is exposed could then be used to determine

the thickness h1; h2 was subsequently determined by AFM in the

region where the sample was to be observed using optical

microscopy.

The prepared bilayers were placed on a heating stage (Linkam)

in air and the temperature was rapidly increased (90 �C min�1)

from room temperature to 180 �C, which is well above the glass

transition of PS, Tg � 100 �C (we have verified that performing

the experiment in an inert argon atmosphere using a 52 kg mol�1

sample produces identical results to similar samples annealed in

air). Shortly after reaching the final annealing temperature,

optical microscopy images were collected at various intervals up

to annealing times of approximately 6.6 � 104 s. An optical filter

centred at 630 nm (Newport 20BPF10-630, FWHM � 10 nm)

was placed between the light source and the sample so that, to

a good approximation, all light reaching the CCD was

monochromatic.

Under monochromatic illumination the light intensity

observed in the optical images is a direct consequence of thin film

interference.27 In order to calibrate the thickness obtained from

the light intensity values measured using the CCD camera, we

prepared a series of thin PS films on 10 � 10 mm2 Si wafers. The

thickness of all films was measured using ellipsometry. These

eighteen films prepared ranged from 13 nm to 200 nm in thick-

ness, bridging the range of thicknesses relevant to this study.

Prior to each measurement of the surface profile evolution, a set

of images was taken at the same exposure time and light intensity

using the calibration samples so that, using an appropriate phase

contrast model,27 the intensity could be related to the thickness of

the samples (see appendix).

For speed, versatility, and ease, measurements were performed

with optical microscopy. However, the optical measurements

Fig. 1 Schematic diagrams of the sample geometry. (a) The as-prepared

glassy stepped films composed of two layers: one in contact with the

substrate of height h1 and a second partially covering the first with height

h2. (b) When the temperature is above Tg, the films are in the melt state

and the width, w, spanning the regions between ‘thin’ (h1) and ‘thick’

(h1 + h2) broadens.

Fig. 2 Schematic diagrams illustrating steps of the sample preparation.

(a) A PS film is floated from mica onto a bare Si wafer, which is then split

in half. (b) One piece of PS, from (a) is floated off of the Si and onto

a water bath. This portion of the PS film is then picked up using a thin

film of PS that has been spincast onto a Si wafer. (c) The resulting stepped

bilayer film, composed entirely of PS on a Si substrate, shows different

light intensity under optical microscopy due to the differences in optical

path length of the monolayer and bilayer region. (d) Schematic sequence

showing that the transition in film thickness of the boxed film portion

shown in (c) broadens upon annealing above Tg.

This journal is ª The Royal Society of Chemistry 2011 Soft Matter, 2011, 7, 7832–7838 | 7833
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were verified using AFM. A sample with a molecular weight of

118 kg mol�1 was used to prepare a step edge as described above.

The initial height profile was measured in tapping mode, and the

sample was then heated to 180 �C for ten minutes. Following

a quench to room temperature, the topographic data in the area

of interest was again measured in tapping mode. This procedure

was repeated several times for various annealing times up to an

annealing time of approximately 4 � 104 s.

Results and discussion

Atomic force microscopy

In Fig. 3, we show AFM topographic data for lines perpendic-

ular to the step edge of a bilayer film. At t¼ 0.04 s, our claim that

the as-prepared bilayer film height profile is well represented by

a Heaviside step function is verified. As time progresses, the

transition region from thin to thick broadens. In addition,

a prominent dip forms which falls below the thin portion of the

stepped film. The dip is the result of material flow towards the

low pressure region, thus depleting material from the thin

portions. To characterize the width of the transition region, we

obtain the tangent to the topographic data at position x0, where

the height is half way between the thick and thin region

h0 ¼ h1 þ 1

2
h2. The width of the transition region can then be

defined through the slope of the tangent line, vxh|x0, as

w h h2(vxh|x0)
�1. (1)

Defined in this way, w is the distance over which the extrap-

olated tangent of the h(x) data at (x0, h0) traverses a height h2.

The inset of Fig. 3 shows the temporal evolution of widths as

measured by AFM. We note that the first data point corre-

sponding to the as-prepared bilayer film is shown at t ¼ 0.04 s.

This value for the time requires some justification.

As will be discussed below, the data is expected to follow

a power law, w(t) ¼ btn with t the annealing time, and

b a constant. However, the annealing time of the as-prepared film

should not be taken as t ¼ 0, because there is ambiguity in the

initial state for two reasons: (1) the as-prepared stepped film will

evolve even at room temperature due to the high initial Laplace

pressure; and (2) while the as-prepared film may be well

approximated as a Heaviside step function, it will deviate from

that on the smallest length scales. Thus, we fit the power law with

an offset, which is equivalent to suggesting that the film, which

relaxed at room temperature, had evolved as if it was heated at

180 �C for 0.04 s. Clearly the functional form with b ¼ 0.7 � 0.2

and n ¼ 0.26 � 0.02 is an excellent fit to the data.

Optical microscopy

In Fig. 4 we show typical optical images of the same spot on a 24.7

kg mol�1 stepped film, both as-prepared (a), and after annealing

for approximately 6.6 � 104 s (b). These images can be compared

to the schematic evolution shown in Fig. 2(d) and the evolution of

theAFM line profiles inFig. 3. The contrast in the images is due to

spatial variation of the optical path length resulting from differ-

ences in the film thickness. The solidwhite lines inFig. 4(a) and (b)

show the observed average intensity across the transition region.

Consistent with the schematic and the AFM data, these images

show that the transition between the thin and thick regions of the

film broadens with time. In comparing AFM to optical micros-

copy data, it is worthwhile noting that while AFM has the

advantage of being able to probe narrow transitionwidths, optical

Fig. 3 AFM height profiles, horizontally shifted such that h(x) ¼ h0
when x ¼ 0, of a 118 kg mol�1 PS stepped bilayer film annealed for

various times up to �4 � 104 s. The substrate is approximately 90 nm

below the line extending horizontally from x ¼ 0 through x ¼ 10 mm in

the AFM trace at t¼ 0.04 s. The inset shows the width (see eqn (1)) of the

transition from thin to thick film regions as a function of time. The line is

a power law fit as described in the text.

Fig. 4 (a) An optical image of an as-prepared 24.7 kg mol�1 PS stepped

film; and (b), the same sample after annealing for approximately 6.6 �
104 s. Optical microscopy images were obtained under monochromatic

illumination. The solid white lines show the averaged intensity profile

across the transition region. The width and height of both images is

65 mm. (c) The width, w(t), for the transition region of the stepped films

prepared from three different molecular weights. w was determined from

the optical images and determined using eqn (6).
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microscopy can access small gradients in the height. Remarkably

this translates to being able to probe lateral flows over tens of

micrometres in films with thickness � 100 nm. The geometry of

this stepped film is such that the thin region is near the first

minimum in the periodic thickness versus reflected intensity curve

and the thick film is close to but less than the nearest maximum.

Thus, the intensity varies monotonically with the film thickness,

simplifying the interpretation of the images. Using the thin film

interference equations to describe the reflected intensity as

observed on the CCD detector,27 it is straightforward to obtain w

as described in the appendix.

Fig. 4(c) shows the results of several experiments in which

stepped films were annealed for approximately 6.6 � 104 s at

180 �C. From the intensity profiles of the monochromatically

illuminated optical images the width was obtained as a function

of time for three molecular weights (see eqn (6) in the appendix).

For all samples studied, w(t) increases quickly for early times,

since that is when gradients in the Laplace pressure are the

greatest. As the widths become larger, the rate of increase slows

as the pressure gradients relax. It is notable that for a given

annealing time, the molecular weight of the sample determines

the width; larger molecular weights result in smaller widths due

to the greater viscous dissipation.

To understand the data presented in Fig. 4(c) quantitatively,

we resort to analysis based on the lubrication approximation of

the Stokes fluid equations. Extensive reviews on flow in thin fluid

films have been written25,26 and the evolution equations are

developed there in full detail and for systems of much greater

generality than we will consider here. Stillwagon and Larson10

have carried out a detailed derivation of flow in a system that is

similar to that described here. Here we quote the final result,

while their derivation is outlined in the appendix. Within the

lubrication approximation, the width characterizing the transi-

tion region between the thin and thick regions of the film grows

as a power law in time:

w4 � gh30t

h
; (2)

where h is the viscosity of the fluid under study.

Comparison to model expectations

In Fig. 5 we show the results of w(t) for all stepped films on

a double logarithmic plot in accordance with the prediction of

eqn (2). As discussed above, there is some ambiguity in the choice

of t ¼ 0 because of sample preparation and relaxation of the step

prior to commencing the experiment. Furthermore, experimental

practicalities dictate that it takes some time to heat from below

Tg to 180 �C, to focus the sample, and begin data collection. For

this reason all data are fit to the functional form for w(t) with an

offset in time to determine the time corresponding to the first

width measurement point (i.e. shift t, such that when the data is

extrapolated to t ¼ 0, w ¼ 0). The time shifts for all data are

reasonable and range from 18 s to 120 s. Clearly this lag time only

affects the initial annealing times and is insignificant for

annealing times ranging up to tens of hours.

In addition to the optical data, we also show the widths as

measured directly from the AFM profiles of Fig. 3. While all

optical data was carried out for stepped films with nearly equal

values of h0 ¼ 148 � 3 nm, the AFM images were obtained on

films that were slightly thinner with h0 ¼ 136 � 2 nm. Thus the

AFM data was scaled by the factor (148/136)3 in accordance with

eqn (2). The agreement between the AFM and optical data for

the 118 kg mol�1 PS provides a further verification of the

measurement and eqn (2).

Eqn (2) predicts that the measured width of annealing bilayers

should increase with time as a power law, w(t) ¼ bt1/4. The solid

gray lines in Fig. 5 are best fits to the data using b as the only

fitting parameter for each molecular weight. The data is well

represented by the expected power law dependence. As pointed

out by Mullins,28 there are additional surface and volume

diffusion processes that may contribute to the evolution of the

steps, especially in the case of small molecule liquid systems.

Below we present analyses which supports the idea that bulk flow

is a dominant mechanism for the results presented in Fig. 3–7.

The result from the lubrication approximation also predicts

that the prefactor, b, should decrease with the viscosity as h�1/4.

The prefactor also contains dependence on g and h0, but only the

molecular weight, and hence the viscosity, varies between data

Fig. 5 Logarithmic plots showing w as a function of t for several stepped

films. For each molecular weight, the data represent four individual

annealed bilayers under similar conditions. Except for the sample that

was observed by AFM (r), all samples were observed under an optical

microscope.

Fig. 6 Scaled viscosities, h/a, as a function of molecular weight obtained

from the data in Fig. 5. The grey curve is the best fit of eqn (3), which

describes h(M) in the crossover region from Rouse dynamics (h � M) to

the reptation dynamics in the entangled melt h � M3.4. The black curve

represents the long chain reptation regime.
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sets in Fig. 5. Therefore, we can write b ¼ (a/h)1/4, with

a a constant. Since the viscosity of a polymer melt varies with

molecular weight,M, in a well established manner,29 it is possible

to verify the scaling of the data with M as suggested by eqn (2).

In Fig. 6 we show the values of h/a as a function of the

molecular weight, where h/a was obtained from the best fits to

the data in Fig. 5. Since a is independent of the molecular weight,

the ratio h/a should follow the well established dependence of the

melt viscosity as a function of M (see the text by Rubinstein and

Colby29). For chains much shorter than the critical molecular

weight, Mc, the viscosity of a polymer melt is dominated by the

Rouse model. In this regime h�M. On the other hand, forM[

Mc, entanglement effects are most important and in this regime it

is found that h � M3.4. It turns out that for polystyrene, the

critical molecular weight is approximately Mc z 31 kg mol�1.30

Therefore, the molecular weights used in this study are in neither

asymptotic regime. In the crossover regime the viscosity is well

described by29

h eM
"
1þ

�
M

Mc

�2:4
#

(3)

which smoothly joins the two asymptotic limits. Eqn (3) assumes

that our experiments probe only the zero shear rate viscosity.

This assumption is justified here by ensuring that our strain rate

is well below that for which shear thinning becomes important.†

The gray solid line in Fig. 6 shows the best fit curve to the

h/a data using eqn (3). In this fit there is only one free parame-

ter in the expression h/a ¼ zM[1 + (M/Mc)
2.4]. We find

z ¼ 1.8 � 0.5 � 10�4 mol s kg�1 mm4. Also shown (black line) is

the extrapolated high molecular weight asymptotic limit with

h � M3.4. The agreement with the expected functional form is

excellent, providing further evidence that the technique is

a robust probe of viscosity in thin polymer films. As noted above,

the prefactor, b, of eqn (2) contains dependence on the height, the

surface tension of the films, and a numerical constant. Taking the

height as h0, using the surface tension of polystyrene33 and bulk

viscosities32 corrected for temperature using theWLF equation,29

we can extract an estimate of the numerical constant by

considering the data in Fig. 6. Eqn (2) is thus empirically deter-

mined to be w4 ¼ (9 � 2)gh30t/h for these experiments.

Having demonstrated that the experimental results are well

described by the expected dependence of the width of the tran-

sition on time and viscosity through the use of eqn (2) and (3), it

is possible to produce a master curve of all the w versus t data in

Fig. 5. In Fig. 7 we show all measured widths plotted as a func-

tion of at/h with the scaling factors as in Fig. 6. The data

collapses onto a single master curve that spans five orders of

magnitude in scaled time and more than one order of magnitude

in the width. The existence of such a curve allows the levelling

times of geometrically similar films annealed at 180 �C to be

predicted for a range of molecular weights (viscosities) using eqn

(3). Eqn (3) can be used only when the assumption that polymers

are in their bulk configuration is valid. This assumption is valid

for the films studied here which are much thicker than the radius

of gyration of the molecules studied. Polymers in confinement

can be investigated by preparing films that are much thinner than

the radius of gyration. Preliminary measurements indicate that

an observable departure from the bulk expectation (eqn (3)) can

be measured using this technique. Measurements of this type will

be the subject of a future work.

We end the discussion with a short comparison of our experi-

ment with dewetting experiments of the type that were briefly

discussed in the introduction. The rheological studies in which

a thin liquid film dewets a substrate have made major contribu-

tions to the understanding of many fundamental aspects of

polymer science. However, by the very nature of the dewetting

problem, it depends on the presence of a surface that is unfav-

ourable for the homogenous liquid that rests upon it. The

approach presented here addresses some of the limitations of

dewetting studies.While we have focussed on simple homogenous

polymer films, by simply changing the two individual films used to

prepare the stepped bilayers, it is straightforward to study a wide

variety of two component systems. For example the molecular

weight, chain architecture, or even the chemical species of the two

films that make up the stepped geometry need not be the same.

Additionally, the excellent resolution of the film thickness over

large length scales possible with optical microscopy under

monochromatic illumination provides further opportunities. In

particular, measurements of w(t) on films with a constant step

height h2, and varying thin region h1, are sensitive to the polymer

substrate boundary condition (i.e. lubrication approximation and

slip effects). In contrast, varying the step height while keeping the

underlying film constant is sensitive to the polymer air interface—

a topic that has received tremendous recent attention.

Conclusion

Here we have presented an experimental methodology for the

measurementof rheological properties of thinpolymer films.Through

relatively simple sample preparation procedures, stepped bilayer films

are prepared in the glassy state by floating a film with thickness h2 to

partially cover a film of the same polymer with thickness h1 supported

ona substrate. Theheight profile varies alonga lineproviding a simple

Fig. 7 Measured widths as defined in eqn (6) as a function of the scaled

time at/h. The symbols are as in Fig. 5.

† The dimensionless shear strain rate to be considered is31 b ¼ hM_3/rRT
where _3 is the shear strain rate, r is the mass density andR is the molar gas
constant. The largest strain rate in our experiments can be estimated from
the early time data of Fig. 4 as _3 ¼ Dw/h0Dt z 0.1 s�1 for 118 kg mol�1.
Using the known viscosity at the temperature at which the experiment is
carried out32 an estimate of b can be made. Here b never exceeds 0.02.
Since the viscosity is independent of _3 for b < 1,31 a zero shear rate
viscosity is probed in the measurements presented.
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flow experiment when the sample is brought into themelt regime. For

these thin films gravitational effects can be neglected and the flow is

onlydrivenbytheLaplacepressurecausedbythecurvatureat the step.

The geometry is analytically and experimentally convenient, as well as

easy to prepare. Optical microscopy with the sample illuminated by

monochromatic light proves to be a simple way to measure the width

of the transition from the thin to thick regions of the film. In this first

investigation, we have focussed on a well characterized and under-

stood problem: the molecular weight dependence of bulk polymer

viscosity. It was shown that the method can be used to measure the

differences in the viscosity of a polymer melt as the molecular weight

changes. While this study establishes the stepped film geometry as

a robust system for themeasure of rheological properties in thin films,

we are hopeful that the technique will motivate future experiments on

more exotic systems.

Appendix

Obtaining w(t) from optical measurements

While in practice one could empirically obtain the calibration

factor that translates from a gradient in intensity to a gradient in

thickness, here we have used a more rigorous approach. Using

thin film equations to describe the reflected intensity as observed

on the CCD detector, we can get a measurement of w. Since the

height profiles of the thin films are always slowly varying with

position we assume that the reflected intensity, I, at position x is

a function only of the local height, that is I ¼ I(h). For a uniform

transparent film the reflectance is given by27

RðhÞ ¼ A� Bþ C cosð2khÞ
Aþ Bþ C cosð2khÞ; (4)

with,

A ¼
�
n2a þ n2p

��
n2p þ n2s

�
;

B ¼ 4nan
2
pns;

C ¼
�
n2a � n2p

��
n2p � n2s

�
;

k ¼ 2pnp=l;

where the wavelength, l¼ 633 nm, is determined by the choice of

optical filter, na, np and ns are the refractive indices of the air, PS

and substrate (here we have taken na ¼ 1, np ¼ 1.56 and ns ¼ 3.9).

For all of the experiments reported here, the only variable is the

film thickness and all other parameters in eqn (4) can be taken as

constant. Since even at minimum reflectance there is some

background light that makes it to the detector, we model the

intensity at the CCD as

I(h) ¼ Ib + IrR(h), (5)

where Ib and Ir are fitting parameters. We note that prior to any

analysis of the surface profiles (Fig. 4(a) and (b)), the standard PS

films with known thicknesses were imaged, their average inten-

sity plotted as a function of h, and the data fit to I(h) to determine

the fitting parameters Ib and Ir. This procedure ensured a quick

and robust calibration of the relationship between intensity and

film thickness. Once calibration images were obtained, all

measurements on the stepped films were carried out with the

same exposure time and light intensity.

From the definition of the width of the transition in the step-

ped films as given by eqn (1) and using eqn (4) and (5), we get

whh2
�
vxh
��
x0

��1¼ h2

 
vxI
��
x0

IrvhR
��
h0

!�1

: (6)

All derivatives are evaluated at the position where the height of

the film is exactly half way along the step (x0, h0). All the

quantities on the right hand side of eqn (6) are easily accessible in

the measurements performed, and the gradient of the intensity

half way up the step, vxI|x0, is the only time dependent quantity.

This method of determining the widths can be used when w $ l.

For the setup we have used, we can measure widths larger than

approximately 1 mm. As seen in Fig. 4(c), none of the widths

reported in this study violate this limitation.

Scaling prediction for w(t) from the lubrication approximation

The following calculation is done in greater generality else-

where,10,25,26 but for completeness we outline the main steps in the

derivation of the scaling of the width of the transition region with

time, w(t). Here, we do not consider gravitational or long range

(e.g. van derWaals) forces, evaporation/condensation, or surface

tension gradients. Stillwagon and Larson10 have derived, and

experimentally verified, the flow equations based on the lubri-

cation approximation for substrate topographies that are not

necessarily flat. Their detailed calculation can be further simpli-

fied because our substrates are flat. For the system discussed

here, all of the above assumptions are valid and the Stokes

equation for the flow in one dimension is

0 ¼ vxp + hv2zu, (7)

where p is the pressure, h is the viscosity, u is the velocity in the

horizontal direction and z is the vertical coordinate. Assuming

no slip at the boundary between the film and the substrate, that

there is no stress supported at the air–polymer interface, and that

the pressure does not vary in the vertical direction, a parabolic

velocity profile in the z-direction results.10,24 Since the velocity

profile is quadratic with respect to the vertical coordinate and

assuming an incompressible fluid, the volume flow rate is cubic in

the local film height, h(x). With eqn (7) we then obtain the

volume flow rate per unit film widthQ¼�h3vxp/3h. The pressure

is the product of the surface tension and the curvature at the air–

polymer interface. Since vxh � 1 for all the samples observed

under optical microscopy, the pressure is well approximated by p

¼ gv2xh. Imposing conservation of mass gives an evolution

equation for the height profile as a function of time. For the

system we are considering, the lubrication approximation for the

temporal evolution of this height profile is

vth ¼ g

3h
vxðh3v3xhÞ: (8)

Nondimensionalizing eqn (8) gives a relevant time scale that is

a function of the relevant length scales, the surface tension and

the viscosity: t z w4h/gh30. Upon rearranging for the width

w4z
gh30t

h
; (9)
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as shown in eqn (2). Here we have assumed that the relevant

height scale in the problem is h0, while the x direction it is the

width, w.
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The surface of a thin liquid film with a nonconstant curvature is unstable, as the Laplace pressure drives

a flow mediated by viscosity. We present the results of experiments on one of the simplest variable

curvature surfaces: a thin polymer film with a step. Height profiles are measured as a function of time for a

variety of molecular weights. The evolution of the profiles is shown to be self-similar. This self-similarity

offers a precise measurement of the capillary velocity by comparison with numerical solutions of the thin

film equation. We also derive a master expression for the time dependence of the excess free energy as a

function of the material properties and film geometry. The experiment and theory are in excellent

agreement and indicate the effectiveness of stepped polymer films to elucidate nanoscale rheological

properties.

DOI: 10.1103/PhysRevLett.109.128303 PACS numbers: 47.57.Ng, 47.55.nb, 66.20.Cy, 68.55.am

The properties of polymers and indeed all molecules in
thin films and at interfaces continue to stimulate debate.
The apparent increased mobility of polymers at interfaces
in both the liquid [1,2] and glassy states [3], their structural
properties [4,5], as well as the effects of preparation and
treatment history [6–9] are areas of concerted effort. While
length scales of these systems are frequently just a few
molecular diameters, the physics governing their liquid
state evolution is quite general and can be used to model,
for example, geophysical flows [10].

When a flat liquid film is in contact with a substrate of
lower surface energy, a hole can nucleate to expose some of
the underlying surface. This phenomenon induces a non-
constant curvature of the film driven by interfacial tension
and leads to a decrease of the total free energy as the hole
grows. This process is called dewetting [11,12]. There have
been many studies concerned with details of the shape
and evolution of the rim which collects the dewetted
fluid [5,13–19], and much has been learned about and
from the process of turning a flat film into a collection of
droplets.

Several techniques that have been used [20–26] to
provide insight into the aforementioned problems [1–9]
take the opposite approach. They rely on the property that
curved interfaces have more surface area than flat ones.
Such curved surfaces can be driven to flatten by the
surface tension, �, but are mediated by the viscosity, �.
In several of the surface tension-driven flow techniques,
the nanoscale topography is imprinted using a square
wave pattern that varies in one lateral dimension only
[23–26]. In these studies, the authors typically consider
the evolution of the amplitude of the perturbation, rather
than that of the profile shape. As in many of the dewetting
studies, this Letter is concerned with the details of a
capillary-driven flow profile, but in a different geometry:
a stepped film.

In a previous contribution [22], we explained how to
prepare the simple geometry of stepped polymer films. The
samples are prepared as schematically shown in Fig. 1(a).
They are comparable to the square wave patterns discussed
above [23–26] in that the height is a function of only one
spatial dimension and time, h ¼ hðx; tÞ. They are different
in that they have only one height step. This two-
dimensional geometry allows us to study the broadening
in the region over which the height changes from h1 to
h1 þ h2 (see Fig. 1) in isolation, rather than having to
consider the flow from neighboring steps in a periodic
geometry. With the use of scaling laws, it was shown that
by measuring a particular lateral length scale, one could
measure the relative viscosity [22]. In this Letter, we
provide a theoretical treatment of the governing thin film
equation which is in agreement with the measured height
profiles over a wide range of thickness combinations and
over several orders of magnitude in viscosities. We explain
in detail the dependence of the energy dissipation on the
film geometry and capillary velocity, �=�.
Films were prepared by spin coating polystyrene

(PS) dissolved in toluene onto two types of substrates:
1� 1 cm2 Si wafers (University Wafer) rinsed with ultra-
pure water (18:2 M�cm, Pall, Cascada LS), methanol,
and toluene (Fisher Scientific, Optima grade), as well as

FIG. 1 (color online). (a) Schematic of the as-prepared
samples. (b) After annealing above the glass transition tempera-
ture, the region of transition between the two terrace heights
broadens, and a flow profile can be measured.
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freshly cleaved mica substrates (Ted Pella, Inc.). The PS
molecular weights were Mw ¼ 15:5, 55.5, 118, and
192 kg=mol with polydispersity indices � 1:07 (Polymer
Source, Inc.). The film thicknesses ranged from 30 to
200 nm. These heights were always much larger than the
typical size of molecules making up the films. The as-cast
samples were annealed at 130 �C in a vacuum oven
(10�5 mbar) for 24 h (more than 2 orders of magnitude
greater than the longest relaxation time of the largest
polymer used [27]).

The preparation of stepped films proceeded as detailed
previously [22]. Briefly, PS films with thickness h2 on a
mica substrate were floated onto ultrapure water and trans-
ferred to a Si wafer. After drying, these wafers were split
along a crystal axis. The split films were again floated onto
water and picked up using a Si wafer coated with a PS film
of height h1, thus creating a bilayer with step size h2 (see
Fig. 1). Samples are described as having geometry fh1; h2g.
All sections of film observed in this study had straight
edges as viewed with optical and atomic force microscopy
(AFM, Veeco Caliber) for distances of a minimum of
50�m. Figure 2(a) at t ¼ 0 illustrates an example of the
initial stepped profile; see also Ref. [22].

Prior to measurement of each profile evolution, h2 was
measured (as with all heights reported) using AFM. Then,
the film was annealed for 10 min at 140 �C on a hot stage
(Linkam) using a heating rate of 90 �C=min in air [28].
After cooling to room temperature (� 40 �C=min to below
the glass transition, Tg � 100 �C), the step profile was

measured. Given hðx; tÞ as the distance between the
substrate-polymer and air-polymer interfaces, hðx; tÞ � h1

is the quantity measured. For the 55.5, 118, and
192 kg=mol samples, additional annealing for 10 min pe-
riods was performed, with the profile evolution obtained at
room temperature. After a final measurement of the height
profile, a scratch in the PS film was made down to the
substrate to measure h1.
Figure 2(a) shows the time evolution (10 � t �

300 min ) of three stepped polymer films with h1 � h2 �
100 nm, each with a different molecular weight. On each
stepped film, there is a prominent ‘‘dip’’ on the thin side of
the film and a ‘‘bump’’ on the thick side, which is consis-
tent with our earlier observations [22] and can also be seen
in the long wave limit of the data presented by Rognin et al.
[25]. The evolution proceeds such that positions of the
profile extrema are separated over wider distances: the
film flattens with time.
The flow profile can be understood from the Laplace

pressure, which arises due to curvature at the fluid interface
[29]; the range of heights considered here allows us to
neglect gravitational [10] and disjoining [30] pressures.
Assuming that the height gradients are small, the lubrica-
tion approximation applies, and the local Laplace pressure
is given by pðx; tÞ � ��@2xh. Though the as-prepared
stepped films have steep gradients, they also contain large
curvature gradients in the same regions. These high-
gradient regions then flow quickly compared to the experi-
mental annealing times, and the lubrication approximation
is valid for all experiments presented here. As a stepped
film levels, the bump represents a region of high pressure
relative to the flat regions on the thick side of the film,
while the dip has a low pressure relative to flat regions on

FIG. 2 (color online). (a) Height as a function of position and time (10 � t � 300 min ) for three stepped films with molecular
weights as indicated. From left to right, fh1; h2g ¼ f106; 114g; f89; 89g, and f101; 99g nm. The inset shows a detail of the ‘‘dip’’ region
for the 118 kg=mol sample. (b) Scaled height as a function of scaled position, according to Eq. (2); the inset shows the same region as
the inset of panel (a) in scaled variables. Whereas the volume constraint uniquely determines the origin, the 192 and 55:5 kg=mol data
have been shifted both horizontally and vertically in both (a) and (b) for clarity.
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the thin side. Thus, there are pressure gradients along the
region of transition between h1 and h1 þ h2, and the flow
continues.

To understand the data of Fig. 2(a) quantitatively,
we combine the lubrication approximation and the Stokes
equation of viscous flows that leads [31–33] to @xp ¼
�@2zv, where vðx; z; tÞ is the horizontal velocity and z is
the vertical coordinate. Since the longest relaxation time of
any polymer used here is of order 100 s, and all leveling
times are significantly longer than this time, viscoelastic
effects can safely be neglected. Assuming no slip at the
solid-liquid interface and no stress at the liquid-air inter-
face gives a Poiseuille velocity profile along z. Invoking
conservation of volume and using the Laplace pressure
introduced above leads to the thin film equation

@thþ �

3�
@xðh3@3xhÞ ¼ 0: (1)

This differential equation can be nondimensionalized by
letting H ¼ h=h2, X ¼ x=x0, and T ¼ �h32t=3�x

4
0, where

x0 is a typical horizontal length scale of the problem [31].
Furthermore, introducing the variable

U ¼ X

T1=4
¼

�
3�

�

�
1=4 x

ðh32tÞ1=4
; (2)

one can show that self-similar solutions of the first kind of
the form HðX; TÞ ¼ FðUÞ exist [10,34–36]. Using a nu-
merical scheme [37,38], we have shown that this self-
similarity is satisfied for times T * 10�4 for a profile with
h1 ¼ h2. We have furthermore verified that the self-
similarity is not sensitive to the initial height profile,
provided that the heights at U ¼ �1 are constant and
different. Therefore, if the interface profile is self-similar,
a rescaling of the horizontal axis must collapse all of the
experimental data. In Fig. 2(b), we show the same data as in

Fig. 2(a) but plotted as a function of x=ðh32tÞ1=4. Having done
so, we see that the data for all three molecular weights
do collapse onto three individual curves, thus demonstrat-
ing the self-similarity of the evolution through time.
Examining the scaled curve for the 192 kg=mol PS in
Fig. 2(b) closely, one can see that the early time data do
not collapse perfectly onto one single curve. This result is
due to the fact that it takes longer times to reach the self-
similar solutions to Eq. (1) for higher molecular weights, at
a given temperature.

In the previous rescaling, the horizontal length scale
characterizing the transition between undisturbed film
heights is different for each of the three data sets. Since
the samples all started with the same initial condition, they
have different leveling speeds because the viscosity varies
withMw. To obtain precise measurements of these leveling
speeds, we numerically solve the dimensionless form
of Eq. (1) with a stepped initial condition of aspect
ratio r ¼ h1=h2. We then fit the computed self-similar
profile, FrðUÞ, to the corresponding rescaled experimental

profile. Figures 3(a) and 3(b) show the rescaled measured
profiles for two 15 kg=mol PS stepped films with different
fh1; h2g values as well as the corresponding fits to the
numerical solutions of Eq. (1) [38]. Despite the initial
transient flow not described by the lubrication approxima-
tion, all experimental profiles presented here approach the
self-similar solutions obtained from Eq. (1). In the fitting
procedure, the only free parameter is a horizontal stretch of

the computed profile given by the factor ð�=3�Þ1=4 accord-
ing to Eq. (2). This procedure thus yields a measured value
of the capillary velocity �=�. Using � � 30 mJ=m2 [39]
for all polymers here, we get � ¼ 7:3� 103, 1:4� 105,
1:1� 106, and 9:1� 106 Pa s for Mw ¼ 15:5, 55.5, 118,
and 192 kg=mol PS at 140 �C. These viscosities follow the
expected molecular weight dependence of the polymer
melt viscosity [40] and are in agreement with viscosities
measured in the bulk [27]. We have measured �=� for nine
additional 15:5 kg=mol PS stepped films all with different
fh1; h2g values. We find that the value obtained is indepen-
dent of fh1; h2g, and the ratio of the standard deviation to
the mean is 0.12.
Having exhibited the self-similarity of the profiles and

having set up a robust method to measure the capillary
velocity, we now turn to the study of the dissipation law in
stepped films. The excess free energy per unit length along
the dimension of invariance, �F , is dominated by the
interfacial contribution. For small slopes

�F ¼ ��L � �

2

Z
dxð@xhÞ2; (3)

FIG. 3 (color online). (a) Rescaled measured profiles for a
15 kg=mol PS stepped film with fh1; h2g ¼ f30; 193g nm after
10 min of annealing at 140 �C; (b) an identically annealed
stepped film with fh1; h2g ¼ f174; 32g nm. The lines in (a) and
(b) are horizontally stretched numerical solutions from Eq. (1)
using Refs. [37,38]. (c) Relative excess contour length of the
data in Fig. 2 as a function of time; see Eq. (3).
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where �L is the excess contour length of the profile with
respect to the flat limit at infinite time. In Fig. 3(c), we plot
the relative excess length as a function of time for the three
samples of Fig. 2(b). It is evident that the individual data
sets obey a power law in time. Referring also to the two
stepped films shown in Figs. 3(a) and 3(b), we see that the
contour lengths of these two profiles are not identical
despite having been annealed under the same conditions.
Therefore, there are temporal and geometrical dependen-
cies on the energy dissipation.

In the following, we develop a theoretical model in order
to understand the results of Fig. 3. Making the quantities in
the integrand of Eq. (3) dimensionless as presented above
and invoking the self-similarity of the profile, we find that
the relative excess length remaining after time t satisfies

�L ¼ CðrÞ
�
�h52
�t

�
1=4

; (4a)

with CðrÞ ¼ 31=4

2

Z
dU½F0

rðUÞ�2; (4b)

where CðrÞ is determined by the sample geometry through
the dimensionless self-similar profile FrðUÞ.

The stepped film problem contains three relevant com-
binations of heights: h2 for the step height, which provides
the typical driving force for leveling, as well as h1 and
h1 þ h2 for the thicknesses of the thin and thick regions of
the film. Thus, having already extracted the h2 dependence
in Eq. (4a), the simplest ansatz for a height dependence of
CðrÞ is a power law of the form

CðrÞ ¼ Cð1Þr�
�
1þ r

2

�
�
: (5)

This scaling expression connects the case of arbitrary
aspect ratio, r, to the r ¼ 1 geometry; normalization to
r ¼ 1 is ensured by the factor of 2. In order to determine
the two exponents, we consider the limit r 	 1, where the
step is a small perturbation of the flat film. In this limit,
Eq. (1) can be linearized and solved analytically and we

find CðrÞ � �r�3=4, where � � 0:16 [41]. By comparison
to Eq. (5) when r 	 1, we get �þ � ¼ �3=4 and
� ¼ log½Cð1Þ=��= logð2Þ. Then, using the numerical solu-
tions of Eq. (1) presented above, we calculate Cð1Þ � 0:12
and thus � � �0:42. Finally, we obtain a master expres-
sion for the relative excess contour length,

�L

h2
¼ �

�
h2
h1

�
3=4

�
1þ h2

h1

�
�
�
�h2
�t

�
1=4

: (6)

Figure 4 shows the relative excess lengths for all samples
and times presented in this study as a function of the
combination of fh1; h2g, �=� and t suggested by Eq. (6).
The solid line corresponds to the theoretical prediction of
Eq. (6) with no free parameter. The agreement between the
data and Eq. (6) validates the dissipation law as well as
the general scaling to the r ¼ 1 symmetric case, within
the range of our experimental data. As discussed above, the

dissipation law is modified for t < 100 min for the
192 kg=mol PS, where self-similarity or the lubrication
approximation may not be valid. Although we have not
accessed this limit here, we expect deviations when r ! 0,
for which the dependency on h1 may differ.
In conclusion, we have demonstrated that the thin film

equation captures the time evolution of stepped polymer
films for a wide range of aspect ratios and material prop-
erties. With the use of a numerical solution of this equation,
it is now straightforward to precisely measure the capillary
velocity of any nonvolatile fluid prepared as described. We
further demonstrated the self-similarity of the evolution of
the profiles. Finally, details of how the excess surface
energy is dissipated by viscosity over time have been
obtained. We have determined that the surface energy
decreases with a �1=4 power law in time. The rate at
which energy is dissipated depends on the capillary veloc-
ity and on the heights of the initial step. In particular, we
have shown through a master expression that the evolution
of any stepped film can be rescaled to the h1 ¼ h2 sym-
metric step.
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H. Hähl, and K. Jacobs, J. Phys. Condens. Matter 24,
325102 (2012).

[20] T. Kerle, Z. Lin, H.-C. Kim, and T. Russell,
Macromolecules 34, 3484 (2001).

[21] E. Buck, K. Petersen, M. Hund, G. Krausch, and D.
Johannsmann, Macromolecules 37, 8647 (2004).

[22] J. D. McGraw, N.M. Jago, and K. Dalnoki-Veress, Soft
Matter 7, 7832 (2011).

[23] J. Teisseire, A. Revaux, M. Foresti, and E. Barthel, Appl.
Phys. Lett. 98, 013106 (2011).

[24] L. Zhu, C.W. Brian, S. F. Swallen, P. T. Straus, M.D.
Ediger, and L. Yu, Phys. Rev. Lett.106, 256103 (2011).

[25] E. Rognin, S. Landis, and L. Davoust, Phys. Rev. E 84,
041805 (2011).

[26] E. Rognin, S. Landis, and L. Davoust, J. Vac. Sci. Technol.
B 30, 011602 (2012).

[27] A. Bach, K. Almdal, H. Rasmussen, and O. Hassager,
Macromolecules 36, 5174 (2003).

[28] We have verified that the leveling results are unchanged
when annealing in a dry nitrogen atmosphere.

[29] P.-G. de Gennes, F. Brochard-Wyart, and D. Quéré,
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A liquid jet can break up into a stream of droplets as a result of the Plateau-Rayleigh instability. The

droplet formation decreases the jet’s surface area and hence its free energy. Here we present the results

of experiments in an unconventional geometry where this instability can be observed: a toroidal

section. We discuss the formation of these polystyrene toroids with nanometer length scales. The

constraints imposed by this geometry affect its observed instability in comparison to a simple linear

jet. Specifically, we show that the additional curvature imposed by the torus can have a significant

impact on the energy minimization route.

Introduction

The Plateau-Rayleigh (P-R) instability is responsible for the

breakup that occurs when a long cylindrical fluid body with a free

surface is allowed to evolve. A familiar example of this instability

can be seen when water flows from a faucet and falls under the

influence of gravity;1 a less familiar example has recently been

observed in a falling granular stream.2 Near the point of exit

a stream is cylindrical. Further away the system lowers its free

energy via a sinusoidal undulation of the surface which eventu-

ally grows to the point of pinching off into a series of droplets.

Much effort has been devoted to understanding the breakup of

fluid streams in the last century and a half, and a comprehensive

review can be found elsewhere.1 However, comparatively little

has even been observed of this effect in geometries other than

long straight cylinders.

Recently, the creation and observed breakup of liquid toroids

was reported in elegant experiments by Pairam and Fern�andez-

Neives.3 These authors used a novel method of producing

macroscopic water toroids suspended in viscous liquids with

precise control of the overall ring radius, r, and the radius of the

cylinder, a (see schematic in Fig. 1(a)). Pairam and Fern�andez-

Neives carried out a systematic study of the breakup of indi-

vidual toroids and the dependence on the aspect ratio, r/a. The

liquid toroids eventually break up into a number of spherical

droplets as a means of decreasing its surface energy. However,

for a torus, the wavelength of the instability must be commen-

surate with the tube’s circumference. This additional constraint

imposed by the geometry of a torus undergoing the P-R insta-

bility was observed by Pairam and Fern�andez-Neives.3

Owing to the fact that a liquid torus is unstable, the difficulty

in preparing them is noteworthy. Pairam and Fern�andez-Neives

prepared toroids with a water filled needle immersed in a rotating

bath of an immiscible viscous liquid.3 Recently it was shown that

a torus can form as a droplet falls in air as a result of the inter-

actions between the droplet and its surrounding atmosphere.

Interestingly, the breakup of that torus has a role to play in

determining the distribution of drop sizes during rainfall.4 For

these formation mechanisms, the short time interval between

formation and breakup is the limiting factor in making obser-

vations on a torus. As we will show, an advantage of polymeric

systems is that it is possible to prepare toroids in the glassy state

which can then transition into the melt state in an easily

controllable manner. The ability to transition from the melt to

the glassy state enables observation of the toroids at any stage of

the breakup process.

Here we report a method of preparing solid polystyrene (PS)

toroids with micron sized ring radii and nanoscale cylinder radii.

The method produces a collection of solid toroidal sections on

a substrate with various aspect ratios. A typical example of such

a toroidal section, before and after the P-R instability, is shown

in the atomic force microscopy (AFM) topography images of

Fig. 1 (a) Schematic of a torus where r is the overall radius of the ring

and a is the radius of the cylinder. Also shown is an intermediate stage of

a liquid torus undergoing surface undulations due to the Plateau-Ray-

leigh instability. (b) AFM topography images analogous to the sche-

matics shown in (a). For this example the polystyrene ring has a diameter

of 28.5 mm and toroidal section has a height of 135 nm. Note that the

small droplets inside the ring are the result of a very thin film that has

dewetted.
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Fig. 1(b). PS toroids can easily be made to undergo a transition

from the solid to melt state and the approach to equilibrium can

be recorded while the system is viewed under an optical micro-

scope. The approach to equilibrium can be halted and any

intermediate state can then be observed using AFM (see images

in Fig. 2). As was the case for the macroscopic toroids of Pairam

and Fern�andez-Neives,3 we find that the evolution of the nano-

scale toroidal sections are influenced by the geometric

constraints.

Experimental

To create the glassy polystyrene toroids, we place a bath of

methanol onto a 1 � 1 mm2 Si substrate (University Wafer). The

substrate is on a stationary spincoater over which a syringe filled

with PS dissolved in toluene is placed (see schematic in Fig. 3(a)).

The PS (Polymer Source Inc.) has molecular weight Mw ¼ 221

kg/mol and polydispersity index of 1.03. A small drop of the

solution is allowed to fall into the methanol bath and spincoating

(�4000 rpm) is immediately initiated as indicated schematically

in Fig. 3(a). Toluene is a good solvent for PS and is miscible with

methanol. Methanol is a non-solvent for PS. The spincoating

process ejects most of the fluid and upon completion leaves

behind a collection of toroidal sections with distributions of radii

r, and cylinder widths w. Here we assume that the contact angle

with the substrate is constant for all toroids and hence the

cylinder radius a f w. Concentrations of 0.1 to 1 wt% PS have

been observed to produce toroidal sections. A typical image of

the resulting sample is shown in Fig. 3(a).

Once toroidal sections have been prepared, the samples are

placed in a toluene saturated atmosphere.5,6 Since toluene is

a good solvent for PS, the toroidal sections absorb toluene which

causes them to transition from the glassy to the melt state. The

geometry in which the toroids are prepared is unstable and the

rings eventually dewet to form droplets which minimize the free

energy of the system. Images are taken with a CCD camera at

periodic intervals using optical microscopy. The end result of this

process is shown in Fig. 3(b). In Fig. 4 a series of optical

microscopy images illustrating the evolution of the instability for

a single torus is shown. For several samples, the dewetting

process has been paused at various stages by removing the

toluene atmosphere and quenching into the glassy state. Once the

evolution was halted, the samples were imaged with AFM

(Veeco Caliber). The evolution could be commenced simply by

re-imersing the sample in the toluene saturated atmosphere.

Results of this process are shown in Fig. 2.

Results and discussion

Formation of toroids

There has been significant interest in the formation of ‘rings’

especially as a result of work done by Deegan and coworkers

which was inspired by the formation of coffee stains.7 It was

shown by these authors that the formation of a ring resulting

from a drying drop of a colloidal suspension was in part the

result of greater evaporation near the contact line.

The enhancement of evaporation causes an outward flow

Fig. 2 Evolution of two PS toroidal sections as observed with AFM. The

images were obtained by quenching the sample at various stages allowing

the imaging to take place in the glassy state. The scale bars are 5 mm wide;

height scales are both approximately 160 nm in (a) and (b); in the fourth

column the height scales are �400 nm for (a) and �230 nm for (b).

Fig. 3 The schematic illustrates the sample preparation: a small droplet

of PS dissolved in toluene falls from a small syringe needle onto a substrate

covered with methanol. Spincoating is immediately initiated and most of

the three component solution is ejected from the substrate. After spin-

coating is completed, toroidal sections of PS are found on the substrate as

shown in the optical microscopy image (a). The image in (b) is obtained

after annealing the sample in a toluene saturated atmosphere for time

periods of order two hours or less. The boxes indicate the two rings shown

in the first and fourth columns of Fig. 2. The scale bars are 100 mm.

Fig. 4 The observed evolution of a PS torus in an atmosphere saturated

with toluene. N, the number of wavelengths observed was counted at the

onset of the P-R instability similar to the image shown at t ¼ 540 s.

This journal is ª The Royal Society of Chemistry 2010 Soft Matter, 2010, 6, 1258–1262 | 1259



towards the edge of the droplet and subsequent ring formation

due to aggregation of the colloids at the contact line. Similar

results are obtained for the drying of a droplet of polymer

solution.8–10 The concentration gradients in a drying droplet were

recently visualized directly using fluorescence microscopy by

Kajiya and coworkers for a polymer solution drying in air.8 In

these systems large polymeric rings (r�millimeters) were formed

similar to the ones described in the study presented here. Poulard

and Damman9 investigated the importance of the substrate

properties and the various interfacial tensions to the formation of

a ring at the edge of a drying droplet. In the system discussed here

there is no droplet that is drying in air, though we propose

a mechanism that borrows from what has been learned from such

systems.7–9

Although we cannot directly observe the formation of poly-

mer toroids, we propose the following mechanism for their

formation. As the PS and toluene solution enters the methanol

reservoir, spin coating is immediately initiated. The spinning

substrate accelerates and shears the three component mixture

and produces tiny droplets of the PS solution in methanol,

a fraction of which land on the Si substrate and make some

contact angle with the surface. This initial step is highly complex

and we cannot experimentally follow this process directly

because of the rapid speed with which this occurs (fraction of

a second). The size distribution of the tori, and even the pres-

ence of tori, is sensitive to the timing and spin speed. We find

that the spinning must be initiated immediately as the droplet of

PS and toluene solution hits the methanol. If the process takes

too long, the PS precipitation has proceeded too far and a fine

dispersion of PS particles is found on the substrate rather than

tori. With careful timing of the process the results are repro-

ducible with tori distributed randomly on the substrate and ring

radii ranging from several micrometers to a few tens of

micrometers. The second step proceeds once small droplets of

PS in toluene surrounded by methanol contact the substrate.

We suggest that the process by which the rings form is analo-

gous to the outward flow responsible for ring formation in

drying droplets of polymer solutions8–11 or colloidal disper-

sions.7 In our case the PS precipitates out of the toluene solu-

tions as soon as the miscible methanol and toluene mix at the

interface of the droplet. As in the case of a colloidal dispersion,

the PS precipitate is driven towards the contact line both

because of pinning at the substrate and the higher flux of

toluene near the contact line.7–11 As shown by Poulard and

Damman9 the Marangoni effect can drive flow at the interface

especially for the case of droplets drying in air. Because the

interface between the PS solution droplet and the methanol

vanishes rapidly due to the miscibility of the two solvents, the

flow driven by the osmotic pressure is dominant.7 We note that

the enhanced flux at the contact line is the result of the

boundary imposed by the substrate causing an anisotropy in the

diffusion of toluene and methanol. The final result is a toroidal

ring of polymer on a substrate with a very thin film of polymer

inside the ring (see Fig. 1(b)).

In order to further substantiate the proposed mechanism for

the formation of the toroids, we turn to simulations of the phase

separation of a ternary mixture composed of methanol, toluene

and PS. Methanol is known to be miscible with toluene but

immiscible with PS, whereas toluene is miscible with PS. The

free energy of the ternary mixture can be described by the

Flory-Huggins12 theory supplemented with the de Gennes13

gradient contribution,

Df ¼ fm ln fm þ ft ln ft þ
fp ln fp

Np

þ cm;pfmfp þ cm;tfmft

þ ct;pftfp þ
X

i¼m;t;p

�kiiðVfI Þ2 (1)

where fi is the local volume fraction of component i and is

a function of position; ci,j is the Flory-Huggins interaction

parameter between components i and j; the subscripts m, t and p

represent methanol, toluene and polystyrene respectively; and Np

is the degree of polymerization of the PS. The gradient energy

coefficients, �kii, are assumed to be constant for a system with

constant overall concentrations, �fi. For a given initial polymer

concentration, which is in general not at equilibrium, the

dynamics of the system can be described by the time-dependent

Ginzburg-Landau (TDGL) theory.14

In our simulation boxes (ranging in size from 100 � 100 � 25

to 400 � 400 � 100), we start with a spherical cap that has

a contact angle q ¼ p/6. The cap is filled by a homogeneous ‘PS’

and ‘toluene’ mixture (fp ¼ 0.0025, ft ¼ 1 – fp and fm ¼ 0) with

ct,p ¼ 0.0 and Np ¼ 2000. Outside the spherical cap, the box is

filled with ‘methanol’ (fp ¼ ft ¼ 0 and fm ¼ 1). The interaction

parameters are specified by cm,t ¼ 0 and cm,p ¼ 8.15 These

parameters reflect the fact that, toluene and methanol are

miscible, PS is miscible with toluene, and PS is immiscible with

methanol. The boundary conditions are chosen to be reflective

at the substrate. All the other boundaries are such that when

a toluene molecule comes in contact with the wall it is replaced

by methanol in order to simulate the infinite methanol bath.

With this initial condition, the equations of motion defined

using eqn (1) have been evolved in time. Fig. 5 shows the

evolution of one such simulation, clearly demonstrating that the

phase separation coupled with solvent mixing can produce

polymer toroids. The simulation does not include the evapora-

tion of the two solvents from the system and the eventual

freezing of the polymer. We assume that during the final

evaporation stage, the structure collapses onto the substrate and

freezes leaving the tori resembling the integrated PS concen-

tration shown in 5(b).

Fig. 5 The formation of a PS torus for a simulation box with dimensions

100 � 100 � 25. The initial, homogeneous state of the spherical cap is

shown in (a). Some time later a ring is formed, as shown in (b). The gray

level is proportional to the integrated PS concentration from the top to

the bottom of the simulation box (top row), or the radially integrated PS

concentration (bottom row). White indicates no PS.

1260 | Soft Matter, 2010, 6, 1258–1262 This journal is ª The Royal Society of Chemistry 2010



Instability

Having discussed the formation of the toroids, we now turn to the

instability which occurs when a torus is free to flow (for a typical

example see Fig. 4). When a toroidal section is exposed to a toluene

saturated atmosphere, the PS, which is in the glassy state at room

temperature in air, is plasticized by the toluene and is in the melt

state. The PS becomes mobile and flow proceeds in the direction

that decreases free energy the fastest. The P-R instability drives the

toroidal section to break up into droplets. The number of droplets

formed is determined by the wavelength of the instability. Using

either linear stability analysis or Rayleigh’s work principle, it can

be shown that the ‘most dangerous’ (fastest growing) wavelength

is proportional to the cylinder radius, a. It is this wavelength that

we associate with the onset of the instability observed in our

experiments.1,16 From an image as shown in Fig. 4 at t¼ 540 s it is

possible to measure the number of wavelengths, N, that fit in the

toroidal section. Since the width, w, of the toroidal section is

proportional to the radius of the cylinder, a, we can write N� r/w.

As shown in Fig. 3, the method of producing the solid polymer

toroids presented here yields sections with a variety of values of

overall ring radii, r, and section widths, w. In Fig. 6(a), the line

intensity profile of a toroidal section as observed in an optical

microscopy image is shown. From line profiles such as these, one

can measure values of r and w. In Fig. 6(b) a plot of the number

of wavelengths that fit on the toroids, N, as a function of the

measured ratio r/w is shown. The value of r/w is measured just

prior to the observation of the P-R instability. As expected from

the simple linear stability analysis,1,16 N is linear in r/w.

The preceding argument has assumed that the curvature of the

overall ring radius, r, of the toroidal sections does not contribute

to their evolution in the liquid state. However, a torus has two

routes by which the free energy can be reduced: 1) the P-R

instability, as discussed above; and 2) by evolving towards a ring

with a smaller radius, r, while the width of the ring, w, increases

to maintain a constant volume. For the latter route, letting r3 ¼ r

� 3 and with volume conservation, it is easy to show that the

ratio of the areas of the torus before and after a small change in

r is, to first order in 3,

A3

A
¼ 1� 3

2r
(2)

Note that this ratio is less than unity for all 3 > 0; therefore,

a torus can reduce its surface area and hence its free energy by

decreasing r. Because volume is conserved, this decrease in r is

accompanied by an increase in the width, w, of the torus on the

substrate. The balance between these two mechanisms depends

on which timescale dominates. If the curvature 1/r becomes

comparable to the curvature that dominates the timescale of the

P-R instability, 1/a (or 1/w), then we would expect the ring radius

to shrink during the experiment.

In Fig. 7, we show a detail of the AFM error signal (roughly,

the derivative of the topography) of the ring shown in the third

column of Fig. 2(a). Around the outer three phase contact line of

the ring, there is a clearly visible remnant of the ring in its initial

state. As expected in cases where the time scale of the P-R

instability does not dominate, this example shows that the torus

decreases its radius, r. Because of the observation that the ring

radius can decrease prior to the onset of the P-R instability

(Fig. 7) the values of r/w in Fig. 6 are obtained just prior to the

onset of the P-R instability.

The effect of decreasing the free energy by reducing the ring

radius is to decrease the ratio r/w as a function of time until the

P-R instability dominates. In order to validate this second

mechanism we followed the time evolution of the outer diameter

of a ring using AFM during the onset of the instability. In Fig. 8

Fig. 6 (a) A line profile of a ring similar to the one shown in Fig. 4 at

t¼ 180 s. From this line profile, r, and w, are easily obtained. (b) A plot of

the number of wavelengths around a torus as a function of the ratio of the

overall radius to the section width, r/w at similar stages of development.

N is linear in r/w as expected from the P-R instability.

Fig. 7 AFM error signal of the ring shown in the third column of

Fig. 2(a). About 1 mm from the three phase contact line of the main ring,

a thin concentric halo is clearly visible which suggests that r is decreasing

with time. The scale bar is 1 mm.

Fig. 8 A plot of the outside diameter of a torus as a function of

annealing time during the evolution of the instability (solid line to guide

the eye). The data in this plot corresponds to the first three AFM images

shown in Fig. 2a).
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the shrinking of the ring with time is clearly visible indicating that

the two mechanisms, the P-R instability and decreasing ring

radius, compete with the balance set by the curvatures given by

1/a and 1/r respectively.

Taking into account both the cylinder curvature which drives

the P-R instability, 1/a, and the curvature, 1/r, which drives the

ring radius to decrease, a complex interplay between these two

mechanisms emerges. The maximally unstable wavelength for the

P-R instability may not be commensurate with the torus, thus the

free energy is reduced via a decrease in the ring radius. Eventually

the torus becomes commensurate with a P-R wavelength which

dominates the reduction of the surface area. While for simplicity

we have discussed these mechanisms as two subsequent steps, in

fact both mechanisms are competing with the P-R instability

dominating in the last stage.

Conclusion

We have presented a novel method by which a collection of solid

PS toroidal sections with micro- and nano-scale dimensions can

be prepared on a substrate. The method requires a solution of the

polymer in a good solvent to be dropped into a miscible bath of

poor solvent for the polymer. Here the ternary system used was

PS, toluene, and methanol. We provide evidence for a formation

mechanism which is similar to the way in which coffee stains

form or polymer solution droplets dry.7–11 Experiments have

been carried out in which the polymer toroids were allowed to

evolve in the melt state. As would be the case for a linear jet, the

P-R instability is responsible for their breakup. In contrast to the

straight liquid jet we have shown that the additional curvature of

the torus provides a second mechanism by which these structures

can minimize their free energy – the ring radius can decrease. In

order for the P-R instability to grow the wavelengths of the

instability must be commensurate with the circumference of each

torus. In the cases where the fastest growing P-R wavelength for

a torus does not drive the instability too quickly, the competing

mechanism which acts to shrink the ring radius can be observed.
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Abstract. It is known that terraces at the air-polymer interface of lamella-forming diblock copolymers do
not make discontinuous jumps in height. Despite the underlying discretized structure, the height profiles
are smoothly varying. The width of a transition region of a terrace edge in isolation is typically several
hundreds of nanometres, resulting from a balance between surface tension, chain stretching penalties, and
the enthalpy of mixing. What is less well known in these systems is what happens when two transition
regions interact with one another. In this study, we investigate the dynamics of the interactions between
copolymer lamellar edges. We find that the data can be well described by a model that assumes a repulsion
between adjacent edges. While the model is simplistic, and does not include molecular level details, its
agreement with the data suggests that some of the the underlying assumptions provide insight into the
complex interplay between defects.

1 Introduction

Diblock copolymers are formed when two chemically dis-
tinct polymer chains, “A” and “B”, are covalently bonded
together. Self-assembly of these molecules into composi-
tionally periodic structures occurs when different species
of the molecules have a sufficiently unfavourable inter-
action energy [1]. For the simplest case in which the
molecules’ A and B blocks are roughly the same size, a
lamellar morphology is observed. Within the lamellae of
a well-ordered system, the periodic change in the concen-
tration of a given chemical species depends on the size of
the molecule. The repeat period has a well-defined value,
Ho, and each lamella consists of a bilayer of molecules:
A− B/B − A. The characteristic lengthscale of the mor-
phology given by Ho is the result of a balance between an
enthalpic repulsion of the A and B blocks, and the entropy
which favours a random coil configuration. The repeat pe-
riod of the bilayers is on the order of the radius of gyration
of the molecule (∼ 10 nm) and is controlled by the product
χN ; where N is the number of monomers in the polymer
chain and χ is the Flory-Huggins parameter which defines
the chemical incompatibility of the A and B segments [2].
Similarly, the degree of ordering is also determined by χN .
Values of χN much greater than 10 lead to strong segre-
gation of the blocks, with the A−B junction points of the
diblocks confined to nearly two-dimensional planes. χ is
a decreasing function of the temperature since the degree
of order must also decrease with temperature. When χN

a e-mail: dalnoki@mcmaster.ca

decreases, the junctions make increasingly greater excur-
sions from their strongly confined two-dimensional planes
until finally all order is lost in passing through the or-
der disorder transition (ODT). More exotic morphologies
can be observed when the lengths of the two blocks differ,
thereby encouraging curvature at the interfaces [1, 3].

Diblock copolymers serve as model systems for study-
ing self-assembly, with promise for data storage [4, 5],
adhesion [6], and photonics applications [7], among oth-
ers [7]. The phase behaviour and morphology of these sys-
tems in the bulk is well established both theoretically and
experimentally [1, 8–12]. However, when confinement di-
mensions approach those of the micro-phase separation,
novel structures emerge. In such cases, the molecules pay
an energy penalty in conforming to the geometry of con-
finement. Furthermore, it is typical for there to be a pref-
erence for either the A or B block to contact the confining
interface. The preferential interaction can provide further
frustration from the ideal bulk morphology and even in-
duce order at temperatures above the bulk ODT [13–17].
Confinement of a diblock copolymer by a non-deformable
interface has been termed hard confinement. Such systems
have received much attention, resulting in a rich vari-
ety of phases that have been predicted and observed for
systems under planar, cylindrical and spherical confine-
ment [7, 18–23].

Soft confinement of diblock copolymer systems, where
the confining interface itself may deform as a result of
the underlying diblock morphology, reveals an additional
complexity to the interplay between the optimal bulk mor-
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Fig. 1. Schematic cross-section of a) an as-prepared ring, and
b) its condition upon annealing for a short period of time. The
positions, xi, of lamellar edges for a stack with 3 bilayers (n =
6) are also shown schematically; in this study, xn − x1 ∼ 7µm
is typical. c) AFM topography line profiles of isolated edges.

phology and the interface. Perhaps the simplest example
of soft confinement is provided by the free interface of
a thin symmetric diblock film supported on a substrate.
In such a case the hard confinement of the substrate will
typically show a preference for one of the blocks which
orients the lamellae parallel to the substrate. However,
the soft free interface is able to deform to minimize the
free energy of the system which has a profound effect on
the morphology of the air-polymer interface [24, 25]. For
the case of a lamellae-forming diblock, the ability of the
free surface to accommodate the layers can result in a ter-
raced height profile, with steps in the height of the film
that correspond to a molecular bilayer with height Ho.

To understand the formation of terraces on the free
surface, take for example a diblock film with thickness
h under symmetric wetting conditions (the substrate and
free interface favour the same block). In the ordered state,
the ideal thickness at any point in the film is commensu-
rate with an integer number of bilayers, h = kHo, where k
is an integer. That is, a continuously varying topography
will develop into a terraced free surface upon ordering.
The transition from continuously varying topography to
a terraced height profile is shown in figs. 1a) and b) for
the asymmetric wetting case. For asymmetric wetting, the
substrate and free surface favour the opposite species. In
this case there exists an additional diblock monolayer at
the substrate to satisfy the wetting condition of A at one
interface and B at the other [25]. Asymmetric wetting is
observed in the work discussed here and illustrated by the
nearest-to-substrate monolayer shown in fig. 1b).

Away from the transition region where the topogra-
phy changes by one lamellar step, the preferred lamel-
lar spacing, Ho, is the result of an interplay between the
chain stretching and interfacial energies [2]. However, in
the transition from one terrace to the next, a discrete step
function results in a significant cost to the free energy be-
cause of the excess surface area. Instead the transition re-
gion is broadened by the Laplace pressure. Thus, a larger
surface tension will result in a broader transition. The de-
tailed shape and morphology of the transition between
terraces has been studied by several groups in the past
decades [26–29]. It has been found that the transition re-

gion can induce a number of different morphologies de-
pending on the polymer and substrate combination as the
underlying equilibrium morphology is frustrated by the
non-ideal confinement of the interface. The internal struc-
ture can be a dislocation [26,27], lamellae oriented perpen-
dicular to the interface [28], and cylindrical domains [29].
The morphology of asymmetric diblock copolymer liquids
which favour morphologies more complex than lamellae
can also be affected by the thickness gradient in the tran-
sition region [30].

In fig. 1c) is shown an atomic force microscopy (AFM)
measurement of the topography of several lamellar transi-
tion regions in a poly(styrene-methyl methacrylate) (PS-
PMMA) thin film. While the experimental details are de-
scribed below, it is immediately clear that the edge is not
discontinuous, but is smoothly varying. The resulting to-
pography is an edge defect with a cost to the free energy
of the system that is minimised by an interplay between
the interfacial and stretching energies as discussed above.
Recent studies by Croll and coworkers [31] and Kim and
Matsen [32] have investigated the detailed shape of sym-
metric diblock copolymer droplets in the ordered state. It
was found that when the distance between two edges be-
comes small, there is an interaction between the defects.
In the work by Croll and coworkers, AFM images revealed
that the droplets self-assemble into a nearly conical shape
of terraced disks reminiscent of Mayan temples. The shape
of the droplets was understood in terms of a model which
included a repulsive interaction between the edges.

Qualitatively, the origin of the repulsive interaction is
easily understood. As two edges, each with an equilibrium
height profile similar to that shown in fig. 1c) approach
each other, their shapes must change from ideal which
results in an energy penalty. In [31] an empirical, expo-
nentially decaying, repulsive interaction was found to give
good agreement with the experiments; however, the agree-
ment was not sensitive to the exact functional form of
the interaction. Furthermore, while the morphologies of
diblock droplets were remarkable, the cylindrically sym-
metric geometry results in a complexity not related to the
edge interaction alone. Specifically, the disks which make
up the droplet have curvature, resulting in an edge ten-
sion contribution to the free energy that scales linearly
with the radius of the disk. The equilibrium nature of the
study and dependence on edge tension resulted in an in-
herent insensitivity to the functional form of the defect
interaction [31].

With a view towards gaining a more general under-
standing of the interaction between topological defects we
focus here on the dynamics of the interplay between the
transition region in a simplified geometry. We have re-
cently learned to prepare polymer tori on a substrate [33].
These structures form much like a nanoscale version of a
rim left behind by an evaporating droplet, e.g. the stain
left behind by a coffee spill [34–36]. These rings are not
perfect tori: upon preparation the cross-section of the ring
is asymmetric and also forms a very thin layer interior to
the ring as shown by the schematic in fig. 1 [33]. If the
rings are prepared so that they are thin but have a large
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Fig. 2. a) AFM tapping amplitude of a copolymer ring that
has been annealed at 180 ◦C for 2 hr; the image is 20µm wide.
b) A close up of another ring, a 10µm scan.

radius so that the in-plane curvature is small, then we will
show that it is possible to ignore the contribution of the
edge tension to the change in free energy. Neglecting the
edge tension simplifies the system significantly.

These samples provide an ideal geometry for the study
of the edge interactions for two reasons. First, we can treat
the system as 2-D with no change in the free energy due
to edge tension. Second, once the the terraces develop (see
fig. 1b)), the only interaction that drives changes in the
morphology is the interaction between edges. In equilib-
rium all layers must be centred such that the stack is sym-
metric about the midpoint of the rim (e.g., in fig. 1b), this
corresponds to (x1 + x6) = (x2 + x5) = (x3 + x4)). By
studying the evolution from the initial asymmetric edge
distribution towards a symmetric one, it is possible to
investigate the form of the repulsive interaction between
edges.

2 Experiment

The ring samples were prepared using the method as
described previously [33]. Briefly, a droplet of methanol
covers the surface of a 1 × 1 cm2 Si wafer (University
Wafer). A small syringe (∼ 0.5 mm diameter) filled with
polymer dissolved in toluene is suspended just above the
methanol bath. A small droplet of the polymer solution
is allowed to fall into the methanol bath and spin coating
at approximately 4000 rpm is immediately initiated. Here
the polymer is soluble in toluene, and toluene is misci-
ble with methanol. However, the polymer is not soluble
in methanol. As the droplet of polymer solution falls into
the methanol bath, the rapid shearing during spincoating
breaks the drop into many tiny droplets, some of which
land on the substrate. Toluene within these droplets ex-
changes with the methanol causing the diblock to pre-
cipitate and form rings [33]. With appropriate timing it
is possible to find polymer ring sections scattered ran-
domly over the substrate. Typical dimensions for the rings
are approximately 200 nm in height, 50µm in diameter
and 5µm wide, making them ideally suited for study by
AFM (Veeco Caliber). In contrast with our previous work
on the evolution of homopolymer rings [33], here a sym-
metric diblock copolymer, PS-PMMA, was used (Polymer

Fig. 3. From the bottom up: a portion of an AFM image as
in fig. 2b) for t = 2hr of annealing; its vertically averaged
line profile; data points for the extrema which correspond to
the lamellar edges from AFM scans after cumulative annealing
times; the top two panels are analogous to the bottom two,
except they are for data taken after t = 20 hr of annealing.
The scale bar and separations between adjacent tick marks
on the horizontal scale in the central portion are 1µm wide.
All portions of the figure have the same horizontal scale. The
“spring-and-bead” schematic represents the mechanical system
discussed in the text with the potential given by eq. (4).

Source Inc. Dorval, Canada). The total molecular weight
was 46 kg/mol, with a polydispersity index of 1.05. So-
lutions of toluene and PS-PMMA were prepared with a
polymer mass fraction of approximately 0.5%.

The ring samples supported on the Si substrate were
placed on a heating stage (Linkam Scientific) and an-
nealed at 180 ◦C for two-hour periods in ambient condi-
tions. Prior to the first annealing step, polymers are in the
disordered state and the rings are topographically indis-
tinguishable from those of a homopolymer ring, as shown
schematically in fig. 1a). After the first two-hour anneal-
ing step, the polymer chains phase separated into fully
developed lamellar structures. The terrace edges were eas-
ily identified with the AFM tapping amplitude signal, as
shown in figs. 2 and 3 (the AFM tapping amplitude or
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error signal can be interpreted as roughly the gradient of
the topography). The subsequent annealing steps allow us
to gather time-dependent edge positions, xi(t) as defined
in fig. 1a). The edge positions were determined by finding
the extrema in the tapping amplitude line profiles (fig. 3).

To obtain the data presented in fig. 1c) of an isolated
terrace edge, a thin film of PS-PMMA was spincast onto a
1× 1 cm2 Si wafer. The resulting film, prepared such that
it was incommensurate with the lamellar spacing of the
diblock, resulted in a surface perforated with holes upon
annealing at 180◦C for several hours. The holes were of
various lateral sizes and had a constant depth correspond-
ing to the height of a single bilayer, Ho ∼ 30 nm. AFM
in tapping mode was used to obtain topography data of
holes with radii ranging from 2µm to 7µm (note that this
is larger than the transition region between two lamellar
terraces). Furthermore, all line profiles were taken perpen-
dicular to the transition between the two lamellar teraces
present at the air-polymer interface. Transition profiles, ir-
respective of the diameter of the holes studied, were iden-
tical and are shown in fig. 1c). The perturbation due to
the transition from one terrace to the next ranges approx-
imately 0.5µm, which compares favourably with results of
previous workers [26,28,29].

3 Experimental results

The perturbation induced by an edge results in a cost to
the free energy as two edges approach one another [31].
Starting from the asymmetric distribution of the edges,
the equilibrium configuration should result in a symmet-
ric topography. In the central panel of fig. 3 the position of
each edge is shown as a function of increasing time as the
topography evolves. As expected, the last measurement
at 20 hours of annealing is symmetric, with intermedi-
ate times providing the evolution of the edges. The ring
observed contained n = 12 edges (six bilayer lamellae).
In addition to the twelve bilayer edges, there is one edge
in contact with the substrate. This edge corresponds to
the monolayer carpet of molecules which forms because
of the asymmetric wetting conditions of our experimental
system (see fig. 1b)). During the course of the expriment,
there is no observable change to this monolayer. Just as in
earlier work on droplets [31], the monolayer position does
not measurably affect the remaining lamellae in the stack.
Thus, here we focus only on the stack of lamellae on top
of the monolayer. The positions of the edges as shown in
fig. 3 are always measured with respect to the bilayer edge
furthest from the centre of the ring, i.e. x1 = 0 as shown
in fig. 1b).

Measurements of lamellar edge dynamics as shown in
fig. 3 were made for multiple rings. The rings studied had
five, six and seven bilayers, all with slightly different ini-
tial conditions. Due to the fabrication procedure, the ring
profile always has a steep side facing the substrate and a
shallower side facing the central portion of the ring, and
the initial edge configurations are always similar to that
shown schematically in fig. 1b). For all the rings studied,

Fig. 4. Three plots of edge position as a function of annealing
time for different rings. The black lines are best fits of the
model described by eqs. (2), (3) and (4) to the experimental
data.

the data is qualitatively similar to that shown in fig. 3. To
demonstrate this consistency, three additional edge tra-
jectories from distinct rings with five or six bilayers are
shown in fig. 4.

4 Model

Figure 3 demonstrates that the configuration of lamellar
edges is not static in time. Rather, there is an interplay of
forces which causes them to move toward a state of lower
free energy. To describe the evolution of these trajectories
quantitatively, we resort to a simplified classical picture.
We stress that in this tentative model we have not at-
tempted to rigorously derive a molecular level description,
as that currently eludes us. However, given the existence
of an unfavourable repulsive interaction between edges, it
is possible to elucidate the form of that interaction.

The model can be understood in its simplest terms
from the following ingredients: 1) As is clear from fig. 2,
there is little curvature of the edges in the lateral direc-
tion. Thus, the edge tension does not significantly con-
tribute to changes in the free energy. 2) We assume that
volume is conserved within the region that we are inves-
tigating. The validity of this is easily verified experimen-
tally as discussed below. 3) While the molecular details
are complex, we can think of the edges as being acted
upon by a repulsive force. The edges move, while conserv-
ing volume, so as to minimise the total interaction. 4) The
system is highly dissipative because of the viscous environ-
ment. While complex molecular mechanisms are at play,
we model the dissipation in the simplest possible way: the
velocity with which the edges move is proportional to the
force acting upon them.

Before the details of the model are developed further,
we provide a few more comments about the link between
the simple classical model, and the real molecular sys-
tem. Clearly, it is not the case that the edges represent
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a rigid interface upon which a force acts, akin to pistons
responding to a force in a viscous fluid. The molecules
within each lamella exchange with neighbouring lamellae
in response to a pressure or difference in potential. This
exchange conserves volume, is dissipative, acts to mini-
mize the free energy of the entire system, and should be
taken as analogous to the simpler mechanical model we
discuss here. It is the hope that a future detailed theoret-
ical model, including the cost of the defects, can provide
a more rigorous treatment.

In the simple classical picture, the energy of two adja-
cent lamellar edges is a function of the distance between
them. For a given lamellar stack, as shown schematically
in fig. 1, the total free energy is the sum of contributions
from all pairs of edges,

F({xi}) = Fo

n−1∑

i=1

g(wi), (1)

where wi = xi+1 − xi is the distance between edges, Fo

is a constant which sets the energy scale and n is the
number of lamellar edges in the stack of n/2 bilayers. g(w)
is the function that describes how the free energy of two
lamellar edges changes when they approach one another;
only nearest neighbour edge interactions are taken into
account. In principle the interaction between the edges
that represent the top layer might have an interaction that
differs from g(w). For simplicity we have assumed this
interaction to be of the same form.

The dissipation is included with an energy term of the
form Ẇi = −ζẋ2

i /2 [37], where ζ is a constant and the
dot denotes differentiation with respect to time. As stated
above, we limit ourselves to systems where the volume is
conserved. In fact, material flows tangentially along the
rings, changing the volume within the cross-section of the
ring studied. A clear example of significant tangential flow
is shown in fig. 5. However the flow on this larger length
scale occurs on a longer time scale than that for which we
apply the model. Conservation of volume is equivalent to
stating that the sum of the lamellar widths is constant.

That is, L =
∑n/2

i=1(xn−i+1 − xi) remains constant. Mul-
tiplying L by Ho gives the area of the stack, and so LHo

can be seen as the differential volume element of the ring.
Strictly speaking, the edge perturbs the thickness of the
lamellae near the edge (see fig. 1c)) which accounts for the
flow around the circumference of the ring which breaks up
into individual droplets (fig. 5). The morphology is remi-
niscent of the Plateau-Rayleigh instability observed in our
previous work on homopolymer rings [33], although the
mechanism for the development of the morphology in the
symmetric diblock case is much more complex. Barnard
and co-workers have observed similar layered structures
prepared with dendrimers [35,36].

The system under consideration is highly viscous and
we assume that inertial effects play a negligible role in the
evolution of the lamellar stacks. With this assumption and
using eq. (1) along with the constant volume constraint,
the Euler-Lagrange equations predict the classical trajec-

Fig. 5. AFM tapping amplitude (top) and topography (bot-
tom) signal of a diblock ring in the late stages of annealing. A
Plateau-Rayleigh-like instability has developed and the ring is
showing the formation of four distinct droplets. The scan area
is approximately 54× 54µm2.

tories of lamellar edges:

Qẋi

w2
o

= g′(wi−1)− g′(wi)± τ, (2)

τ =
1

n− 2

[
g′(w1) + g′(wn−1)− 2g′(wn/2)

]
. (3)

Here, Q = w2
oζ/Fo is the time scale of the system, wo

sets the range of the interaction. Furthermore, τ is the
Lagrange multiplier introduced by the constraint of con-
stant volume. The first two terms result from the condition
ẋ1 = ẋn = 0 which we impose based on our experimental
data. The Lagrange multiplier represents the difference in
net forces acting on the left- and right-hand sides of the
lamellar stack.

To compare the model to experimental data, we need
to choose the potential, g(wi), in eq. (1). As demonstrated
in [31] and [32], the approach of two lamellar edges forces
chains to deviate from their preferred lamellar structures
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and must cause a rise in the free energy. The potential,
g(wi), describes that interaction. We assume that the po-
tential is a monotonically decreasing function of the dis-
tance between the lamellae. In [31], an exponential form
was assumed for analytical convenience, however that ex-
periment was sensitive to the strength but not the form of
the interaction. We have found that an exponential form
does not describe the evolution of the edges acceptably.
Here we propose a simple potential that gives rise to a
distance-dependent repulsion: a truncated quadratic po-
tential of the form

g(wi) =

⎧
⎨
⎩

(
1− |wi|

wo

)2

, if |wi| ≤ wo,

0, otherwise.
(4)

This functional form is appealing as it is a purely repulsive
Hookean potential which smoothly drops to zero when the
distance between edges increases to |wi| = wo (as depicted
by the bead-and-spring schematic in fig. 3). With an initial
condition supplied to eq. (2), it is possible to compute edge
trajectories using the potential described in eq. (4). The
trajectories were computed for various values of wo and
Q, using a fourth-order Runge-Kutta algorithm.

5 Discussion

As seen in figs. 3 and 4, the model provides a good fit to
the experimental data with wo = 0.49± 0.02 µm and Q =
0.5± 0.2 hr. We note that the fits are strongly dependent
on the length scale, but less sensitive to the time scale. The
uncertainties reflect the statistical distribution of the best
fitting parameters of our nine measured edge trajectories
(four of which are shown in figs. 3 and 4). In selecting
rings to analyze, we have discarded any data that do not
satisfy the constant volume constraint described in sect. 4.
Thus, whenever the net circumferential flux of molecules
at the point of measurements becomes non-zero, we cease
consideration of the data set. For this reason the time
scales in fig. 4 are not all the same.

Having demonstrated that the model is consistent with
the data, we now discuss some implications and limita-
tions of the analysis and experiment. The results presented
provide further credence to the idea that the edges of di-
block copolymer terraces repel one another. Furthermore,
the data is sensitive to the chosen potential. While we have
tried to model the data using an exponential potential (as
in [31]) it was not possible to obtain acceptable fits for all
data sets. Additionally, even only considering data sets for
which acceptable fits were possible using the exponential
potential, the fit parameters were not consistent with one
another. In contrast, the Hookean form of the repulsion
provided satisfactory fits to multiple rings with a range
of initial conditions while the two fitting parameters were
consistent for each case.

As discussed, the quadratic potential does not capture
the complete picture: 1) While the Hookean model is ap-
pealing for its simplicity and consistent with experimental

results, we cannot exclude the possibility of other forms
of the interaction which may also provide satisfactory re-
sults. 2) We have not considered molecular level details,
but have instead attempted to give a minimal description
which captures the essence of the problem. The potential
described by eq. (4) is purely repulsive for edge separa-
tions less than wo. One can compare the value of wo as
determined from best fits of the dynamical edge trajecto-
ries, wo ∼ 0.5 µm, to the profile width of isolated edges
as shown in fig. 1c). From the figure it is clear that the
lengthscale over which the presence of an isolated edge
relaxes away is similar to wo. Clearly a repulsive interac-
tion cannot exist until these perturbed regions between
two edges overlap. To put it another way, it is the profile
width of isolated edges in equilibrium that controls the
dynamic response of interacting lamellar edges. This com-
parison gives a consistency which provides further support
for the proposed model.

The time scale is set by the parameter Q = w2
oζ/Fo.

Thus, having obtained the best fit values for the distance
and time scales, we can determine the ratio of the driv-
ing force and the dissipation. That is, Fo/ζ = w2

o/Q ≈
10−12 cm2/s. While dimensionally like a diffusion con-
stant, the process we have investigated in this study is
driven, so care must be taken in direct comparisons to
diffusion of diblocks. The dynamics of diblock copolymers
have been discussed by many authors in the past and dif-
fusion coefficients for a variety of diblock copolymers span
a broad range of values including 10−12 cm2/s [38–40].

6 Conclusion

Understanding topological defects, and the interplay be-
tween them, underpins the control of morphologies. Here
we have used the simplest form of soft confinement, that
is, the confinement induced by a free interface, to inves-
tigate the interaction between steps in lamellae formed
by a symmetric diblock copolymer. The underlying bi-
layer structure responds to a continuously varying topog-
raphy by forming terraces— steps which correspond to the
height of one bilayer. If the variation in the height is steep
enough, then the terrace edges form close to one another,
and the edge defects interact via a long-range repulsion.
While the molecular details remain elusive, the source of
the repulsion is intuitive: an edge is a defect which per-
turbs the surface profile with an associated cost to the
surface energy. As two isolated edges approach, the per-
turbation deviates further, thereby deforming the equilib-
rium edge structure and increasing the free energy. We
have performed measurements of the dynamics of inter-
acting edges in structures with an asymmetric topography
which, for all practical purposes, varies only in one dimen-
sion. These structures are nanoscale rims that form on a
substrate much like the rim left by a coffee stain [33–36].
The asymmetric shape of the rim’s cross-section, steep
towards the outside of the ring and shallow towards the
middle, ensures that the steps associated with the terraces
have various distances between them. However, when only
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the repulsive interaction of the edges is present the equi-
librium morphology must be symmetric. By monitoring
the evolution towards that symmetric structure one can
elucidate the nature of the repulsive interaction using a
simple classical model: in a dissipative system, the rate of
change in the position of an edge is proportional to the
force acting upon it, which in turn is dependent on the
gradient of the repulsive potential. Here we have found
that a Hookean repulsion between the edges is in good
agreement with the data. While we cannot exclude the ex-
istence of other equally successful repulsive interactions,
the best fit parameters provide additional evidence for a
Hookean form. Specifically, the width over which the inter-
action acts is of the same length scale as the equilibrium
perturbation of an interface by an isolated lamellar edge.

The authors thank Professor A.-C. Shi for valuable discussions.
Financial support from NSERC of Canada is gratefully ac-
knowledged.
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Entanglements in a polymer network are like knots between the polymer chains, and they are at the root of
many phenomena observed in polymer systems. When a polymer glass is strained, cracklike deformations
called crazes may be formed and the study of these regions can reveal much about the nature of entanglements.
We have studied crazes in systems that are blends of long polymer chains diluted with chains of various small
molecular weights. The range of diluting chain lengths is such that a fraction of them have conformations
leading to entanglements. It has been found that a system with more short chains added acts like one in which
the entanglement density is smaller than that in an undiluted system. We propose a model that quantitatively
predicts the density of effective entanglements of a polydisperse system of polymer chains which is consistent
with our experimental data.
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I. INTRODUCTION

Much of what makes polymer systems distinct from other
forms of condensed matter can be traced to the fact that they
are composed of long, chainlike molecules whose backbones
cannot pass through one another �1�. In a melt of long poly-
mers, thermal fluctuations cause chain conformations to be
such that a given chain entangles with other chains in the
space that it explores. As a result of these interactions, the
mobility of the molecule is severely reduced as compared to
smaller molecules. Entanglements restrict the chain’s motion
perpendicular to its contour length and are affected by sev-
eral parameters including the volume occupied by the chain
and the pervaded volume—the volume explored by the chain
�1–4�.

In equilibrium, polymer chains in the melt state are con-
sidered ideal, that is, they take on conformations correspond-
ing to random walks �1�. While the volume taken up by a
chain scales simply as the molecular weight, Vc�M, the ac-
tual volume explored by the chain through its random path is
typically much larger. The pervaded volume of a polymer
chain, Vp, can be defined by a sphere whose radius is given
by the radius of gyration, R �the root-mean-square distance
of all monomers from the center of mass of the chain�. For
random walks R�M1/2 �1�. Since the pervaded volume in-
creases with the molecular weight as Vp�R3�M3/2, the ratio
Vc /Vp is decreasing with M: on average a longer chain in-
teracts with more other chains. As we will see, because the
pervaded volume of a chain is, on average, occupied by more
other chains as M increases, it is more likely for higher mo-
lecular weight chains to be entangled. Simply put, the more
chains a given polymer chain interacts with the more likely it
is to be entangled.

Of fundamental importance in polymer systems are the
questions of whether chains are entangled and the nature of
the spacing between entanglements. Rheological and glassy
state properties of polymers depend crucially on the answers
to these questions �5–7� and underpin polymer theory

�1,8–10�. The former of these questions receives significant
attention in the polymer literature �1,5,11–14�. There is
growing consensus in theoretical, computational, and experi-
mental studies that in a monodisperse system of sufficiently
long chains the average molecular weight of a segment be-
tween entanglements, Me, is constant �9,11–13�. In blends of
two or more weight fractions of the same polymer species,
however, the case is not so clear. Even when the molecular
weights of blend components are quite long compared to Me,
it is possible to describe Me as having been dilated. Recent
theoretical and experimental treatments have demonstrated
this dilation �10,14� for blends of a long component with
either a short or another long component �here “long” or
“short” is always in comparison to Me�.

The question of whether a chain is entangled has received
considerably less attention. Kavassalis and Noolandi have
addressed this question and propose a model which predicts
an abrupt transition from zero to finite probability of en-
tanglement as M passes through some critical molecular
weight �15�. Here we present a model that also has a low-M
region for which the probability of entangling with other
molecules is zero, while the transition to finite values is con-
tinuous. Our model is compared to measurements of the den-
sity of effective entanglements in blends of long- and short-
chain polymers shown schematically in Fig. 1�a�. The model
can be applied to systems with any number of molecular
weight components, so we have prepared ternary systems to
test the model beyond binary systems. Previous works have
focused on blends of long chains with the second component
either much shorter than �14,16,17� or significantly longer
than Me �10,14�. In contrast with these studies our work
focuses on the transition through Me where one cannot as-
sume that the short chains do not entangle. The questions we
seek to answer are, �1� what is the effect of swelling the
entanglements that connect a polymer network; and, �2� how
does the length of a polymer chain relate to the probability
that it will be entangled with other chains?

When a polymer glass is strained, microscopic cracklike
deformations called crazes may be formed �18–20�. Crazes
are composed of a load bearing, interconnected fibrillar
structure bridging a gap between undeformed material, and
they exist because polymers are entangled �18,19�. Previous*dalnoki@mcmaster.ca
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studies have focused on understanding the microscopic pro-
cesses that govern the nucleation, growth, and failure of
crazes as the strain increases �18–25�. Drawing on these
seminal studies, recent work used atomic force microscopy
�AFM� of crazes to probe the configurations of polymers in
confinement �26�. It is the aim of this work to continue the
use of crazing experiments to understand properties of mo-
lecular entanglement in equilibrium. We stress from the out-
set that the work presented here is done on glassy systems
which is in contrast to many dynamic studies of entangle-
ments �e.g., rheology, neutron spin echo�. However, since the
structure of a glass is inherited from that of the melt, en-
tanglement properties can be elucidated through the use of
crazing �18–25�. In this work, we find that there is a range of
molecular weights for which the entanglement density can be
interpreted as having been reduced from that of long chains.
The reduction in the entanglement density is even apparent
for chains with molecular weights well above Me.

In the thin films we study here, crazes are characterized
by the ratio of the deformation-induced neck height to the
height of the undeformed film, hc /h. A schematic of a craze
region is shown in Fig. 1�b�, while an AFM topography im-
age of a craze is seen in Fig. 2. The connection between the
essentially macroscopic quantity hc /h and the microscopic
Me was made some time ago in experiments by Donald and
Kramer �18,21,22�; simulations by Rottler and Robbins have
further verified the connection �20�. The average distance
between entanglements prior to crazing is d�Me

1/2 since
polymers in the melt are random walks. After crazing, the
random network of entanglements is expanded in the strain
direction. It was shown by Kramer and co-workers that after
straining le�Me �18,21,22�. Rottler and Robbins determined
the proportionality constant in this relationship using simu-
lations �20�. The lengths d and le are shown schematically in
Fig. 1�b� for the specific case of an entanglement strand
aligned along the strain direction �in a random network all
orientations are equally probable�. Since the deformation of
the chains is reflected in the macroscopic deformation of the
thin film, it is easy to show that hc /h�d / le�1 /Me

1/2.
A system of very long polymer chains whose molecular

weights M��Me will have a density of entanglements, �
�1 /Me, which is large compared to a system of chains
whose molecular weights are small. Just as a string must be

long enough to tie a knot, if the molecular weight of the short
chains is too small, then there can be no entanglements.
However, because of the random configurations of polymer
chains in the melt, an intermediate case also exists, where
some short chains are entangled and others are not. Here we
consider a blended system of very long chains to which one
adds some mass fraction, �, of short chains, see Fig. 1�a�.
The blending approach allows us to elucidate the importance
of the entanglement behavior of the shorter chains where this
would be much more difficult in monodisperse systems �for
example, in the work by Kramer and co-workers �27� it was
found that stable crazes could not be observed in monodis-
perse 37 and 50 kg/mol systems�. In a blended system we
can say that the entanglements of the large M system have
been swelled or diluted by the small M chains �14,16,17�. We
define a density of effective entanglements, �ef f �1 /Mef f, de-
pendent on the blend concentration, �, that will be interme-
diate to that of the long- and short-chain systems, 0
��ef f�����. Since hc /h�1 /Mef f

1/2, we have

�hc

h
�2

� �ef f . �1�

II. EXPERIMENT

Samples were prepared by blending long and short chains
of polystyrene �PS� with various mass fractions of the short
component, �, in toluene �all PS obtained from Polymer
Source Inc.�. The number averaged molecular weight of the
long chains was M�=734 kg /mol, and that of the short
chains was Ms=4.8 or 18.4 kg/mol. Ternary systems were
prepared in which the mass fraction of long chains with
M�=734 kg /mol is always 0.50. A mass fraction �, of
Ms

�1�=18.4 kg /mol chains was added while Ms
�2�

=64.0 kg /mol chains made up the rest of the system. The
polydispersity index for all PS was �1.07. Films approxi-
mately 110 nm thick were spincast from solution onto freshly
cleaved mica substrates and annealed for 12 h at 120 °C to
remove residual stress and solvent. Films were floated onto

FIG. 2. An atomic force microscope image of a crazed sample
showing the substrate, regions of the sample that have been de-
formed by crazing, and undeformed regions. The plot is a line pro-
file corresponding to the white line.

FIG. 1. �a� The entanglements that exist on the vertically ori-
ented chain are rendered ineffective when replaced by short seg-
ments. �b� Schematic of the crazed and uncrazed system before and
after straining, overlaid with a representation �not to scale� of one
polymer molecule, aligned along the strain direction, before and
after straining.
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the surface of a clean water bath �Milli Q� and picked up
across a 1.5 mm gap between two aluminum blocks with
sharp edges and allowed to dry. One of the blocks was fas-
tened to a single-axis translation stage �Newport MFA-CC,
SMC100CC�, and slowly pulled apart at room temperature
until crazes were formed. A constant strain rate of �̇=2
	10−4 s−1 was used and samples were strained to about
�=0.1.

Berger and Kramer �28� have performed crazing experi-
ments at temperatures approaching the glass transition. In
these experiments, they observe that an enhanced mobility as
the temperature is increased and Tg is approached affects the
crazing measurements. These same studies found that deep
in the glassy state �approximately 40 K below Tg� the results
were independent of temperature. Since the measurements
reported here were carried out approximately 80 K below Tg,
they are a robust probe of the entangled network in the melt
state.

The strained PS samples were transferred to a Si substrate
by placing them onto the Si surface and letting surface forces
pull the film into contact with the substrate �26�. A scratch
was made along the sample exposing the substrate, and the
heights hc and h were measured using AFM in tapping mode
�Veeco-Digital Instruments Multimode�, an example is
shown in Fig. 2. In the image one can see the substrate, the
craze, and the unstrained film simultaneously. As suggested
by Eq. �1�, we plot �hc /h�2 as a function of � in Fig. 3 �31�.

III. RESULTS AND DISCUSSION

Examining the data of Fig. 3�a�, we see that as the mass
fraction of short chains increases, a decrease in �ef f results.
Furthermore, the smaller molecular weight diluent shows
stronger attenuation of �ef f. These results can be interpreted

as follows: a crazed polymer system whose constituents are a
blend, with M��Me and other chains with Ms in the vicinity
of Me, acts like a system whose entanglement density is less
than the long chain � of the polymer.

To understand how adding short chains to the network
affects �ef f we first suggest how to find the probability that
an individual chain with molecular weight M is effectively
entangled, and then generalize to the case of a blend. The
model is an extension of the chain packing ideas presented
by Fetters et al. �2,3�: for a given chain to participate in the
entanglement network, it must share its pervaded volume
with a sufficient number of other chains. The average frac-
tion of interactions a specific chain has with other chains is
the same as the average amount of space in the pervaded
volume that is available to other chains:

a�M� = �1 −
Vc

Vp
� . �2�

Since Vc�M and Vp�R3�M3/2 on average, we find

a�M� = 1 −	


M
, �3�

where 
 is a constant that is proportional to Me.
A more rigorous derivation of Eq. �3� can be obtained by

averaging over all possible conformations of an ideal chain.
Since Vc=M /�n, where �n is the polymer’s molar mass den-
sity, all that remains to evaluate Eq. �2� is to obtain 
1 /Vp�
� 
1 /R3� as a function of M. For an ensemble of random
walks with a given number of steps �or molecular weight,
M�, Rudnick and Gaspari �30� have calculated an approxi-
mate probability distribution of their radii of gyration. They
obtain

P�R,M� � � R2

�M
�1/2

exp�−
3

2

R2

�M
� , �4�

where the proportionality constant is chosen such that 
R2�
=�M. Using this probability distribution, we can calculate

1 /R3� and thus find that 
Vc /Vp�� ��n

2�3M�−1/2. Having cal-
culated the second term in Eq. �2�, we obtain Eq. �3�, with

�1 /�n

2�3 a polymer specific constant that is proportional
to Me. The proportionality between 
 and Me is demon-
strated in Refs. �2,3� where Fetters and co-workers argue that
the onset of entanglement occurs when the molecular weight
of a chain in the melt is large enough such that Vc /Vp is
sufficiently small. These authors use the relations Vc=M /�n
and Vp� ��M�3/2 to obtain the result stated above: Me
�1 /�n

2�3�
.
As in the work by Si et al. �26�, we assume that the total

number of entanglements is given by the sum of the inter-
chain and self-entanglements in a system; a is the fraction of
interchain entanglements. Clearly a negative value of a is
unphysical and a=0 for M �
. The interpretation of the cut-
off, M =
, is physically intuitive: a chain must have some

FIG. 3. �a� A plot of �hc /h�2 as a function of � for the two
binary systems with M�=734 kg /mol and Ms=4.8 kg /mol ��� or
Ms=18.4 kg /mol ���. �b� A plot of �hc /h�2 as a function of � for
the ternary system with Ml=734 kg /mol, Ms

�1�=18.4 kg /mol, and
Ms

�2�=64.0 kg /mol. The solid lines in �a� and �b� are best fits of the
model obtained with 
=5.8 kg /mol. �c� The functions a�M� and
a�M�2 as given by Eq. �3� with 
=5.8 kg /mol for 0�M
�150 kg /mol.
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minimum length, 
, before it can entangle. Since there is a
distribution of entanglement lengths, with Me being the av-
erage, 
 must be less than and on the order of Me.

To determine the degree to which a network of polymer
chains with molecular weights M is entangled, we consider
that an entanglement is the result of an interaction between
two chains. In order for an entanglement to contribute to the
network integrity, both chains must be entangled. Above we
have calculated a�M� which is the probability of having an
interchain entanglement. As is implicit in the chain packing
models �2,3� and discussed in the work of Si et al. �26�, we
also assume that the effective entanglements, those that con-
tribute to the network integrity, are with other chains. Since
the probability of having an interchain entanglement is a�M�,
the probability that the interaction between two chains con-
tributes to the network is a2. Hence, the density of effective
entanglements in a network is given by �ef f =�a2, where � is
the entanglement density of a system composed of infinitely
long chains �a=1�.

The previous analysis is easily extended to polydisperse
systems. The bimodal blend is made up of long and short
chains with molecular weights M� and Ms. There are three
distinct entanglements between the chains: those between
like chains �M�-M� and Ms-Ms� as well as those between
unlike chains �M�-Ms�. The probability that any one en-
tanglement in a system involves a short or long chain is
given by the mass fraction of that type of chain in the sys-
tem, � or 1−�, respectively. The probability that a short
chain in a binary system is effectively entangled is then the
product as�, where as=a�Ms� is given by Eq. �3�. Further-
more, the probability that an entanglement between two short
chains is effective is as

2�2. If we take into account the other
two types of interactions, we can write down an expression
for the effective entanglement density of the system as the
sum of contributions from distinct types of entanglements:
�ef f =��as

2�2+2asa���1−��+a�
2�1−��2� �32�. This analysis

is not limited to binary systems, since one only needs to
account for all possible types of interactions between chains
in a polymer blend to model the expected entanglement be-
havior. Taking all interactions into account one obtains

�ef f = ��

i=1

k

ai�i�2

, �5�

where ai is given by Eq. �3�, �i is the volume fraction of the
Mi molecular weight component, and k is the number of
components in the blend.

The data in Fig. 3�a� were fit using Eqs. �1�, �3�, and �5�,
with the only free parameters being 
 and a prefactor �taking
the place of � in Eq. �5��. The best fit was obtained with 

=5.8
0.8 kg /mol. Given this value of 
, we show a plot of
a�M� and a�M�2 for PS in Fig. 3�c�. Using the parameters
obtained for the two binary systems, one can easily extend to
the ternary blends shown in Fig. 3�b�. The fit of the model
with only two free parameters for three distinct blend sys-
tems �two binary systems and a ternary system� is excellent.
Furthermore the value obtained for 
 is less than and on the
order of Me for PS as expected �Me�13.5 kg /mol �3��. In-
deed we find that 
�Me /2.

The boundary set by 
=5.8 kg /mol indicates that as=0
for chains with Ms�
. Indeed, for Ms=4.8 kg /mol, the
smallest value of Ms used in this study, as=0 is a good de-
scription of the data for the binary blend. Blends of PS
chains where the short chains are much less than Me have
been studied in similar experiments by Kramer and co-
workers �16�. The molecular weight of the diluting chains
used in their study was approximately 2 kg/mol which cor-
responds to as=0. Our simple model, with as set to 0 in Eq.
�5�, results in �ef f � �1−��2 which gives a satisfying descrip-
tion of the data obtained in �16�.

In the blending experiments presented we have been able
to probe not only the case where the small chain diluent can
be assumed to be entirely nonentangling �i.e., a=0�, but also
the intermediate case where 0�a�1. Because the binary
blends with the short-chain diluent Ms=18.4 kg /mol show a
change in the effective entanglement density that is not
equivalent to that of Ms=4.8 kg /mol, we must conclude that
a�0 �see Fig. 3�a��. The data with Ms=18.4 kg /mol indi-
cate that there is some range of molecular weights for which
0�a�1. Hence, there is a range of molecular weights for
which 0��ef f ��; this is in contrast to the often assumed
idea that polymers are unentangled below Me and entangled
above Me. Since the 18.4 kg/mol chains have M which is
similar to Me, it may be remarked that this result is not
surprising. However, the ternary data shown in Fig. 3�b� pro-
vides us with strong evidence that even for a blend with
molecular weights considerably above Me the network is di-
luted. In particular for the case of the ternary blend with �
=0, the high molecular weight is diluted with only 64.0 kg/
mol chains and �ef f is reduced from that of a pure high mo-
lecular weight system. To reiterate, even though Ms
=64 kg /mol chains are well above Me, we must conclude
that some of these chains are diluting the entanglements of
the very high molecular weight network. The degree to
which a specific molecular weight will contribute to the en-
tanglement network is given by a�M� in Fig. 3�c�.

IV. CONCLUSIONS

Polystyrene blends have been prepared and their thin
films have been crazed and measured using AFM. We ob-
serve that systems with lower overall molecular weight show
crazing behavior consistent with a system that has a lower
entanglement density. As in the chain packing models �2,3�
and the work of Si et al. �26�, a model that assumes the
effective entanglements are those with other chains in the
system is proposed. We assume that the fraction of space in a
chain’s pervaded volume occupied by other chains in the
system is equal to the probability of interchain entangle-
ments. The density of effective entanglements that are pre-
dicted by this model are quantitatively consistent with our
measurements for two binary blend systems and a ternary
blend with only two fitting parameters. Furthermore, the
model is easily extended to the broad molecular weight dis-
tributions found in many industrial polymers. The parameter

 is physically significant and represents the length a chain
must have before it is even possible to entangle. This cutoff
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1982chain length is found to be approximately one half of
the entanglement molecular weight. Our model predicts a
continuous change in the entanglement density as a function
of molecular weight. The polymer melt is not unentangled
below Me and entangled above Me, as is often assumed.
Rather, we find that low molecular weight chains �M �
�
have zero probability to be found in the entangled state, but
for

M �
 the probability rises continuously from zero and as-
ymptotes to unity for infinitely long chains.
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Abstract. It is known that polymer films, prepared by spin coating, inherit non-equilibrium configurations
which can affect macroscopic film properties. Here we present the results of crazing experiments that
support this claim; our measurements indicate that the as-cast chain configurations are strongly stretched
as compared to equilibrium Gaussian configurations. The results of our experiments also demonstrate that
the entanglement network equilibrates on a time scale comparable to one reptation time. Having established
that films can be prepared with an equilibrium entanglement network, we proceed by confining polymers
to films in which the thickness is comparable to the molecular size. By stacking two such films, a bilayer is
created with a buried entropic interface. Such an interface has no enthalpic cost, only an entropic penalty
associated with the restricted configurations of molecules that cannot cross the mid-plane of the bilayer.
In the melt, the entropic interface heals as chains from the two layers mix and entangle with one another;
crazing measurements allow us to probe the dynamics of two films becoming one. Healing of the entropic
interface is found to take less than one bulk reptation time.

1 Introduction

The dynamics of a sufficiently long polymer chain in a
melt of like chains will be restricted by topological con-
straints called entanglements. To a good approximation,
each chain in the melt has the configuration of a random
walk. Such chains have an ‘end-to-end’ distance – the dis-
tance between the ends of the molecule – that scales as the
square root of the number of monomers that make up the
chain: Ree ∝ N1/2. While random walks are not space fill-
ing, polymer melts are [1,2]. The result of this dichotomy
is that each melt chain shares its pervaded volume and
interacts with many other chains. A fraction of these in-
teractions are entanglements. Though the precise nature
of what constitutes an ‘entanglement’ is still unknown, the
chains suffer a restricted mobility as a result of these in-
teractions. The collective effect of the entanglements is to
create a ‘tube’ in which the molecule is confined [1,2]. The
chain’s motion, termed ‘reptation’, is restricted predomi-
nantly to directions along the tube. It is well known that
these entanglement constraints are largely responsible for
many phenomena in polymer physics, such as: high melt
viscosity [3,2] and viscoelasticity [4–6]; enhanced adhe-
sion [7,8]; glassy failure mechanisms [9–11]; pronounced
confinement effects [12,13]; and alterated hydrodynamic
boundary conditions [14,15].

Since the entanglement network of a polymer melt
greatly influences many properties, it is important to make
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the distinction between equilibrium and non-equilibrium
melts. If the chain statistics in a melt are not at equi-
librium, then the entanglement network will also be out
of equilibrium. As such, measurements of the properties
listed above are typically affected. There has been sig-
nificant interest in non-equilibrium network effects: sev-
eral studies have investigated the effects of preparation
and annealing treatments on the viscosity [16,17], capil-
lary wave spectra [18], thermal expansion [19] and residual
stress [20–26] in polymer films. In these studies, the non-
equilibrium structure is inherited from the film casting
process. During the preparation of films by casting from
solution, polymer chains vitrify at non-zero solvent con-
tent. The presence of solvent results in chains that are
swollen in comparison to melt conformations. Since the
solvent is volatile, most of it leaves the system and the
chains are forced into configurations that are not typi-
cal of the equilibrium melt. Since the lateral extent of
a film does not change, the structure must compress in
the direction normal to the film as solvent leaves – an-
nealing above the glass transition temperature, Tg, allows
these perturbed networks a chance to evolve towards equi-
librium. A schematic of the typical experiment, showing
a chain with a ‘non-equilibrium configuration’ being an-
nealed towards an ‘equilibrium configuration’ is seen in
Fig. 1(a).

The interface of a film also perturbs chain conforma-
tions, which results in another method of preparing non-
equilibrium samples. Chains at a neutral interface, like
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Fig. 1. Schematics of the experiments presented in this work.
(a) A chain with a swollen configuration in after spin coating.
The ensemble of chains recovers equilibrium chain statistics
after some period of annealing above Tg. (b) A chain at the
‘entropic interface’ of a bilayer film prepared by stacking two
glassy films. Upon annealing above Tg, the Brownian motion
of segments allows the entropy deprived ensemble to relax to-
wards equilibrium. (c) In a crazing experiment, a glassy free
standing film with thickness h is strained and necks of ma-
terial, with thickness hc are formed. (d) Microscopically, the
segments of chains between entanglements have typical size d
before straining, and are pulled to a length of ` during the
crazing experiment.

a free air or vacuum surface, were described by Silber-
berg [27]. According to Silberberg’s reflection principle,
chains that in the absence of a boundary would cross it
are instead reflected back into the melt. These chains are
thus unable to explore some conformations resulting in a
loss of entropy. The significance of this entropy loss has
been discussed in relation to the number of inter-chain
entanglements, those between two different chains, that
exist near an interface [12]. In [12], Brown and Russell
suggest that there is a reduction in the number of inter-
chain entanglements near an interface; corresponding mea-
surements support this idea [13,15,28]. In these studies,
a distinction is made between inter-chain entanglements
and those that occur between two segments far apart on
the same chain. In light of the chain packing models [29,
30] which define entanglements through the interactions
of a test chain with other chains, in [13] it was proposed
that inter-chain entanglements and intra-chain entangle-
ments do not contribute equally to the integrity of the net-
work. The topological difference between inter- and intra-
chain entanglements was suggested to be responsible for
the observed thickness dependence of crazing experiments
on thin glassy films [13].

While it is possible for polymer chains in a film to be in
equilibrium with a reflective boundary, it is also possible
to destroy that equilibrium by stacking two such films.

This bilayer film results in a sample with what we will
refer to as an ‘entropic interface’ – an interface that has
an entropic cost associated with the restricted configu-
rations of the molecules that do not cross the mid-plane
of the bilayer. As chain segments undergo Brownian mo-
tion when annealed above Tg, entropy is recovered as the
chains explore a larger pervaded volume. This experiment
is schematically depicted in Fig. 1(b).

The literature on chains crossing such entropic inter-
faces is vast. In particular, early experiments by Klein [31]
and others [32–34] were some of the first to put on firm
footing the reptation arguments [1,2,35] that have been
crucial to understanding the physics of long chain polymer
melts. In other experiments, the fracture energy is mea-
sured as a function of annealing time between the inter-
faces [36]. Reptation arguments have been employed to un-
derstand these results [37,7,38] and simulations are used
to investigate these problems [39]. Up to now however, di-
rect measurements of the entanglement density across an
atomically smooth entropic interface have not been made,
in part because we have few experimental probes to quan-
tify this property.

As mentioned above, entangled polymeric materials
can fail in a way that is distinct from many other modes
of glassy failure. The difference arises from the glass being
composed of an entangled polymer network. This failure
mode, called crazing [9,10,40,41], is like the ductile failure
that occurs in metals in that a drawing stress can produce
‘necks’ of deformed material. However, the crazing process
is quite different on a molecular level, as the drawn mate-
rial has a fibrillar structure in which the polymer chains
have configurations that are strongly non-Gaussian. The
fibrillar material in a craze is characterized by an exten-
sion ratio, λ, defined by the ratio of the craze width, to
the width of undeformed material that went into forming
the craze. If a thin film with thickness h is crazed, using
conservation of volume and assuming that the density of
the crazed film and unperturbed film are the same, it can
be shown that λ ∝ h/hc, where hc is the average thickness
of crazed material [13,42–44]. A schematic of the crazing
process in a thin film is shown in Fig. 1(c).

Donald and Kramer [45,46] proposed that for equili-
brated polymer films the extension ratio can be under-
stood by assuming that entanglements act like chemical
cross links, which remain fixed throughout the crazing
process. While a polymer glass is being crazed, the chain
segments between entanglements (entanglement strands),
with entanglement molecular weightMe, are extended such
that the distance between entanglements after crazing is
` ∝ Me. Polymer chains undergo random walks down to
length scales approaching the monomer size, thus the end-
to-end distance of the entanglement strand before craz-

ing was d ∝ M
1/2
e . Since the macroscopic response is a

result of the microscopic process, the extension ratio of
the craze is the same as that for an average entanglement
strand. Therefore, we have (hc/h)2 ∝ (d/`)2 ∝ 1/Me. By
recognizing that the density of entanglements is inversely
proportional to the mass of a chain segment between en-
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tanglements, we have the relation

(
hc

h

)2

∝ νeff, (1)

where νeff is the density of effective entanglements that
would be present in a system of equilibrated Gaussian
chains. Therefore, by making a measurement of the es-
sentially macroscopic extension ratio, we directly gain in-
formation about the microscopic entanglement network.
This model was verified by Donald and Kramer [45,46] in
experiments, was observed in molecular dynamics simula-
tions by Rottler and Robbins [40,41], and has since been
used in many other experiments [10,13,44,47].

In this work, we take advantage of the fact that mea-
suring the craze extension ratio provides information about
the entanglement network [13,44] to gain insight into the
equilibration process of two non-equilibrium polymer en-
tanglement networks. In the first case, we examine the
dependence of the measured (hc/h)2 on the casting tem-
perature and subsequent annealing time. After learning
how to equilibrate an entanglement network, insomuch as
the crazing measurement is concerned, we turn to the cre-
ation and healing of the entropic interface provided by a
bilayer film.

2 Experiment

Polystyrene (PS) with weight averaged molecular weights
Mw = 785 and 1144 kg/mol and polydispersity indices
≤ 1.07 (Polymer Source, Inc.) were used to prepare the
samples; we refer to these as PS(785k) and PS(1144k).
Polymer of a given molecular weight was dissolved into
toluene (Fisher Scientific, Optima grade) in various weight
fractions (0.5 < φ < 2.5 wt%) and spin coated onto
freshly cleaved, 30× 30 mm2 mica sheets (Ted Pella, Inc.,
Hi-Grade, V2). Spin coating was predominantly carried
out under ambient conditions; however, in order to ex-
plore the effects of temperature several films were also
prepared with the substrate attached to a temperature
controlled spin coater chuck. The chuck, an aluminum
plate in intimate contact with the substrate, ranged in
temperature from 5 ≤ T ≤ 40 ◦C. Since the thermal mass
of the mica substrate and PS/toluene solution is small
compared with that of the spin coater chuck, we assume
that the solution temperature at the onset of spin coat-
ing is close to that measured on the chuck. Because the
temperature gradients are large due to the evaporative
cooling of the solvent, the temperature controlled mea-
surements serve only to vary the ‘ambient’ conditions of
spin coating. For all monolayer experiments of the type
depicted in Fig. 1(a), samples were 105±10 nm thick and
composed of PS(785k). Note that we use the terminology
‘monolayer’ to describe a sample consisting of a single film,
rather than a molecular monolayer; we refer to two such
films stacked on top of one another as a bilayer. For the
study of spin coating effects, monolayers were annealed at
130 ± 1 ◦C > Tg ≈ 97 ◦C in a home built vacuum oven
(pressure ∼ 10−5 mbar provided by a turbo molecular
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Fig. 2. Height as a function of position from an AFM ex-
periment for a typical crazed thin film after transfer to a Si
substrate. From data sets such as these, the film height h, and
the craze height hc are easily determined.

pump), for times 0 ≤ tm ≤ 348 hr. Here and throughout,
the subscript ‘m’ refers to monolayer samples.

In order to prepare bilayer films, we first followed the
above procedure for monolayer preparation, except that
the monolayers were prepared from PS(1144k), were 50±
3 nm thick, and annealed at 150 ◦C for tm = 48 hr 1. After
annealing, a monolayer was floated onto the surface of an
ultra pure water bath (18.2 MΩ cm, Pall, Cascada LS) and
a second monolayer, still on a mica substrate, was placed
onto the floating monolayer with the polymer-side down,
thus creating a PS bilayer 2. After preparation, the bilay-
ers were annealed for periods 0.5 ≤ tb ≤ 90 hr at 130 ◦C
(subscript ‘b’ refers to bilayers) in vacuum ovens or on a
microscope hot stage (Linkam) under ambient conditions.
The temperature is always known to within 1 ◦C.

With mono- and bilayers prepared, ∼ 9 × 9 mm2 sec-
tions of the films were floated onto the surface of an ultra
clean water bath and were picked up using a set of two
polished and sharp aluminum blocks. The blocks had a
fixed gap of l = 1.5 mm between the two sharp edges.
After drying, one of the blocks was was held in place
while the other was attached to a translation stage (New-
port MFA-CC, SMC100CC). The blocks were then un-
fixed and the film was deformed with a strain rate of
∆̇l/l = 2 × 10−4 s−1 until crazes were visible under an
optical microscope, see Fig. 1(c). The samples were typ-
ically strained to ∆l/l = 0.1, which resulted in a film
with both crazed and undeformed material. Typical craze
widths were ∼ 10 µm.

1 As will become clear below, this time is sufficient to ensure
an equilibrium entanglement network within the resolution of
our experiment

2 One particular advantage of doing these experiments with
spin coated monolayers is that the surfaces have a highly uni-
form topography (rms roughness ∼ 0.3 nm as measured with
AFM), ensuring intimate contact between the interfaces. A sec-
ond advantage of this approach is the fact that we prepare an
entropic interface while ensuring that the chains at that inter-
face will not have suffered chain scission. Thus, we can assume
a monodisperse chain length distribution at the interface.



4 McGraw et al.: Relaxation of non-equilibrium entanglement networks in thin polymer films

Crazed PS films (∼ 1.5×9 mm2 ) were placed onto 10×
10 mm2 Si wafers. Surface forces pull the crazed film that
bridges the aluminum gap into contact with the wafer,
thereby transferring the delicate sample to the robust Si
surface [13,44]. Scratches were put into the film using a
scalpel blade. By measuring an appropriate spot along the
edge of a scratch, we are able to simultaneously measure
the undeformed film height, h, and the height of the craze,
hc relative to the Si substrate surface. An example of such
a measurement is shown in Fig. 2.

3 Results and discussion

This section is broken into two parts. First, we describe
the results of experiments on simple monolayer PS films as
shown in Fig. 1(a): both the state of as-cast films, and the
evolution of these films towards equilibrium will be dis-
cussed. We establish that, with extensive annealing above
Tg, films may be prepared such that they display the same
entanglement density as that of the bulk. Then, we dis-
cuss our results on bilayer films with a buried entropic
interface, as shown schematically in Fig. 1(b).

3.1 Monolayers

as-cast films

In Fig. 3(a) is shown a plot of the measured ratio (hc/h)2

as a function of the temperature of the spin coater chuck
on which films were prepared. Additionally, the inset of
Fig. 3(a) shows the data obtained at T = 20 ◦C in the
main figure. For each trial number, data is grouped ac-
cording to preparation under a given set of experimental
conditions. The data in the inset was obtained under am-
bient conditions using various initial solution concentra-
tions, while adjusting the spin speed to ensure constant
resultant thickness. Additionally, we varied the toluene
solvent content in the atmosphere during spin coating. It
is clear from the inset that there is great scatter in the
resulting (hc/h)2.

In Fig. 3(b) are shown two histograms of (hc/h)2 for
films prepared on a spin coater chuck at T = 5 and 30 ◦C;
N is the number of measurements of the type shown in
the plot of Fig. 2. Each data point in Figs. 3, 4 and 5 is
the mean value of such a distribution: in Figs. 3 and 4,
the distance from the bottom to the top of an error bar
is one standard deviation of the distribution. As such, the
reported error in these figures indicates the range of ex-
pected values one might obtain from an experimental mea-
surement of (hc/h)2.

The data of Fig. 3 indicate that (hc/h)2 of as-cast films
is sensitive to the temperature at which they are prepared.
Furthermore, at a given temperature, this quantity is non-
trivially dependent on the preparation conditions; even
under ambient conditions, the data spread is 20% of the
mean value measured at room temperature. Despite our
best efforts, we find that there is great variation in the
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Fig. 3. (a) Plot of (hc/h)2 as a function of spin coating tem-
perature. The data point in red at T = 20 ◦C is detailed in the
inset. There, data from films prepared under different ambi-
ent conditions is shown. The solid black line is a guide for the
eye. (b) Histograms for a number of measurements of the type
shown in Fig. 2. For all data in (a), error bars are standard
deviations from distributions of the type shown (b).

measured values of (hc/h)2 for films cast under ambient
conditions.

In Fig. 4, we see that the values of (hc/h)2 at tm = 0
(no annealing above Tg) are enhanced as compared to the
data at late times. As explained in detail below, chain
stretching can account for an enhanced (hc/h)2 as com-
pared to the measured equilibrium values at long times
in Fig. 4. Thus, we will now describe two mechanisms by
which chains in the as-cast state may become swollen or
stretched as compared to their melt equilibrium. We note
that while the experimental results provide a robust char-
acterization of the films, the interpretation of the as-cast
data is speculative.

The first mechanism we consider results from the fact
that chains in the presence of an athermal solvent are
swollen in comparison to the melt. The well established
crazing model, described in the introduction, tells us that
(hc/h)2 ∼ νeff is valid for equilibrated films because it
is based on the Gaussian random statistics of polymer

chains: d ∝M1/2
e . Clearly, we must take care to interpret

the measured values of (hc/h)2 plotted in Figs. 3 and 4
as simply proportional to the entanglement density. More
generally, the entanglement segments can have end-to-end
distance d ∝ Mn

e , see Fig. 1(d). While for equilibrated
polymer films, n = 1/2, here we assume n > 1/2 since
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the chain configurations are formed during the spin coat-
ing process while still swollen by solvent. After crazing,
the segments between entanglements are stretched and
we have ` ∝ Me. Following the same logic that precedes
Eq. 1, we have hc/h ∝ d/` ∝ Mn−1

e . Thus, if n > 1/2
for stretched chains, then for constant Me, the measured
value of (hc/h)2 will be larger as compared to an equili-
brated system. The enhancement is due to the fact that
swollen chains can be stretched less before having to draw
new material into a craze3.

The second mechanism which can explain an enhanced
value of (hc/h)2 for as-cast films is due to the hydrody-
namics of spin coating. During spin coating a polymer so-
lution is deposited onto a substrate at rest. From rest, the
substrate is rapidly rotated, producing considerable shear
at the substrate-solution interface. As described by Em-
slie and co-workers several decades ago [48], the height
profile of the liquid atop the substrate quickly becomes
flat and there is a radial flow that is balanced by a viscous
Poiseuille flow in the vertical direction. This flow produces
shear both in the plane of and in the direction normal to
the substrate. The shear may be large enough for polymer
chains to become oriented to the flow. At vitrification,
these flow oriented chains would become trapped in con-
figurations that are stretched in comparison to Gaussian
chains. This stretching would result in an enhanced value
of (hc/h)2.

In the studies by Steiner and co-workers [16,17], the
apparent viscosity of as-cast polymer films is measured
using an electro-hydrodynamic method. Their films, pre-
pared from PS and toluene solutions, showed a decrease
in the viscosity of the as-cast state as compared to an-
nealed films. Tsui and co-workers [18] also measure the
viscosity of PS films cast from solvents of various quality,
ranging from T . Θ, with Θ the temperature at which
chain dimensions are indistinguishable from the melt, to
T > Θ (by contrast, our films are always prepared with
T � Θ). Using a method of spectral analysis, they find
the viscosity of as-cast films to be reduced from its value
at long annealing times. Reiter and co-workers [19,22,23,
26] have used dewetting to probe the behaviour of as-cast
films. They observe that the radius of a dewetting hole is
larger for an as-cast film when compared to a hole grown
for an identical period in a film aged below Tg. All of
these results are consistent with a reduced entanglement
density in as-cast films, and this idea is often invoked to
explain these observations. If the interpretation of our re-
sults for as-cast films is to be consistent with the reduced
entanglement density claimed by others, then it must be
that the chain configurations trapped in the as-cast films
are stretched beyond that of typical Gaussian chains (ei-
ther due to swelling by solvent or hydrodynamic shearing
effects). Since we measure an enhanced (hc/h)2 in the as-
cast state, it must be that the degree of chain stretching
we observe is quite severe. A lower entanglement density

3 In [42,43], it is shown that crazes grow in width by contin-
uously drawing new material from the undeformed film and
maximally stretching this new material, before drawing in
more.
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Fig. 4. (hc/h)2 for monolayers spin cast and annealed for times
tm. Since the non-equilibrium state at tm = 0 could not be well
controlled, there are a range of values reported. We expect a
measurement at subsequent annealing times to be found any-
where within the shaded region.

with Gaussian statistics would lead to a depressed (hc/h)2;
thus, the stretching and swelling must be enough to dom-
inate this effect. Support for this idea can be found in the
systematic studies of the pre-stress in spin coated polymer
films [20–24]. In these works, the idea of molecular chain
stretching is precisely the supposed origin of the studied
pre-stress.

We now turn to the dependence of (hc/h)2 on the
temperature of the spin coating chuck. The temperature
range shown in Fig. 3 is high enough so that the PS chain
statistics in toluene can be considered as athermal; that
is, the average size of an isolated chain in solution does
not vary significantly with temperature. Therefore, with
this solvent we cannot attribute the observed temperature
dependence of (hc/h)2 to changes in the solvent quality
of the film preparation. This was claimed as the dom-
inant effect responsible for some of the rheological be-
haviour seen in previous studies [18,19,23]. During the
spin coating process, solvent continuously evaporates and
the sample vitrifies at a non-zero solvent content. At a
lower spin coating temperature, the sample vitrifies with a
higher solvent concentration than at a higher temperature.
Therefore, without considering the highly violent, non-
equilibrium process of spin coating, the chains in films pre-
pared at lower temperatures are necessarily more swollen
than their counterparts prepared at higher temperatures.
As discussed above, crazing a sample in which the chains
were trapped in pre-stretched configurations may account
for the general trend of higher (hc/h)2 observed at lower
temperatures in Fig. 3.

To summarize our results on the as-cast monolayer
films, we find that the measured value of (hc/h)2 is en-
hanced in an as-cast film as compared to a film annealed
above Tg for long times (see Fig. 4). We propose that the
enhancement is due to pre-stretching of the chains during
the spin coating process that may occur because of solvent
swelling or hydrodynamic shearing. Lastly, the tempera-
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ture at which spin coating proceeds greatly affects the
nature of entanglements in as-cast films, even for films
prepared from an athermal solvent.

temporal evolution of as-cast films towards equilibrium

Given the sensitive temperature and environmental de-
pendence of the as-cast extension ratio, the as-cast chain
configurations cannot represent those of the equilibrium
melt. As such, high temperature annealing, with T > Tg,
is expected to result in an evolution towards the equilib-
rium melt chain statistics. Following a quench to room
temperature after an annealing treatment, we would ex-
pect to observe differences in (hc/h)2. In Fig. 4 is shown
the results of experiments, using PS(785k), for which films
were annealed for various times, tm, before crazing. The
data in the inset of Fig. 3(a) is shown at tm = 0. As de-
scribed above, it can be seen that the as-cast state has a
larger (hc/h)2 than for longer annealing times. The data
plateaus on a time scale τm ≈ 80 hr. To extract this time
scale, we have performed a best fit to all the data using
an exponential function: (hc/h)2 = Am +Bme

−tm/τm . The
best fit parameters were Am = 0.035, Bm = 0.001 and
τm = 80 hr.

From the data at tm = 0 in Fig. 4, we can see that our
preparation under standard laboratory conditions yields a
spread of measured (hc/h)2. However, independent of the
preparation, thermal annealing brings all samples toward
the same equilibrium state. Within the error of our ex-
periment, all values of (hc/h)2 after tm = 100 hr are the
same. The longest relaxation time of a polymer melt is
the reptation time, τrep, which represents the typical time
taken for a molecule in the bulk to lose memory of all
previous strains [2]. For PS(785k) at 130 ◦C, the reptation
time is approximately 35 hr [49]. Thus we conclude that
the out-of-equilibrium network of the as-cast films relaxes
on a time scale (τm = 80 hr) that is on the order of one
reptation time (τrep ∼ 35 hr).

In the work by Steiner and co-workers [16,17] as well as
Tsui and co-workers [18] described above, the viscosity is
probed. In these cases, the time constants for the evolution
of the viscosity towards equilibrium is found to be between
two and five orders of magnitude longer than the bulk rep-
tation time. These measurements are in stark contrast to
the crazing results presented here. As a possible explana-
tion for the discrepancy, we note that in the measurements
of Steiner and coworkers, the film surface is perturbed by
only ∼ 5 nm – a distance that is similar to the distance be-
tween entanglement points, or tube-diameter, of PS [29].
Similarly, in the experiments of Tsui and co-workers, it is
the capillary wave spectra that are measured, and varia-
tions in the height of the samples in the sub-nanometre
regime are typical. In addition, the capillary wave mea-
surements are carried out on 14 nm thick samples, which
may already be thin enough to observe confinement ef-
fects. By contrast, in the crazing measurement the entire
film of ∼ 100 nm thickness is probed – crazing reports a
‘bulk’ film property. It is then possible that that the ori-
gin of the significant discrepancy in relaxation timescales

is the result of a subtle and interesting effect which is
particular to the interfacial regions of the polymer films
studied in [16–18].

3.2 Bilayers

In the previous section, we discussed that as-cast films are
characterized by a non-equilibrium entanglement network.
Furthermore, we established that the as-cast films can be
equilibrated on timescales comparable to the longest relax-
ation time of the polymer. We now turn to the results ob-
served in another non-equilibrium entanglement network:
bilayer films with a buried entropic interface, as shown
schematically in Fig. 1(b).

As discussed in the introduction, chains at an interface
are subject to the Silberberg reflection principle [1,12,27],
which states that chain segments that would have crossed
the interface are instead reflected back into the polymer
melt. These chains thus share their pervaded volumes with
fewer other chains, compared to chains in the bulk (see
p. 61 in [1]). The influence of the reflection principle on
the measurement of (hc/h)2 was exploited by Si and co-
workers [13]. It was found that a film whose thickness is
similar to the unperturbed coil radius has a lower (hc/h)2.
The results were interpreted as being due to a reduced
inter-chain entanglement density at an interface, similar
to ideas first proposed by Brown and Russell [12].

In our experiments, the monolayers used to prepare the
bilayers were thin enough to have (hc/h)2 values that are
markedly different from the thick film regime as measured
by Si and co-workers [13]; while the end-to-end distance of
PS(1144k) is approximately 70 nm [50], the bilayers were
made from two films with h ≈ 50 nm. These monolayers
were annealed as described in the experimental section,
with annealing times tm > 10 τrep [49]. Given the results of
Fig. 4, we assume that the resulting monolayers had chain
statistics described by the equilibrium value correspond-
ing to the confined films. We stress that the thickness
of the monolayers was chosen specifically: the monolayers
are thin enough such that they exhibit a reduced effective
entanglement density, while a film thickness correspond-
ing to twice that thickness has a bulk-like entanglement
density according to the work by Si and co-workers [13].
Thus, a bilayer film will show a reduced (hc/h)2 which
approaches the bulk value upon annealing.

In Fig. 5 are shown the results of measurements on bi-
layer films annealed for times tb at T = 130 ◦C, well above
Tg. The errors reported are the standard error of the mean
as taken from distributions similar to those in Fig. 3(b).
The data in Fig. 5 is well described by an exponential:
(hc/h)2 = Ab − Bbe

−tb/τb . The best fit to the data cor-
responds to Ab = 0.0363, Bb = 0.0051 and τb = 5.1 hr.
Given that the reptation time of PS(1144k) at 130 ◦C is
approximately equal to 120 hr, we find that the relaxation
across the entropic interface is achieved much faster than
one bulk reptation time. Since at tb = 0 there are no en-
tanglements across the interface, and after equilibration
the bulk-like entanglement density is achieved, we can in-
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Fig. 5. (hc/h)2as a function of annealing time, tb, for bilayer
samples prepared by stacking two monolayer films with thick-
ness ∼ 50 nm. The vertical dashed line indicates τrep/4. To
emphasize the data at early times and the agreement with an
exponential relaxation, the inset shows the same data as in the
main figure, except with a logarithmic time axis.

terpret the increase in (hc/h)2 as a direct measure of the
change in entanglement density across the interface.

Here we consider the scenario in which a molecule
is most severely confined by the entropic interface. This
occurs when the molecule’s centre of mass would have
been found at the location of the interface in the ab-
sence of a barrier (see Fig. 1(b)). In this case, the chain’s
average pervaded volume is exactly half of that in the
bulk. Since a molecule in this state is maximally per-
turbed, this scenario provides an upper bound on the time
it takes the bilayers to lose memory of the entropic in-
terface. Even though polymer chains are confined near a
reflecting boundary, we expect the molecules to move pre-
dominantly by reptation. This is the assumption that has
been made in models used to explain, for example the
recovery of fracture toughness of polymer-polymer inter-
faces, and more generally the diffusive processes across
these interfaces [7,36,37]. A molecule that is maximally
perturbed must relax such that its pervaded volume in-
creases by a factor of two. By analogy with molecular re-
laxation in the bulk, the molecule must diffuse by a dis-
tance of roughly Ree/2 to lose the memory of its confine-
ment. Notwithstanding the possibility that the dynam-
ics of polymer chains at an interface may be altered by
confinement [28], the diffusion equation dictates that the
time it takes for a typical bulk polymer chain to diffuse by
a distance Ree/2 corresponds to a time τrep/4. Thus, by
making a simple bulk reptation argument, and invoking
the reflection principle, we find that the maximum time
taken to lose memory of the bilayer interface is less than
τrep. In Fig. 5, we have inserted a vertical dashed line at
tb = τrep/4. The data has clearly saturated by this time.
The relaxation time that we measure, τb, is representative
of the average relaxation time for perturbed chains near
the interface, with τrep/4 being an upper bound.

3.3 Equilibria of as-cast monolayer and bilayer films

A condition for equilibrium is that a system can arrive
at the state independent of the initial condition. In the
previous two sections of this work, we have described the
preparation and evolution towards equilibrium of two non-
equilibrium states: as-cast monolayer films and bilayers
prepared with an entropic interface. In both cases, we ob-
serve that after a sufficient relaxation time (hc/h)2 reaches
a plateau. Examining the long time behaviour of Figs. 4
and 5 we see that, within error, both non-equilibrium sys-
tems reach the same plateau value having started from
different initial conditions. That (hc/h)2 is independent of
the preparation after long annealing times is a strong indi-
cation that these films are at true equilibrium. To qualify
this statement, we cannot rule out long term changes be-
yond the resolution of the crazing measurement.

4 Conclusion

We have performed a series of crazing measurements de-
signed to probe non-equilibrium states of thin polymer
films. In the first case, we examine the effect of spin coat-
ing on the resulting craze characteristic, (hc/h)2. We find
that the as-cast films display strongly non-equilibrium be-
haviour that is difficult to control even under ambient con-
ditions. The measured values of (hc/h)2 can be reconciled
with results from other researchers [16–19,22,23,26] if we
interpret the as-cast films as having trapped molecular
configurations that are stretched compared to the equilib-
rium Gaussian statistics. Thermal annealing of these films
results in an exponential approach to a plateau in (hc/h)2,
and the equilibration time is consistent with relaxation on
a time scale comparable to the polymer reptation time.

Having established that it is possible to prepare mono-
layer films with an equilibrium entanglement density, we
measured (hc/h)2 in bilayers prepared by stacking two
monolayer films. Such a bilayer film is then equivalent to
a film with the thickness of two monolayers, but differs in
that there is an entropic interface. The interface has no en-
thalpic penalty and only a diminished entropy due to fewer
available molecular configurations. The monolayers were
chosen such that they confine the long chain molecules re-
sulting in a reduced effective entanglement density, while
a film of twice the monolayer thickness exhibits a bulk-
like entanglement density. We find that the as-prepared
bilayers craze in a way that is consistent with previously
reported measurements on confined monolayers. Thermal
annealing above Tg causes the entropic interface in the
middle of the bilayer to heal, effectively converting the
bilayer into a single film. The healing of the entropic in-
terface occurs on a time scale that is shorter than one bulk
reptation time.

Financial support from NSERC of Canada is gratefully ac-
knowledged.
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Appendix B

Other Contributions

Paper 2.i

Numerical solutions of thin film equations for polymer flows

T. Salez, J.D. McGraw, S.L. Cormier, O. Bäumchen, K. Dalnoki-Veress and E.

Raphaël, European Physical Journal E, 35, 114 (2012) .

As the space limitations of Physical Review Letters prevent the inclusion of long

derivations or explanations of methods, we have made two contributions as follow-

ups to the manuscripts described in Papers 1.ii and 2.iii. The first of these is a

detailed description of the numerical method used to simulate lubrication flows in

the two geometries presented here. This numerical method derives from the algo-

rithm presented by Bertozzi [75], and was implemented by T. Salez for the specific

cases of our interest. This work allowed us to determine the capillary velocities of

all stepped films, and provided crucial information for the expression of the master

plot of Paper 1.ii. We also used the method detailed in this paper for simulations

of spherical caps on films. The implementation of this numerical technique was also

crucial for the analysis of the master plot shown at the end of Paper 2.iii. For Paper

2.i, I collected experimental data, prepared some figures and edited the manuscript

after it was prepared by T. Salez.
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Paper 2.ii

Capillary-driven flow induced by a stepped perturbation atop a viscous film

T. Salez, J.D. McGraw, O. Bäumchen, K. Dalnoki-Veress and E. Raphaël, Physics of

Fluids, 24, 102111 (2012).

In a second follow up to Paper 1.ii we considered the case where the step in the

film is only a small perturbation of the film height on the substrate. In this case, it

is possible to linearize the governing equation (Eq. 1.35) and an analytical solution is

thus possible using Fourier analysis. The resulting linear equation is similar in form

to a diffusion equation, and the methods used for solving the classical second order

equation are used extensively in this analysis. As we were motivated to undertake this

study as a result of the experimental findings in Paper 1.ii, useful relations concerning

the geometric dependence are derived. Also, we determined the analytical form for

the energy dissipation as a function of time and film geometry. Extrapolating the

ansatz proposed for the general h2 ≈ h1 geometry to the small h2 limit, and compar-

ing to the analytical expression for small h2, allowed us to formulate the master plot

in Paper 1.ii. Although it was not known to us at the time of publication, we found

in the interim period that the equations describing the stepped perturbation can be

exactly applied to a system that contains a small mobile layer in the surface layer of

an otherwise glassy polymer film.

For this paper, I collected the experimental data, prepared some of the figures,

and suggested that the stepped perturbation analysis might provide some insights

to the general problem. T. Salez wrote the first draft of this manuscript, and I was

involved in all other steps of the editing before submission.
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Paper 2.iii

Beyond Tanners Law: Crossover between Spreading Regimes of a Viscous Droplet on

an Identical Film1

S.L. Cormier, J.D. McGraw, T. Salez, E. Raphaël and K. Dalnoki-Veress, Physical

Review Letters, 109, 154501 (2012).

We also pursued the capillary levelling of ‘almost flat films’ in a cylindrically sym-

metric geometry. Here we place PS spherical caps with micrometre dimensions onto

a pre-existing PS film. In the case where the film is much smaller than the typical

height of the overlaid droplet, the evolution proceeds in close accord with the well

known Tanner’s law for droplets spreading on a smooth wettable substrate: d0 ∼ t−0.2.

Here d0 is the central height of the droplet. As we increase the height of the film, the

physics changes from dissipation dominated at the contact line to dissipation more

evenly distributed through the entirety of the droplet. The power law of the spreading

transitions smoothly from the Tanner limit to the thick film limit where d0 ∼ t−0.5.

We find that a droplet levels much faster on a thicker film.

In both of Papers 2.i and 2.iii, it is claimed that self-similarity of the profiles

according to Eq. 1.41 was verified using AFM. Since this data does not explicitly

appear in either of these manuscripts, it is presented here. In Fig. B.1 is shown

a time series of AFM profiles for a 118 kg/mol PS droplet on a PS film of 118

kg/mol. The droplet-and-film was annealed at 140 ◦C for the cumulative periods of

time indicated. Although the early time data does not satisfy the self-similarity, we

see that the scaled data asymptotically approaches the self-similar profile for later

times, shown in Fig. B.1(b).

All of the experimental data presented in this paper was collected by S. Cormier.

I was heavily involved in the experiments at the beginning of this project, and helped

with the experimental design, collaborated with S. Cormier on the interpretation of

optical data, and helped with data analysis using MATLAB. I was also involved with

preparation of the manuscript, including help with some of the figures and editing of

the initial manuscript as prepared by S. Cormier.

1The idea for the experiments presented in this work were inspired by G. Grest’s invited talk
during session J4 at the 2010 APS March Meeting in Portland, Oregon.
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Figure B.1: (a) Droplet levelling profiles for a droplet on a film with e = 590 nm.
the times are the same for those indicated in (b), where scaled versions of the same
profiles are shown. In (b), we have used the self-similar scaling suggested in Eq. 1.41,
where D0 = d0/e.
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Paper 2.iv

Step edges in thin films of lamellar-forming diblock copolymer

P. Stasiak, J.D. McGraw, K. Dalnoki-Veress and M.W. Matsen, submitted to Macro-

molecules on 12/10/12, ma-2012-02143q: 10 pages.

A thin film composed of nearly symmetric (f ≈ 0.5) diblock copolymers typically

orders with lamellae oriented parallel to the substrate; however, It is only for spe-

cial cases that the film thickness is commensurate with the lamellar spacing. In the

more general case for which the lamellar spacing is not commensurate with the film

height, the surface becomes terraced, and it is perforated with islands, holes, or a

bicontinuous structure. The regions between terrace heights impose deformations on

the preferred lamellar structure and are thus associated with an energy cost. This

paper is mainly a theoretical investigation, using self consistent field theory, of the

different structures that form as a result of a terraced topography. We find that the

structure of the defects is governed by the fraction of A blocks, f , and depends on

the relative sizes of the surface tensions between the two blocks and air, and the

interfacial tension between the blocks.

The theoretical work presented in this paper was performed by P. Stasiak. I col-

lected experimental data and was involved with editing later versions of the manuscript.
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Paper 2.v

Reduced Glass Transition Temperatures in Thin Polymer Films: Surface Effect or

Artifact?

O. Bäumchen, J.D. McGraw, J.A. Forrest and K. Dalnoki-Veress, Physical Review

Letters, 109 055701 (2012).

The glass transition in thin polymer films has attracted tremendous attention in

the nearly 20 years since Keddie, Jones and Cory [60] published their first results

on Tg depressions in thin supported films. In this Paper, we investigate the effect

of changing the number of air-polymer interfaces from two to one. The novelty of

this measurement arises from the fact that we measure Tg in the same film for both

cases. We find that a polymer film whose glass transition is reduced as measured by

ellipsometry in the free standing state, moves to a state in which its glass transition

is the bulk value after transfer to a Si substrate. By using the same film with no

additional annealing between the free-standing and supported states, we negate the

claim that Tg reductions reported elsewhere are entirely due to improper annealing.

All of the experimental data presented in this paper was collected by O. Bäumchen.

I was involved with the experimental design, wrote MATLAB analysis codes that

were used to extract the thickness and index of refraction from ellipsometry data,

and helped in the editing of later versions of the manuscript.
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